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Abstract

In recent years, the amount of data being created and processed is growing at a much faster
rate than the rate of computational storage technology development. With CMOS
technologies reaching their miniaturisation limits, new disruptive materials are needed to
increase data storage capabilities. Technological road-maps have identified room
temperature, non-volatile magnetoelectric multiferroic materials as promising candidates for
memory scaling within future memory storage devices. Although multiferroic memory
devices have the potential to revolutionise memory storage technologies, commercial devices
successfully utilising multiferroics have not yet come to fruition. The focus of this thesis is to
understand and optimise a rare example of a room temperature magnetoelectric multiferroic,
BisTixFeyMn,01g (B6TFMO; x =2.80t0 3.04; Y =1.32 to 1.52; Z=0.54 to 0.64). Aurivillius phase
materials, (Bi202)(An-1BnO3n+1), where ferroelectric perovskite units are interleaved between
dielectric [Bi20,]%* layers, are flexible scaffolds for technological applications. While earlier
studies indicated that BGTFMO is a promising material for future memory devices, my thesis
presents significant advances in the characterisation, understanding and optimisation

required towards implementing the material in fully realised devices.

In this work, correlation between the octahedral tilting and atomic-level structural
distortions with functional electronic and magnetic properties of BGTFMO were determined,
revealing that crystal field splitting of the Ti** octahedra is influenced by its position within
the Aurivillius unit cell. Theoretical calculations determined that this is predominantly driven
by changes in the extent of tetragonal distortion along the c-direction. Atomic scale mapping
of polar displacements reveals this has a direct impact on the ferroelectric properties.
Polarisation is largest towards the outer perovskite cells, correlating with an increased extent
of local tetragonal distortion of octahedral geometries. Experiments demonstrate that tilting
of the BOs octahedra competes with the extent of tetragonal distortion of the TiO¢ octahedra,
where the degree of octahedral tilting increases towards the central layers of this Aurivillius
system, where the magnetic cations preferentially partition. This work presents the first
indication that octahedral tilting might be an important enabler of long-range magnetic

interactions and subsequent multiferroic behaviour in B6TFMO.

Delving deeper into fundamental understandings of B6GTFMOQO’s antipolar and magnetic

behaviour, the purposeful inclusion of structural defects within the layered structure of
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B6TFMO and how they can impart elastic strain and electrostatic energy changes which in
turn influence polar behaviour is explored. The findings show that the vicinal sapphire
substrates (mis-cut angle 0.2 ° to 10 °) are successful for promoting the propagation of sub-
unit-cell defects and disruptions to the periodicity of the Aurivillius phases. This has a marked
effect on the film morphology and ferroelectric properties. Macroscopic and local
measurements show that defect, crystal grain and ferroelectric domain density increases with
increasing substrate mis-cut angle. Atomic resolution polarisation mapping showed that
charged domain walls alongside exotic polar vortices are facilitated by OPBs when two OPB
defects are spaced 5 nm apart. This work provides insight into methods for successfully
controlling defect levels and how polar vortex domain walls and charged domain walls are
promoted within layered multiferroics by tailoring the underlying substrate that the film is

grown on.

Moving on from vicinal sapphire surfaces, patterned sapphire with 3D domes were
used to encourage the growth of the Aurivillius grains towards an upright geometry. An
increased number of non-(00/) reflections were present in the B6TFMO films on patterned
sapphire along with evidence from STEM imaging showing that B6TFMO grains grow along
the incline of the patterned sapphire domes. With the growth of the crystal grains towards
an upright geometry it would be expected that access to the major ag-axis polarisation via out-
of-plane measurement would be improved, however with a maximum inclination angle of
60 ° achieved with the 3D dome architectures, the out-of-plane piezoresponse of the samples
remained weaker than the in-plane piezoresponse. Studies of the magnetic properties of the
films demonstrated that the B6TFMO samples were ferromagnetic at room temperature.
These findings provide further evidence of room temperature multiferroic behaviour in

B6TFMO.

Lastly, the role of bismuth excess and substrate strain were investigated to optimise
the epitaxial growth of BGTFMO via DLI-CVD. A single-step deposition method on epitaxial
substrates was developed to allow the successful synthesis of continuous 45 nm thick
B6TFMO films at thicknesses relevant to applications as piezoelectric actuators, sensors and
energy harvesters. These films nucleated via a layer-by-layer growth mode and were found
to have a strong in-plane ferroelectric response with isotropic domains. Film purity was

enhanced with utilisation of epitaxial substrate with appropriate lattice match to B6TFMO



and by optimising the amount of bismuth precursor used. In this work, progress was made
towards the optimisation of epitaxially grown B6TFMO films, allowing greater control of film
orientation and augmenting strain-induced enhancement of multiferroic properties in future

data storage devices.

Overall, this research has increased understanding of the fundamental mechanisms
governing the ferroelectric and ferromagnetic properties of B6TFMO. The work has
elucidated some of the key requirements fundamental to the manifestation of polar
topologies and has created strategies for the tailoring of novel polar topologies. This
combination of new material understanding and new growth optimisation of room
temperature multiferroics contributes to solving the ‘big data’ problem. Application of
B6TFMO in future technologies based on ultra-high density, energy efficient memory devices,
spintronic devices, multilevel resistance control (memristive and synaptic devices) and

energy-efficient neuromorphic “brain inspired” devices are envisioned.
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1 Introduction

1.1 Memory Storage Research to Overcome the Big Data Problem

Every action performed by a smart device uses and creates data. As technology is becoming
further integrated into everyday life through sophisticated smart devices and artificial
intelligence systems, more and more data is being created. With over 8 billion people in the
world, this data creation begins to stack up. The ‘big data’ problem has arisen due to the fact
that the amount of data being created and processed is growing at a much faster rate than
the rate at which computational storage technologies are growing [1]. For example in 2018
the total amount of all data created, captured and replicated had surpassed 33 zettabytes
and is predicted to reach over 175 zettabytes in 2025 [2]. The ever-growing demands by
society to store and process data is fuelling the need for miniaturised memory storage
devices. While CMOS (complementary metal-oxide semiconductor) technologies are reaching
their miniaturisation limits (e.g. voltage operation limits) [3], new disruptive materials are
needed in order to increase data storage capabilities. The current environmental crisis also

demands more energy efficient memory storage solutions.

Traditional hardware for data storage have typically involved the use of on-site
storage systems, which are costly to maintain and struggle to keep up with rapid growth of
data storage needs and technologies [4]. In recent years, cloud-based storage has become
mainstream in providing memory storage infrastructure as a service. Cloud-based storage
allows data to be saved in a remote storage facility accessed via a server and has many
advantages over traditional hardware memory storage. Cloud-based service providers utilise
accessible repositories to store backed-up data. In the event of local data loss, which can
happen for example when a hard drive fails, cloud-based storage allows for access to data
remotely accessed using an internet connection. Cloud-based storage helps users to avoid
investing in costly memory storage systems which can quickly become outdated [4] . Due to
the specific and large-scale nature of the storage facilities, cloud-based storage providers can
allow users to readily update their data storage plans and offer users services with state-of-

the-art memory storage technologies. However, cloud-based storage does have some
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disadvantages with concerns over the security of data when stored off site [5] and
environmental concerns due to the large amounts of energy required to cool the data centres.
In Ireland the total metered electricity consumption from data centres increased from 5 % in
2015 to 18 % in 2022 [6]. With EirGrid [7] projecting that this could increase to up to 30 % of
the country’s electricity consumption by 2028, this increasing energy consumption negatively

impacts the countries climate action targets and could also contribute to rising energy costs.

Some examples of recent emerging hardware storage technologies include resistive
random access memory (ReRAM) and nanotube RAM (NRAM). ReRAM is a non-volatile
memory, which operates via changes in the state of the resistance in a material. In ReRAM
devices, a resistive material, most often a thin metal-oxide, is placed between two electrodes.
Applying a pulsed voltage across the metal oxide generates oxygen vacancies in the thin film
which charge and drift under the electric field. This changes the resistive state of the material,
which is recorded as 1 or 0.The main advantage of this type of memory storage is its low read
current e.g. 0.15 mA [8], meaning that it can extend the battery life of devices, thus is
currently used often in wearable devices such as hearing aids and smart watches [8] .
However, ReRAM doesn’t offer the high read/write endurance as seen in devices for example
powered by ferroelectric RAM (FeRAM), where FeERAM devices can guarantee over 100 trillion
read/write cycles compared to ReRAM devices which can only guarantee up to 1 million
read/write cycles [8]. Another new potential memory technology is based on carbon
nanotubes, NRAM. These memories are mainly developed at the moment by Nantero and
offer a resistive non-volatile memory created using arrays of carbon nanotubes, which due to
their small size (diameters as small as 0.9 nm [9]) allow for high storage densities. These
devices are built by fitting an array of carbon nanotubes between two electrodes. The layer
of carbon nanotubes between the electrodes can be switched between two states: a low
resistance state when the carbon nanotubes are brought into contact with one another (1)
and a high resistance state when the nanotubes are not in contact (0). Van der Waals forces
keep the carbon nanotubes in either state allowing for the technology to be performed under
low power [10]. The small movement of atoms in NRAM devices versus the moving of
electrons in silicon-based memories allows for NRAM to have a high endurance (over a trillion
read/write cycles). Furthermore, they have been shown to operate with very quick switching

speeds (picoseconds) [9]. NRAM potentially could replace current volatile dynamic RAM

15



(DRAM) as they match or improve on DRAM properties and are potentially scalable to 5 nm
cell sizes [10], [11]. For NRAM memory chips to become fully commercial, the main obstacles
to overcome are ensuring a straightforward production method that allows for the creation

of a chip comprised of millions of carbon nanotubes that can bend cleanly and consistently.

FeERAM have two polar tP memory states stemming from their switchable
polarisation. Compared to devices based on older Flash or electrically erasable programmable
read-only memory (EEPROM) technologies, commercial FeRAM devices have very fast
information writing with write cycle times of 120 ns, they have a high read/write endurance
of over 10'* cycles and are more energy efficient e.g. 92 % lower power consumption than
EEPROM memories [12]. However, FeERAM devices do have a destructive read operation and
are not ideal for storing large amounts of data. There is also ferromagnetic RAM (MRAM),
which work by switching the magnetic sates, tM of a material. MRAM devices use
magnetoresistance to read the memory states. While magnetic memories are non-volatile
and have large storage densities, compared to FeRAM they are less energy efficient due to
their high power consumption. The magnetic coercivity of a magnetic material is the amount

of resistance the material experiences before changing its magnetic state.

Another potential solution to the big data problem is the utilisation of room
temperature, non-volatile magnetoelectric multiferroic materials in future memory storage
devices. Multiferroic materials that are both ferroelectric and ferromagnetic are ideal for
memory storage due to the combined effects of both phenomena. By combining the
properties of FERAM and MRAM, a device could have the speed and energy efficiency
associated with FeERAM along with the higher memory density associated with MRAM. Such
a device would lead to an increased number of memory states and would aid in device

miniaturisation and energy efficiency.

Theoretically, a magnetoelectric multiferroic material would be able to switch
between, P and M. However, due to strong magnetoelectric coupling between the
ferroelectric and ferromagnetic states, the four available switching states (+P, +M), (+P, -M),
(-P, +M) and (-P, -M), where P represents the polarisation state and M represents the
magnetisation state, are not absolutely independent of each other and the only combinations
that are independently achievable are either (+P, +M) and (-P, -M) or (+P, -M), and (-P, +M),
which of course is not a four-state memory [13]. This issue of strong coupling reducing the
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available logic states can be circumvented by forming a multiferroic tunnel junction, where
combination of electroresistance and magnetoresistance can result in four state memory
effects [14]. Multiferroic tunnel junctions (MFTJs) are made up of an ultra-thin (< 10 nm)
multiferroic barrier layer which separates two asymmetric oxide and/or metal
electrodes [15]. In MFJT devices, electrons are able to tunnel through an ultra-thin
multiferroic thin film, providing large electroresistance/magnetoresistance effects with high
ON:OFF ratios [16] and a means for non-destructive read-out of non-volatile memory states
[14], [17]. When the ultra-thin multiferroic layer acts as a ferroelectric tunnel junction,
depending on the direction of the ferroelectric polarisation, it affects how the electron
tunnels, leading to either low or high electroresistance states. Simultaneously, the
multiferroic layer can act as a magnetic tunnel junction, where the magnetic spin of the
electron can be manipulated as it tunnels across, leading to either low or high
magnetoresistance states. This behaviour simultaneously allows both high and low
electroresistance and magnetoresistance states to be accessed. According to Yang et al.,
devices incorporating MFTJs could offer a pathway to simultaneously accessing eight distinct
memory states [18]. This would be a significant advantage over current two-state memory

storage devices.

Furthermore, because switching involves domain nucleation and growth, artificial
nano-synapses where synaptic strengths evolve depending on the switching pulse amplitude
and duration could be created. By varying the pulse amplitude and the duration of switching,
different synaptic strengths could be achieved. These multileveled states could then be

utilised as memory elements in future neuromorphic memory devices [19], [20].

While the benefits and potential of multiferroic memory devices is clear, no such
commercial devices yet exist. In the following sections, the phenomena of ferroelectricity and
ferromagnetism and how room temperature multiferroics are exceptionally rare due to the
fundamental contra-indication between ferroelectricity (empty d° electronic structures) and
ferromagnetism (occupied d" electronic structures) are discussed [21], [22]. However, if such

devices are realised, they could revolutionise future memory storage technologies.

1.2 Ferroelectricity
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The discovery of pyroelectricity (the generation of a polarisation in a material due to heating
or cooling) in 1824 [23] and of piezoelectricity (the generation of a polarisation in material
under the application of a mechanical stress) in 1880 [24] paved the way for investigations
that would lead to the discovery of ferroelectricity. The pyroelectricity and piezoelectricity of
many materials were investigated and one, Rochelle salt, was noted to have high pyroelectric
and piezoelectric excitations, relative to materials such as tourmaline and topaz. Later,
investigations of the material have revealed piezotensor constants for the material, such as
the di4 coefficient was measured to be as high as 2300 pCN™! [25]. 25 years after it was first
discovered, piezoelectricity first found applications in sonar technologies during World War I.
The discovery of ferroelectricity was possibly slowed due to a misunderstanding of the
material properties and dispute on the anomalous dielectric constant reported by Borel in the
late 1890’s [26], [27]. In Borel’s work, the dielectric constants of Rochelle salt were measured
using a highly sensitive torsion balance that measured the pondero-motoric forces acting on
spherical crystals in an electric field. Here, he measured the Rochelle’s dielectric constant’s to
be €, =8.898, €, =6.92 and €. = 6.70 but also noted that the value of €, varied with the strength
of the electric field applied along the now known ferroelectric axis. One of the reasons for the
low &, value (actual e5~103 — 104 @ RT [28]) collected was because there was no metallic
electrode within the sphere measured. However, later in 1920, Rochelle salt was the first
material where ferroelectricity was accurately measured and characterised [29]. While
Rochelle salt was key in the discovery of ferroelectricity, its unstable, complex nature made it
unsuitable to fully understand the mechanisms behind ferroelectricity. Materials with simpler
structures such as KH2PO4 [30] and perovskites e.g. BaTiOs [31], [32] emerged in the 1930s
and 1940s. These materials enabled research on the understanding the origins of

ferroelectricity [33] and optimising these materials for memory storage applications [34].
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1.2.1 Origins of Polarisation

In contrast to conductors, insulators do not allow free movement of electrons through a
material. When an electric field is applied to an electrically polarisable insulator, it can cause
the charge distribution of the electrons around an atom or molecule to shift away from
equilibrium, creating a dipole moment. The size of the dipole moment is determined by the
separation between the resultant positive and negative charges between atoms or molecules
in the material. In ionic materials, the electron density shifts between a positive cation and
negative anion. While for polar materials, the formation of a polar bond and thus a dipole
moment is determined by the electronegativity difference of the bonded atoms between
which the electrons are shared. Dielectric insulators exhibit a polarisation (the dipole moment
per unit volume) on application of an electric field (Figure 1.1 (a)). In these materials, the
electric dipole is induced by the electric field and the strength of the electric dipole is
proportional to the electric field applied. In the dielectric case, when the electric field is
removed or switched off, the net dipole moment returns to zero. Paraelectric materials are a
subgroup of electrically polarisable materials and display a non-linear response to an electric
field as shown in Figure 1.1 (b). These materials have randomly orientated dipoles before the
application of an electric field with a very weak internal field. On application of the electric
field, the dipole moments align and thus give a larger polarisation response compared with
dielectrics. When the electric field is removed in paraelectric materials, the dipoles in the

material return to their original non-aligned arrangement.

An important subset of the electrically polarisable materials is the ferroelectrics,
whose dipole moments can not only be switched by an applied electric field in a non-linear
manner, but also their polarisation states remain even when the electric field is removed.
These materials have a permanent polarisation and hysteretic electrically switchable
polarisation, as Figure 1.1 (c) shows. Ferroelectric materials possess an inherent polarisation,
however in most cases, an external applied field is required for ferroelectric domains to align
in the same direction across a full sample. Initially as an electric field is applied, the dipole
moments align in the direction of the electric field. After a particular field is reached, all the
dipole moments align along the same direction and the polarisation response saturates. This

saturation point is known as the saturation polarisation (Ps). When the direction of the applied
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electric field is switched towards the opposite direction, there is a lag in the polarisation
response, which results in the hysteresis loop in Figure 1.1 (c). Even when the electric field
returns to zero, a portion of the polarisation stays at a non-zero value known as the remanent

polarisation (P;).

v
v

.,

Figure 1.1 Polarisation (P) versus applied electric field (E) behaviour of for a) dielectric, b)
paraelectric and c) ferroelectric materials. The saturation polarisation (Ps) (where all the
dipole moments align along the same direction) is marked in green. The remnant polarisation
(Pr) (a non-zero portion of the polarisation which when the electric field returns to zero) is

shown in blue.
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1.2.2 Necessary Conditions for Ferroelectric Behaviour

In addition to the requirement of being polar, ferroelectric crystals must have a non-
centrosymmetric structure in order to possess a spontaneous electric dipole moment that can
be switched in an applied electric field. Ferroelectric materials display phase transitions where
below a particular temperature, the point group symmetry changes to a non-
centrosymmetric structure and a reversible spontaneous electric polarisation (polarisation in
the absence of an applied electric field) emerges [35]. Out of the 32 crystallographic point
groups, 21 are non-centro-symmetric and of these 20 are considered piezoelectric. From the
piezoelectric point groups, ferroelectrics can only result from one of 10 polar point groups.
Ferroelectrics are a class of materials that are a subset within the piezoelectric family. The
piezoelectric effect is the generation of a surface charge in response to the application of an
external mechanical stress on a material. There is a linear electromechanical interaction
between the mechanical and the electrical state in solid materials, where without an external
stress there are no electric dipole moments within the material. All ferroelectrics are
piezoelectric (however note that not all piezoelectrics are ferroelectric), therefore their
polarisation changes under the influence of an applied stress. Ferroelectrics also have a net
spontaneous polarisation resulting from permanent dipole moments existing in the material
without the application of any external electric field or stress. As explained previously in
Figure 1.1 (c), ferroelectric materials possess inherent polarisation in randomly orientated
domains that require an applied field to achieve macroscopic polarisation along a certain
orientation. The ferroelectric effect is the change in the surface charge in response to a
change in this spontaneous polarisation. Above the ferroelectric Curie temperature (T¢) (the
point at which a phase transition occurs), a ferroelectric material has a centrosymmetric high-
temperature phase where it acts as a paraelectric material. Below T¢, a low-temperature
phase exits where the symmetry of the material is lowered. This low-temperature phase
possesses a net permanent dipole moment, due to the vector sum of the aligned dipole
moments in each unit cell. As Figure 1.1 (c) illustrates, this polarisation can be induced and
switched between at least two stable states with an external electric field [21]. When the
electric field goes to zero, a spontaneous polarisation remains. The lag in the change of

polarisation with the external electric field is indicative of ferroelectric hysteresis. This
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hysteretic behaviour in response to an applied electric field enables ferroelectric materials to
have applications in data storage such as FeERAM and FTJ (ferroelectric tunnel junction)

devices.

1.2.3 Ferroelectric Phase Transitions

With the study of simple ferroelectric structures such as KH,POs4 and BaTiOs, theoretical
understandings of how ferroelectricity and ferroelectric phase transitions occur became more
fruitful. In the 1930s, theoretical thermodynamics considering polarisation as a function of
the free energy potential had been established by Landau [36]. Landau theory was developed
to formulate a general theory to describe phase transitions. The theory uses the concept of
an order parameter, the measure of the order before and after a phase transition (in the case
of ferroelectrics, polarisation is the order parameter). The order parameter is expanded as a
function of the free energy using a power series. From this expansion, the behaviour of a
material and its phase transitions can be determined. Both Ginzberg [37], [38] and Devonshire
[39] expanded on Landau’s theory including additional terms into the free energy expansion
which account for fluctuations of the order parameter. This became known as Landau-
Ginzburg-Devonshire (LGD) theory and can more accurately describe the evolution of

polarisation within ferroelectrics.

When considering phase transitions in ferroelectrics, there are two general categories:
first order transitions and second order transitions. First order transitions occur where latent
heat is involved and the polarisation is discontinuous e.g. solid-liquid-gas transitions. Second
order transitions occurs when the polarisation moves continuously towards zero until Tc and
no latent heat is involved e.g. ferromagnetic transitions. Figure 1.2 illustrates polarisation

behaviour for these transitions as a function of temperature [40].

22



Figure 1.2 Spontaneous Polarisation (P) vs Temperature (T) for a) first order transition and b)

second order transition.

Within the scope of these two types of phase transitions, the potential energy as a
function of polarisation behaves slightly differently as shown in Figure 1.3. Second order
transitions are well described using the Landau free energy potential [36]. As shown in Figure
1.3 (b), at and above Tc there is a single polarisation minima equal to zero. This represents
the non-polar centrosymmetric phase. However, below T¢ a double potential well appears
where now there are two non-zero energy minima, which allow for a spontaneous
polarisation. These two minima correspond to the two opposite possible polarisation
orientations. It should be noted that the majority of ferroelectric systems undergo weakly
first order transitions and LGD theory helps describe the behaviour of the polarisation with
relation to the free energy in these systems. In first order transitions such as in Figure 1.3 (a),
due to the dis-continuity at Tc where there is now a latent heat associated with the phase
transition, a mixed phase system occurs, where both paraelectric and ferroelectric phases are

present [41].
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Figure 1.3 Free Energy Potential (E) vs Spontaneous Polarisation (P) for a) first order transition

and b) second order transition.

Further advances to the understanding of ferroelectricity came with Kittel's [42]
explanation of antiferroelectricity, where adjacent dipoles are oriented oppositely to each
other leading to a net zero polarisation. While in the 1960s, soft mode theory was developed
by Cochran [43] and Anderson [44] to explain ferroelectricity on a microscopic scale. While
soft modes, an excitation which decreases in frequency as it approaches a transition, were
first noticed by Raman and Nedungadi in 1940 [45], it was Cochran and Anderson
independently who recognised the importance of soft modes in the phase transitions for

ferroelectrics.

1.2.4 Ferroelectric Materials

The perovskites are a family of materials with the formula ABXs (where X is often
oxygen). Perovskites are very flexible with regards to their chemical and structural parameters
and thus have been able to produce a large number of ferroelectric materials such as BaTiOs3,
PbTiO3 and PbTiO3:PbZrOs [46], [47]. These materials are made up of corner sharing BOs
octahedra, with the 12-fold coordination A-site lying at the meeting point of eight BOs
octahedra as shown in Figure 1.4 (a). Below Tc¢, when in a ferroelectric phase, the electric
dipole moment that causes the spontaneous electric polarization in the material is due to the
off-centre shift of the A-site or B-site cations with respect to the O? anions. The two main

mechanisms causing ferroelectricity in perovskites are the B-site ‘do-ness’, and the A-site
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stereochemical activity of cations with lone electron pairs [48]. For example, in Figure 1.4 (b),
the central B-site cation is displaced away from its centre, resulting in the crystal structure to
possess a lower-symmetry phase and for the structure to yield a net polarisation. This is the
mechanism for ferroelectricity in the case of BaTiOs, whereupon a lowering of the
temperature below Tc results in the TiOs octahedra becoming distorted away from the
centrosymmetric cubic phase, going from the paraelectric Pm-3m to the ferroelectric P4Amm
space group [49]. This distortion is known as a second-order Jahn-Teller distortion, where
below Tc, the energy levels of the hybridised orbital between the Ti** and O? lose their
degeneracy and thus the energy of the distorted structure is lower and more favourable at
the lower temperature. In systems such as PbTiOs or BiFeOs, ferroelectric behaviour is caused
by a lone electron pair mechanism. This mechanism is based on the breaking of inversion
symmetry by valence electrons. The A-site cation, Pb?* or Bi%* is stereochemically active and
this contributes to distortion of the lattice relative to the O? anions, resulting in the
polarisation observed below Tc. In the BiFeOs system, two lone pair electrons, which do not
take part in the chemical sp-hybridized states, shift away from the Bi3* cation towards the
FeOs octahedra. This shift creates a local dipole and thus the lone pair of electrons induces a

spontaneous polarisation in the (111) direction [50], [51].

While perovskites are some of the most prevalent compounds found in the world of
ferroelectrics, materials such as tungsten bronze type compounds [52] and layered perovskite
structures such as the Aurivillius [53], Ruddlesden-Popper [54] or Dion-Jacobson phases [55],
[56] also are of interest to the advancement of the field of ferroelectrics. Recently, CMOS
compatible materials such as wurtzite structured AIN based materials e.g. ScxAl1 -xN [57], [58]
and fluorite structured oxides [59], [60], have also been found to show ferroelectric
properties. For example HfosZro20 has been grown as ultra-thin (sub-2 nm) films directly on
silicon with robust and enhanced ferroelectricity at 1 nm, paving the way for use in sub-5 nm
CMOS-compatible ferroelectric devices [61], [62]. Another exciting family of new
ferroelectrics are made up of two-dimensional (2D) van der Waal materials [63] which include
materials from the Group IV monochalcogenides (SnS, SnSe and SnTe) [64], [65], distorted
transition metal dichalcogenides (1T-MoTe; and WTe;) [66]-[68], oxy-chalcogenides
(Bi202Se) [69] and transition—metal thiophosphates (CulnP2Ss) [70] and layered perovskites

(BA2PbCls (BA; = bis(benzylammonium))) [71]. These materials are free from dangling bonds
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thus can be grown on a large variety of substrates without the need for a lattice match and

offer unique properties due to their reduced lattice dimensionality.

° A-site
o

a)

B-site

Oxygen

Figure 1.4 a) centrosymmetric cubic perovskite structure with space group Pm-3m which
occurs above 130 °C. All the bond lengths between the oxygen atoms and B-site atoms are
equivalent, 2.009 A. b) a tetragonal perovskite structure where the space group is PAmm,
after the B-site cation shifts away from the centre of the BOs octahedra. Now the structure is
not centrosymmetric and a dipole moment is present. Here the direction of the polarisation
vector (a result of the reverse displacement of the central B-site cation) is indicated. The
longer bond in the out of plane direction is now 2.296 A and the shorter bond is 1.756 A while
the other four bonds are slight elongated compared to the paraelectric phase having a length

of 2.009 A.
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1.3 Ferromagnetism

In contrast to ferroelectric materials which have only been discovered in the last 100 years,
magnetic materials have been observed and noted for thousands of years in ancient Greece,
China and South America in materials such as manganite rocks rich in magnetised Fe304
(lodestone). While societies have been aware of magnetism as a physical phenomenon
throughout history, it was not until the last 200 years or so that the fundamental
understandings of magnetism started to become clear. Nonetheless, some of the first modern
scientific writings were about magnetism with ‘De Magnete’ by William Gilbert in 1600, and
over the 17" and 18™ centuries, magnetic compasses became key technologies in sea

navigation.

In 1820, Hans Christian Oersted discovered the connection between electricity and
magnetism when he showed a current carrying wire produced a field that deflected a compass
needle [72]. From this accidental discovery, the modern era of electromagnetism began. 1900
to 1935 can be considered the era of understanding for magnetism, as magnetic behaviour,

which challenged classical mechanics, could be explained by quantum mechanics.

1.3.1 Origins of Magnetism

Magnetism in solid materials is associated with a magnetic dipole moment, comprised mainly
of the spin associated with an electron, which is quantised so that it has only two possible
orientations in a magnetic field. The motion of the electron around the nucleus together with
the nuclear spin state can also contribute to the magnetic spin. However, given that the
magnetic moment of a particle scales such that magnetic moment is proportional to 1/mass,

the spin associated with the nucleus of the atom can be neglected.

Most magnets are composed of atoms whose valence electrons are in either partially
filled d orbitals (transition metals) or partially filled f orbitals in (rare earth metals). d orbitals
in an uncoordinated transition metal have the same energy and are considered degenerate.
Once the transition metal is coordinated to ligands in a compound, crystal field splitting
occurs. The d orbitals lose their degeneracy with the dyy,dx, dyx (t2g) and the d2,di?.? (eg)

energy levels splitting into separate energies. In some systems, a further energy splitting can
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occur due to the Jahn-Teller effect as shown in Figure 1.5. This further splitting is due to the
elongation or compression of the transition metal complex. This change in energy splitting
can influence the magnetic order of a system as it effects the electronic configuration within
the orbitals and thus the potential magnetic exchange mechanisms within different materials.
For magnetic systems, both the magnetic contribution from the electron orbital motion and
electron spins must be considered (spin-orbit coupling), while the nuclear spin magnetic
moment is appreciatively (approx. 2000-fold) weaker and can be (tentatively) ignored. For the
compounds of the first series of transition metals, the contribution of orbital angular
momentum is effectively quenched and hence is of no significance. Considering the spin-only
case, it can be depicted neatly how the change in energy splitting and the number of unpaired
electrons within a system can lead to different magnetic moment values, ues, where n is the

number of unpaired electrons.

Herr = \/Tl(?’l + 2) 1.1

Considering Equation 1.1 for different material systems, e.g. d3, d* high spin (hs) and low spin
(Is) and d?, the different number of unpaired electrons in these systems, 3, 4, 2 and 1
respectively, will lead to different theoretical magnetic moments. The ues values were
calculated to be d3=3.87, d* (hs) = 4.90, d*(Is) = 2.83 and d° = 1.73. Hence, experimentally
measured magnetic moments can provide some important information about magnetic

compounds such as the number of unpaired electrons present and hs vs Is states.
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Figure 1.5 Energy levels of the d-orbitals in a transition metal. a) Five degenerate energy levels
for an uncomplexed metal ion (no crystal field present). b) Transition metal in an octahedral
complex, where the dxy, dx;, dy; orbitals become lower in energy and comprise of what is called
the tyg level, while the d «%,2, d.? orbitals are raised in energy to the eq level. c) Elongated
distorted octahedral (tetragonal): when trans ligands in an MLs octahedral complex are
moved either towards or away from the metal ion. This results in further spitting of the eg and
t2¢ levels with the orbitals with zcomponents become lower in energy on elongation of bonds
along the z-axis. Such otherwise unfavourable distortions become favourable due to Jahn-

Teller effects.

At a microscopic local scale, the spin of the electrons varies through a material,
however the electron magnetic spins tend to cancel out where the material has a macroscopic
net zero magnetisation value. As described for the electric dipole moment, there are material
systems that are exceptions with regards to the magnetic dipole cancelling. In diamagnetic
(all electrons are paired) and paramagnetic (possess unpaired electrons) systems, with the
application of a magnetic field, a weak response is induced. Diamagnetic materials have a

weak, negative susceptibility to magnetic fields and the direction of the magnetic moment in
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diamagnetic materials opposes the direction of the applied field. Paramagnetic materials

(Figure 1.6 (a)) have a weak, positive susceptibility to magnetic fields and are weakly attracted

to an applied magnetic field. When the magnetic dipoles of the atoms align in the same

direction, (Figure 1.6 (b)),

a net macroscopic magnetisation is present. However,

paramagnetic materials do not retain magnetic properties on removal of the external

magnetic field.
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Figure 1.6 Ordering of the magnetic dipoles in magnetic materials after removal of an external

magnetic field.
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1.3.2 Ferromagnetic Behaviour

Ferromagnetism occurs when a material can exhibit a spontaneous magnetisation formed by
spin distributions in the ferromagnetic substance. When the ferromagnetic material is subject
to an external magnetic field, this spontaneous magnetisation aligns in a particular direction
until it reaches its saturated magnetisation state. When the external magnetic field is
removed, the ferromagnetic substance demonstrates residual magnetisation. A
ferromagnetic material usually undergoes a phase transition at its ferromagnetic Curie
temperature Tc. Above T ferromagnets have a high temperature phase, where in the absence
of an external magnetic field there is no overall magnetic moment, while the low temperature
phase (below Tc) demonstrates a macroscopic magnetic moment. The magnetic moments
align parallel to one another (Figure 1.6 (b)) because of orbital interactions due to the
guantum mechanical exchange energy. The exchange energy causes the electrons with
parallel spins to have lower energy than those that have antiparallel spins [73], [74]. However,
at temperatures above Tc, the order of the magnetic dipoles is lost. Before the application of
an external magnetic field, no magnetisation is observed for some ferromagnetic samples due
to domains of magnetic moment cancelling each other out if they are orientated in different
directions. In these cases, a magnetic field can be applied and the magnetisation and flux
density of the material can be measured. The hysteresis loop of a ferromagnetic material
demonstrates the irreversible, non-linear response the magnetism of the material has in
response to the application of magnetic field. The hysteresis loop characteristics indicates
what type of switching occurs in the ferromagnet and what applications it would be suited to
[21]. For example, a square shaped hysteresis loop would indicate a permanent magnet that
has two definite switching states and would be useful in applications such as magnetic data
storage. Whereas a thin loop would indicate the material is a temporary magnet and could

easily loose its magnetisation with the removal of relatively low magnitude applied fields.
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1.3.3 Magnetic Exchange

The exchange field can be considered to be the internal interaction within the material that
promotes the electronic spins in a material to align to a particular magnetic order. This field
can give an approximate representation of the quantum theory exchange interaction. The
exchange energy is the difference in energy between the relative orientations of the magnetic
moments. Direct magnetic exchange, where the exchange between the local electron spin
occurs via overlapping atomic orbitals, is an uncommon route to ferromagnetism for
transition metal oxides. More often, long-range mechanisms such as superexchange, double-
exchange or antisymmetric exchange provide the magnetic order within such systems. The
Goodnenough-Kanamori rule [75]-[77], helps predict the expected type of magnetism
resulting from the different exchange mechanisms. The rule is based mainly on the Pauli
exclusion principal and predicts that for superexchange, antiferromagnetic interactions occur
when virtual electron transfer is between half-filled overlapping orbitals. Interactions are
ferromagnetic when the virtual electron transfer is from a half-filled to an empty orbital (as is
the case between high-spin Fe3* (d°) and Mn** (d®)) or a filled to a half-filled orbital. The rule
starts to fail when mechanisms such as antisymmetric exchange or competing mechanisms

appear.

Superexchange [78], [79] occurs between two next-to-nearest cations through an
intermediary non-magnetic anion. In ionic solids, the 3d orbital of a transition metal cation
and the 2p orbital in oxygen or fluorine anion interact and depending on the system a
magnetic ordering can occur. For example, if there is an unpaired electron in a transition
metal cation d-orbital, hybridisation can occur via the donation of an electron from the 2p
orbital of the anion. This exchange interaction often promotes antiferromagnetism (see
Figure 1.7 (a)) in systems such as MnO and LaMnOs, as a result of the Pauli Exclusion Principle,
which prevents electrons of the same spin occupying the same orbital. However, if the next-
to-nearest-neighbour cations are orthogonal to one another (having no overlap of their
orbitals; see Figure 1.7 (b)), it is possible for ferromagnetic ordering to occur, as unpaired
electrons in orthogonal orbits tend to align themselves with parallel spins. For example, if the
metal ion to the left side of Figure 1.7 (b) has its unpaired electron in an ey orbital and the

metal on the right has its unpaired electron in a t,4 orbital, and if the transition metal cation
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is connected at 90 ° rather than 180 ° to the intermediary anion with zero overlap integral,
the electron in the d orbital in the left is of the same spin as the electron in the d orbital on

the right. Therefore, the two metal ions are ferromagnetically linked.

10t

Figure 1.7 Superexchange interaction in a transition metal oxide a) promoting an

antiferromagnetic coupling and b) promoting ferromagnetic coupling.

Double-exchange [80] (Figure 1.8) occurs between two transition metal cations that
have different oxidation states and generally leads to a ferromagnetic alignment of electron
spin. For example, LaMnOs typically has an antiferromagnetic order via superexchange
between the Mn3* cations and 0% anions. However, when there is doping of the La site with
atoms such as Sr or Ca, now two Mn valence states, 3+ and 4+, are present. The energy levels
in the d orbitals fill in accordance with Hund’s rule, where the energy levels are first singly
occupied. In these systems, it is found that the extra electron associated with the Mn3* cation
jumps between the two Mn sites through electrical conduction and thus the electron
becomes delocalised. The flipping of spin is not allowed in electron hopping processes;
therefore, it is more energetically favourable for both of the Mn cations to have their spin

pointing in the same direction leading to a ferromagnetic spin ordering.
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Figure 1.8 Double-exchange mechanism in a transition metal oxide.

Antisymmetric exchange (Dzyaloshinskii—-Moriya interaction) [81], [82], is a form of
magnetic ordering that arises through canted spin arrangements (where the electron spins
are tilted by a small angle). This is a common route to a small resultant ferromagnetic
magnetisation in typically antiferromagnetic materials such as a-Fe,O3 and BiFeOs. This
exchange interaction is of interest to multiferroic systems, as an electric polarisation can be
induced by magnetism. In what is known as the ‘inverse Dzyaloshinskii—Moriya effect’, ionic
ligands can be shifted via a spiral magnetic ordering and when all the ligands shift in the same

direction, a net polarisation is present [83].

1.4 Ferroic Domains and Domain Walls

Classically in both ferroelectric and ferromagnetic structures, domains are regions made up
of a uniform direction of electric dipole moment or magnetic moment, usually separated by
neutral domain walls (DWs). These domains can form in an analogous fashion for both
ferromagnetics and ferroelectrics, in order to minimise the energetics within a material [84].
In a ferroelectric, domains have an inherent electric polarisation, however dipoles in
neighbouring domains across the sample are usually orientated in different directions. If a

strong enough electric field is applied, the differing domains can align with one another. A
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feature of domains that is of significant technological interest are DWs. DWs are 2D
topological defects that form when a discrete symmetry is broken at a phase transition.
Ferroelectric/ferromagnetic DWs are the interfaces between domains having different
choices of energy minima (e.g., boundaries between regions with differing dipole
orientation/magnitude). The first theory and experiments on DWs were carried out on
ferromagnets. Kittel’s work [85], [86] on domain scaling is still used today, however these
findings were expanded to include ferroelectrics on Rochelle Salt and KH,PO4 by Mitsui and
Furuichi [87]. The properties of the DWs at these interfaces vary, where the class of the DW
is determined by the nature of the phase transition and symmetry of the material.
Fundamentally, there are three different ways the polarisation/magnetisation direction and
magnitude can change at a DW region. These are known as Ising-, Bloch- and Néel-type DWs,
as shown in Figure 1.9. The Bloch- and Néel-type DWs (Figure 1.9 (b) and (c)) are line defects
where the axis of rigid rotation of the polarisation/magnetisation changes through the DW,
within the plane and perpendicular to the DW plane respectively. It is common for Bloch-type
walls to be found in bulk ferromagnets, while Néel walls are often found in thin ferromagnetic
films. In Ising-type DWs, the rotation axis of the polarisation/magnetisation remains the

same, but the magnitude of the order parameter changes through the wall.

Figure 1.9 (a)-(c) Display vectors that represent orientation of the polarisation/magnetisation
at the DW. (a) Is an Ising-type wall where the polarisation/magnetisation decreases in
magnitude at the DW. (b) Is a Bloch-type wall where the polarisation/magnetisation rotates
in the plane of the DW but does not change in magnitude and (c) is an Néel-type wall where
again the magnitude of the polarisation/magnetisation does not change but they rotate

perpendicular to the plane of the DW. Redrawn with permission from Nataf et al. [88].
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1.4.1 Charged Domain Walls in Ferroelectrics

In most ferroelectrics, DWs are neutral to minimise energy costs and do not often carry bound
charge. However, charged DWs can also exist, as depicted in Figure 1.10. There are now
several reports of materials where polar discontinuities are supported at charged DWs, with
distinctly enhanced/suppressed electrical conductivity of stark contrast to the bulk
material [84]. Polar discontinuity at the charged DW can have a bound negative or positive
charge, that will in turn attract mobile charge carriers to the DW. Some key factors in
determining ferroelectric DW formation and size are the anisotropy and the dipole-dipole
interactions in the material. Typically, these parameters are of the same order of magnitude
leading to DWs with thickness of only a couple of nanometres. Due to the relatively small
nature of these features (typically <5 nm), they can be considered true 2D topological defects
that form when a discrete symmetry is broken at a phase transition. DW sizes of electrically
polar materials differs from DW sizes for magnetic domains, where the size of the wall
depends on parameters such as the magnetic exchange (which tends towards wider walls)
energy and the magneto-crystalline anisotropy (which tends towards narrower walls). In
magnetic systems typically the magnetic exchange energy is much larger than the anisotropy

thus resulting in wider (10 to 100’s of nm) DWs [89].
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Figure 1.10 (a)-(c) depict some possible charged states at 180 ° DWSs. (a) Depicts a neutral
180 ° DW, (b) is a charged head-to-head (yielding positive bound compensating charges) DW

and (c) is a charged 180 ° tail-to-tail wall (yielding negative bound compensating charges) DW.

In Figure 1.10 a neutral side-by-side DW and two charged DWs are present, known as
head-to-head (H-H) and tail-to-tail (T-T) DWSs. 180 ° H-H DWs are positively charged while T-T
DWs are negatively charged and thus the bound charges that accumulate at these DWs allow
for the conductivity of the charged DWs to differ from the surrounding material. In

ferroelectric materials there are both intrinsic and extrinsic mechanisms leading to the
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formation of charged DWs [88]. As Nataf et al. [88] discuss, one example of an extrinsic
mechanism is the accumulation of charged point defects at the DW. Some proposed intrinsic
mechanisms are: (i) a suppression of the conduction band, where the bandgap is reduced at
the DW compared to the bulk material and (ii) a shift of the band structure, where there is
band-bending at charged H-H (yielding positive bound compensating charges) and T-T
(yielding negative bound compensating charges) DWs [88], [90]. Creation of narrow channels
of electrical conductivity within an otherwise insulating ferroelectric matrix and the fact that
conducting DWs can be created, annihilated or moved on demand by applying voltage pulses,
makes these extremely interesting and useful features to explore for use in future DW devices

[91], dynamic nano-circuits [88], memristive devices [92] and spintronic devices [93], [94].

1.4.2 Non-trivial Topological Structures

In addition to Ising-type DWs, recent work has showed that more complicated non-trivial DW
structures can also exist [95]. Shown in Figure 1.11 are centre convergent/divergent vertex
domains [96], polar vortex DWs [97] and polar skyrmions [98], [99]. In the 1930s and 1940s
[85], [100] it was postulated that magnetic spin or polarisation vectors could potentially order
as vortex-like structures, where vortices can be identified by the continuous rotation of
polarization around a vortex core rather than ordering linearly. The anisotropy for
ferromagnetic materials is relatively small and dipole vortices have been observed for many
years in zero-dimensional magnets [101], [102], where the magnetostatic energy of the
confined ferromagnet is reduced via the formation of flux-closures or a vortex. However the
discovery of ferroelectric polar vortex topologies was much slower compared to their
magnetic counterparts, with the first DFT predictions in 2003 [103], [104] and first
experimental evidence in 2011 [105], [106]. The larger anisotropy/strain energy costs needed
for the dipole rotation necessary for the formation of polar topological textures in
ferroelectric materials slowed the development of these features when compared to
ferromagnetic materials. However, through the development of composite heterostructures
such as (SrTiOs3)n/(PbTiOs)n [107], [108], these energy costs could be tackled via interface
depolarisation fields and strain/electric-field gradient energies. Polar skyrmions were
stabilised within (SrTiO3)16/(PbTiO3)16 composites on substrates under slight compressive

strain, promoting increased c-type domains and increased tendency for out-of-plane

37



polarisation [109]. These features exhibit a continuous rotation of the local polarisation
vector forming a closed loop, which then causes the polarisation in adjacent domains
surrounding the looped wall to rotate in order to minimise energy within the system. These
non-trivial topological features allow for ferroelectric systems to have new exciting properties
such as chirality reversal [110], [111] and negative capacitance [112] offer new applications

in energy-efficient electronics, ultra-compact data storage and ultrahigh speed data

processing [113].
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Figure 1.11 Schematics of various types of topological textures in ferroics. The arrows
represent the polarization or magnetization. (a) Different types of domain walls, (b) flux-
closure, (c) vortex, (d) antivortex, (e) Néel-type and Bloch-type skyrmion, (f) Néel-type and
Bloch-type meron, (g) anti-skyrmion and anti-meron. Redrawn with permission from
Das et al. [106], under the terms of the Creative Commons Attribution (CC BY) license which
permits use, sharing, adaptation, distribution and reproduction in any medium or format,

provided the original work is properly cited.
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1.5 Multiferroic Materials

Multiferroic materials are materials that show at least two ferroic properties within a single
phase. The most commonly investigated ferroic properties are ferroelectricity (electric
polarisation), ferromagnetism (magnetic moment), ferroelasticity (strain) and more recently
ferrotoroidicity (toroidal moment) [114], [115]. It should also be noted that due to the rarity
of room temperature multiferroics, materials that exhibit antiferromagnetism and
ferrimagnetism, along with ferroelectricity are also considered to be multiferroics, e.g.
antiferromagnetism (with a weak canted ferromagnetism) alongside ferroelectricity in
multiferroic BiFeOs [51]. While the term multiferroic, first used by Hans Schmid, [116] is broad
and encompasses many properties, in this thesis the focus is on materials with ferroelectric
and ferromagnetic properties due to their unique properties which allow them to have

applications in multi-level memories.

One of the first magnetoelectric multiferroics reported was nickel iodine boracite,
Ni3sB7013, discovered by Ascher et al. in 1966 [117]. These early materials were very useful as
proof of concept for multiferroic materials. However, due to the complex nature of their
structures and the large number of inter-atomic bonds, they were very challenging to
characterise and therefore difficult to understand the origin of their multiferroic properties.
In the 1950s, the search for ferromagnetic and ferroelectric materials began by substituting
magnetic d" B-cations (atoms with partially filled d-orbitals), for d° B-cations (atoms with
empty d-orbitals), in ferroelectric perovskites, with (1 - x)Pb(Fez/z W 173 )O3xPb(Mg1/2W1/2)03
being one of the first produced [118] [50]. In this case, the dilution of the magnetic cations in
the mixed cation materials meant that the Tc or Néel temperature (the point at which
antiferrimagnetic materials become paramagnetic, Tn) were often very low and were not
useful for room temperature applications. Since the year 2000, research around
magnetoelectrics and multiferroics has increased as shown in Figure 1.12 and different
mechanisms from which multiferroicity arises have been discovered, as discussed later in

Section 1.5.3.
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Figure 1.12 Number of publications with multiferroic or magnetoelectric in their title since

2000. Data is taken from Web of Science database, September 2023.
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1.5.1 Magnetoelectric Multiferroics

While multiferroics are classed as materials containing at least two ferroic properties within
a single phase, going forward through this text, the term multiferroic will refer to multiferroics
with both ferroelectricity and ferromagnetism. The diagram in Figure 1.13 clearly depicts the

distinction between a magnetoelectric material and magnetoelectric multiferroics.

Multiferroic

Ferromagnetic Ferroelectric

Magnetically
Polarizable

Electrically
Polarizable

Magnetoelectric

Figure 1.13 Venn diagram displaying the relationship between multiferroic and

magnetoelectric materials. Redrawn with permission from Keeney et al. [79].

A magnetoelectric material is one where there is coupling between the material’s
electric and magnetic components. In a magnetoelectric material, the application of an
external electric field can control magnetism and similarly the polarisation can be
manipulated using an external magnetic field [119]. However, ferroelectricity or
ferromagnetism does not need to be present in the material for it to be magnetoelectric, for
example antiferromagnetic Cr;03 [120]-[122]. A magnetoelectric multiferroic is a type of
material which can be found as a subset within magnetoelectric materials, where both
ferromagnetic and ferroelectric (see Figure 1.13) are present with a coupling between the
electric and magnetic characteristics. Magnetoelectric multiferroics offer a possible pathway
to small, fast and energy efficient memory storage devices, for example magneto-electric

spin-orbit (MESO) based devices are now being developed by companies such as Intel [123].
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These devices will be charge/voltage driven and produce a charge/voltage output. An electric
field can be used to induce a change in magnetisation via the magnetoelectric effect. This
change can then be read out by the spin-orbit coupling (coupling of an electron’s angular
momentum with its linear momentum) component, which converts the change in
magnetisation into an electric charge. Research by Manipatruni et al. [123] with Intel has
proposed that devices based on MESO technology will have a 10 to 30 times higher efficiency,
will increase device logic density by a factor of 5 and will allow for a 5 times decrease in
switching voltage when compared to current state of the art architectures, e.g. CMOS HP
(high performance CMOS) and CMOS LP (low power CMOS). However, there are still
limitations to this technology, where an increase in the output of Rashba—Edelstein effect
voltage from hundreds of uV to hundreds of mV is required. The magnetoelectric component
of the devices will also have to operate at voltages of approximately 100 mV in order to be
viable. Due to material limitations, this has not been achieved yet with typical switching

voltage requirements of 5 V.

1.5.2 Why are there so few Multiferroics?

Herein, the fundamental contradictions between the conditions needed for ferroelectricity
and ferromagnetism, which signifies that the creation of a material with both behavioursin a
single phase is difficult, are discussed. Typically, ferroelectricity stems from the distortion of
a crystal system to a non-centrosymmetric structure, often created by electron density
transfer from one atom e.g. oxygen to a transition metal with an empty d valence shell.
However, for ferromagnetism, partially filled d valence orbitals are needed, where unpaired
electrons can align and produce a magnetic moment. For example, magnetism in transition
metals is often caused by the Fermi level of the material lying in the 3d and 4s energy levels,
where both are partially occupied. This means that parallel magnetic spins are lower in energy
than anti-parallel magnetic spins and a net magnetic moment is present. If there are no
unpaired electrons available there can be no magnetic ordering in the material. By partially
filling the d-orbital to induce a magnetic moment, the small centre cation which could
otherwise be displaced to create a non-centrosymmetric structure loses its tendency to do

so. Therefore, adding electrons to the d-orbital eliminates the structure’s tendency to distort
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to a lower symmetry polar phase. Many reasons as to why there are such a low number of
multiferroics have been investigated with relation to the d-orbital. Recent work [124], [125],
has proven that d%ness is not the hard determining factor to whether a B-site cation will
undergo a symmetry lowering distortion due to the pseudo-Jahn-Teller effect, but rather that
the spin is an important factor. In fact, cations at the B-site with certain configurations of
unpaired electrons, e.g. the high-spin d® configurations, as found in CaMnOs [126] or SrMnOs3
[127], have shown that by tuning the material’s structural instabilities, both ferroelectricity
and ferromagnetism can be present. For example, in the SrMnOs case [127] when the A-site
is doped with Ba, such that Sr;xBaxMnOs x = 0.45, the Mn** cation provides pathways to both
multiferroic properties. Here the normally cubic phase material can maintain a spontaneous
distortion to the tetragonal phase, where a ferroelectric distortion is caused due to the
elongation of the c-axis. Meanwhile under Ty ~185 K, the Mn-O-Mn bond, while slightly
distorted, is still close enough to 180 ° such that the antiferromagnetic superexchange
mechanism is still present. Even in the light of recent material progress and development, the
general competing processes for ferroelectricity and ferromagnetism mean that

accomplishing both in one phase to yield room temperature functionality is quite rare.

1.5.3 Pathways to Multiferroic Properties

Conventional ferroelectricity is caused by a polar distortion via hybridisation with a d°
transition metal or via stereochemical activity of lone pair electrons. Conventional
ferromagnetism is caused by un-paired electron spin in partially filled d-orbitals in transition
metals or partially filled localised f-electron states in rare earth metals. In order to
circumnavigate the contradicting requirements of the unfilled or partially filled d-orbitals for
ferroelectricity and ferromagnetism, respectfully, many different routes have been
constructed in order to create materials which combine ferroelectric and ferromagnetic
properties, as shown in Figure 1.14 [48]. Multiferroics can be divided into two groups, Type |
and Type I, through the way they achieve their properties. Type |, where ferroelectric and
ferromagnetic properties come from two different sources in the material. An example is
BiFeOs, where stereochemical active lone pair 6s electrons in the Bi3* gives rise to ferroelectric
distortions and Fe3* provides unpaired electrons for antiferromagnetism. In Type I

multiferroics, ferroelectricity is induced when magnetic ordering breaks the inversion
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symmetry of the structure [128]. In Type | multiferroics, ferroelectricity and ferromagnetism
occur at different temperatures (the latter often being lower), while for Type Il multiferroics,
both properties appear at the same temperature point. In Figure 1.14, one can see various
mechanisms for the origin of multiferroic properties. Type | multiferroics can comprise of
composites (e.g. hetero-structure stacks which can be comprised of layers of a non-
ferroelectric magnetic material and a non-ferromagnetic ferroelectric material), lone electron
pair effects leading to ferroelectricity combined with unpaired d-electron magnetism
materials, d° ferroelectricity combined with f-electron magnetism materials and novel
ferroelectricity with d-electron magnetism (e.g. charge ordering and circumventing ‘d®-ness’
along with d-electron magnetism). Some Type Il multiferroics can be seen on the right side of
the tree in Figure 1.14, comprising of multiferroics where for example magnetic ordering or

spirals induce ferroelectricity.
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Figure 1.14 Tree of mechanisms by which both férfdelectricity and ferromagnetism can be

observed in a multiferroic material with examples of different materials investigated to date.

Reused with permission from Spaldin et al. [41].

The hexagonal manganites, RMnOs, where R is a rare earth metal, are one group of

materials with promising properties for development as multiferroics. They are improper
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ferroelectrics where their polar distortion is driven by a geometric change in the crystal
symmetry. In this case, a distortion of the lattice is induced by ionic size effects. The lattice
distortion results in a tilt and rotation of the MnOs bipyramids around a central R3* ion,
thereby breaking the symmetry of the lattice and providing a pathway for a polar distortion
to be present [129]. As the polarisation in the materials is improper, an antiferromagnetic
order can arise in the Mn sublattice [130]. While the hexagonal manganites such as, YMnO3
and ErMnOs, demonstrate further technological promise due to the coupling between the
ferroelectric and ferromagnetic states, their Ty is below 130 K, currently making them

unfeasible for room temperature applications.

As discussed in Section 1.2.4, perovskite materials are key players in the development
of multiferroics. Bismuth Ferrite (BiFeOs), is the most studied multiferroic material. The
Ramesh group in 2003 [51] were the first to show an enhancement in polarisation in
monoclinic BiFeOs films compared to the bulk rhombohedral structure. Heteroepitaxial
constrained BiFeOs films displayed room temperature ferroelectricity (Y90 uC cm=2, T¢ =
1100), and antiferromagnetism (T = 640 K). Ferroelectric distortion in BiFeOs is a result of the
stereochemically active 6s? lone pair of electrons associated with the Bi** cation at the A-site
while the G-type antiferromagnetism comes from antiparallel Fe3* spins (with magnetic spin
arising from the 3d° electrons) at the B-site [48], [131]. The spins are not perfectly parallel
and canted-spin arrangements mean that a weak ferromagnetic response via the
Dzyaloshinskii—-Moriya interaction is also present in BiFeOs. While BiFeOs is one of the few
known room temperature multiferroics, its application is still hindered by factors such as its
large coercive field, with some of the lowest measured values for films around in 600 nm
thickness being between 74-80 kV cm™ [132], [133], while for thinner films larger coercive
fields are present as a result of the Kay-Dunn scaling law [134]. One consequence of such large
coercive fields is the decomposition of BiFeOs into magnetite (Fes0a) and bismuth oxide
(Bi203) compounds. Perovskite structures lend themselves well for compositional adaptation
due to their tolerance for accepting a variety of A- and B-site cations. They can readily
facilitate mixed chemical compound structures e.g. AxA1-xBO3 where the distortion of the
symmetry of the structure can be predicted by the Goldschmidt Tolerance factor [135]. Thus,
alternating strain [136] and chemically doping BiFeOs, e.g. Lao.15Bio.ssFeOs [137], has been

proved to enhance its properties for applications in technological devices.
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As discussed above, significant headway has been made on developing thin film
multiferroic materials from the first thin film synthesis of monoclinic BiFeOs in 2003.
Nonetheless, further insight into the mechanisms that allow for multiferroic properties to
coexist at room temperature is needed in order to fully optimise materials for working state-
of-the-art memory storage devices. While there are multiple routes one could explore in
order to try and engineer materials to host at least two multiferroic properties, the focus of

this thesis is to develop the multiferroic properties of Aurivillius phase materials.

1.5.4 Prospects for Single-phase Multiferroic Topological Structures

While multiferroic topological structures are very rare (as discussed in Section 1.4.2), the
realisation of these types of features within single-phase multiferroic materials are of high
importance to fundamentally understanding the potential of multiferroic materials and their
role in emergent memory technologies. Recent studies on SrRuOs/PbTiOs (ferromagnetic —
ferroelectric) superlattices have demonstrated ferroelectric topologies with an extra periodic
perturbation along the vortex core, implying that a type of electrical Dzyaloshinskii—-Moriya
interaction is present, similar to those which stabilise magnetic spin vortex topologies [138],
[139]. As such, these results uncover ferroelectric topological features that experimentally
demonstrate a relationship between ferroelectric and ferromagnetic structures.
Magnetoelectric skyrmions also have exciting application potential through the advancement
of low heat dissipation spintronic devices [140]-[142]. For magnetoelectric skyrmion
applications, it has been directed that the use of single-phase multiferroics over composite
multiferroic (e.g. (SrTiOs)n/(PbTiO3)n) systems is expected to prevent much of the skyrmion
annihilation that can occur through sample edges [143]. While designing room temperature
single phase multiferroics with uncommon topological structures and which also operate at
room temperature will not be simple, the successful realisation of these types of materials
will improve the fundamental understandings of intrinsic inversion asymmetry mechanisms

and will further advance the research on magnetoelectric coupling mechanisms.
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1.6 Aurivillius Phase Materials

Aurivillius phase materials are naturally layered structures consisting of mABOs perovskite
blocks sandwiched between [Bi,0,]%* layers, where m has a range of 1-9 [53], [144]-[146].
The Aurivillius phase structure, with general formula Bi2O2(Am-1BmO3ms+1), can be thought of as
a naturally layered nano-composite. Aurivillius phases have a large c-axis (in the nanometre
range) comprised of the thickness of the [Bi,0,]* layer (f = 4 A) and the average thickness of
the perovskite block, h, is influenced by the number of octahedral perovskite units (m) in the
block, h = mp, where p is the average thickness of each perovskite unit cell (also typically
~4 A). It should be noted that p is only an approximation due to the differently sized cations
that can be at the A- and B-site and considering the unit cell distortion and octahedral tilting
that can be found in Aurivillius phase systems. The thickness of the Aurivillius phase’s half unit

cell can be predicted in terms of the c lattice parameter by h + f = % [7]. This equation

matches up quite well with experimentally recorded material thickness e.g. approximation
for SrBiTa;0s equals 24.60 A, compared to the experimental measurement of

25.02641 A [147].
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Figure 1.15 Schematic of five-layered Aurivillius phase BisTizFe201s depicting an F2mm space
group visualised using Vesta software [148] from a .cif structure file generated from data

taken from Garcia-Guaderrama et al. [149].

1.6.1 Composition and Symmetry

Aurivillius phase structures are an ideal scaffold for synthesising multiferroic materials due to
the structure’s tendency towards ferroelectric distortions and its potential to accept a large
number of magnetic cations into its structure without compromising ferroelectricity. Cations
that can occupy the large (1.34 to 1.64 A) 12-coordinate A-site include Na'*, K!*, Ca%*, Sr?*,
Ba2*, Pb?* and Bi3*, while common cations that occupy the smaller (0.58 to 0.645 A) B-site
include Fe3*, Ti*, Nb>*, W6, Ta>* and Cr3* [148], [149]. Due to the chemical flexibility of

Aurivillius compounds, a wide variety exist, where their properties can be tuned for
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applications such as memory storage (e.g.BiaTizO12 [145] and SrBisTisO15 [150]) and photo-
catalysis (e.g. Bi;WOs [151]).

The number of perovskite unit cells in the Aurivillius phase (see Figure 1.16) impacts
the ferroelectric properties of the material. As the value of m increases, the coercive electric
field needed to induce polarisation decreases [152], [153]. The [Bi.0,]** layer is paraelectric,
meaning that the Bi** ions do not easily move in the direction of an applied electric field. Thus,
when m values are low, the [Bi,02]** has a significant impact on the ferroelectric switching of
the material. As m increases, the contribution of the [Bi,0,]%* layer reduces and the overall
coercivity of the material decreases. This allows for a lowering of the minimum electric field

needed to produce hysteresis loop saturation.

Above the ferroelectric Curie temperature, the Aurivillius phase materials have a high
temperature centrosymmetric paraelectric phase, the 14/mmm space group. Below the
ferroelectric phase transition (T¢), there is symmetry lowering within the material to non-
centrosymmetric space groups [154]. A strong Bi-O bond is formed between Bi3* in the
(Bi202)?* interface layers and the apex oxygen of the perovskite layer. To complete the outer
electron configuration, the axial apex oxygen accepts an electron from the octahedral cation
forming a short pair bond with it, which is approximately 0.5 A shorter than the trans-axial B-
site oxygen bond. This prompts ferroelectricity via a polar displacement of ions perpendicular
to the layer direction and shears the perovskite layer, causing octahedra to rotate. The major
polarisation vector is along the lateral (a-axis) direction. Whether m is an odd or even number
greatly affects the ferroelectric behaviour. Aurivillius phases having even numbers of m
perovskite layers crystallise with orthorhombic (A2:am) symmetry and it is favourable to
retain the horizontal mirror plane perpendicular to the c-axis. In even phases, the strain felt
on the BOs octahedra due to the bond formed between a Bi ion and the [Bi»0,]** slab is
minimised by keeping its mirror plane perpendicular to the c-axis. The mirror plane in even-
m Aurivillius phases means that the out-of-plane polarisation in the c-direction is antipolar
with a net zero value. This prohibits out-of-plane polarisation along the c-axis in even-layered
Aurivillius phases and the polarisation is confined to the lateral plane (a-axis). Polar Aurivillius
phases having odd m numbers of perovskite layers crystallise to lower symmetry systems (e.g.
B2cb, B2eb, Blal). For odd-numbered Aurivillius phase configurations, retention of the mirror

plane is not energetically favourable. Here, there is a two-fold rotation along the a-axis rather
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than a mirror plane along the c-axis. This enables the odd layer phases to possess a minor out-

of-plane polarisation along the c-direction in conjunction with a major in-plane polarisation.

Figure 1.16 Examples of Aurivillius phases with odd and even numbers of perovskite layers
(m): a) three layered (space group Blal) BisTizO12 [155], b) four layered (space group A21am)
BisTisFeO1s5[150] and c) five layered (space group B2cb) Sr;BiaTisO15 [156].

Polar distortion is one mode of symmetry lowering observed in Aurivillius phases.
However, in many Aurivillius phase systems, further symmetry lowering occurs through tilting
and rotation of the BOs octahedra. In Figure 1.17, the high temperature paraelectric /4/mmm
space group is shown alongside the room temperature Blal space group, where there are
three extra tilt modes (X;,XF,X;) present alongside the polar distortion [155].

Goldschmidt’s tolerance factor, t [135],
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t = & 1.2
V2(1, + 1)

where 7, 17, and 13, are the ionic radii of the oxygen, A-site and B-site ions, respectively, has

been used to deduce that a value of ¢< 1 would promote a perovskite system within which

the oxygen octahedra tilt [147], [156], [157]. The symmetry lowering modes occur when the

relative size of the A-site atom becomes too small compared to the B-site cation. This in turn

causes the oxygen anions to move towards the A-site cation. The movement of the oxygen

anions causes the empty space around the A-site to shrink allowing for the tilting of the BOs

octahedra.

Figure 1.17 Left: schematic of the centrosymmetric three-layered BisTizO12 paraelectric phase
(space group /4/mmm). Right: schematic of the lower symmetry room temperature

ferroelectric phase of BisTizO12 with octahedral tilting and rotations (space group Blal) [155].
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Within the perovskite blocks of the Aurivillius systems, it is often found that there are
non-equivalent B-sites within which the cations can reside, depending on their proximity to
the [Bi,02]?* layer. For example, studies of the Bim+«1Fem-3TisOsm+3 system indicate that Fe3*
does not occupy these B-sites randomly. DFT and electron microscopy studies of the m =4
system, BisFeTizO1s, imply that Fe distribution within the perovskite blocks occurs giving rise
to mixed configurations. There is a preference for one Fe cation to occupy a B-site next to the
[Bi,0,]%* layer (outer site) and for the other Fe cation to occupy the B-site furthest from the
[Bi,02]?* layer (inner site) as can be seen in Figure 1.18, [158], [159]. Rietveld analysis of
neutron diffraction data from the BisTisCrO1s (m =4) system reveals that the Cr cations
partition partially into the central two perovskite layers [160]. Given the varying number of
perovskite unit cells, cations and symmetries for different Aurivillius phase structure types,

the cation site preference will vary for each individual material.

[Bi,0,]**

" =(- |
o L

Figure 1.18 Two examples from DFT (density functional theory) calculations [159] of the

preferred B-site positions for Fe3* within the m =4 BisFeTisO1s Aurivillius phase system
Adapted with permission from Campanini et al. [158]. Copyright 2019 American Chemical

Society.
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1.6.2 Multiferroic Five Layered Aurivillius Phase: BigTixFeyMn;O1s

In the Aurivillius phase BigTisFe1.sMnos01s (B6TFMO), ferroelectric polar displacements are
created through the presence of Bi** at the A-sites and Ti** at the B-sites of the perovskite
blocks. At the A-site, polar displacement is enabled via the stereo-chemical activity of the Bi3*
lone pair of electrons. The distortion of the TiOg octahedra provides a route to ferroelectricity
observed in the B6TFMO system due pseudo Jahn-Teller distortions, created by the
hybridisation between the empty 3d orbitals of the Ti** cations and the formally filled 2p
states of 0% anions [161]. In the case of BGTFMO, incorporation of Fe and Mn magnetic
cations provides a means to create long-range magnetic order within a ferroelectric
framework and a single-phase room temperature magnetoelectric multiferroic is formed.
B6TFMO displays saturation magnetization (Ms) values of 215 emu/cm3 and in-plane
saturation polarization (Ps) values of > 26 uC/cm?. Furthermore, its domains have displayed
reversible magnetoelectric switching characteristics (as show in Figure 1.19), positioning

B6TFMO as an exciting candidate for future magnetoelectric devices [162], [163].
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Figure 1.19 Representative data demonstrating multiferroic behaviour of m =5 Aurivillius

phase samples. (a) - (h) Irreversible (encircled green) and reversible (encircled yellow)
magnetoelectric switching of ferroelectric domains in B6TFMO under a varied magnetic field.
(i) Magnetization (M) vs magnetic field (Oe). (j) Zero field cooled (ZFC) and field cooled (FC)
measurements (Mrvs T). The saturated hysteresis loops and clear split between ZFC-FC
curves demonstrate the ferromagnetic nature of B6GTFMO at RT. Adapted with permission

from Faraz et al. [163].
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Chemical composition studies by Keeney et al. [164] have shown that cation
partitioning of Mn towards the central layers of the perovskite block (furthest from the
[Bi,0,]%* interface) occurs, and is key to the room temperature ferromagnetic properties
observed in B6TFMO. Possible contributing factors towards the cation partitioning in B6TFMO
could be the elastic strain and electrostatic energy within the material. Electrostatically it has
been hypothesised [160] from Mandelung calculations that Ti** moves towards the outer
perovskite cells in order to maximise the interactions with the oxygen anions found in the
[Bi,02]%* layer. Using Kikuchi’s model [144] for Aurivillius phases the compressive forces felt
by the perovskite layers (3.89 A) next to the [Bi,02]** layers (3.80 A) should be considered.
These forces cause the larger Mn and Fe atoms to be driven towards the central perovskite
cells, where the effects of the interlayer strain are much weaker. It has also been noted from
Shannon site distortion parameters that Ti** has a preference to occupy more distorted
octahedra over Mn or Fe, hence preferring the perovskite unit cells next to the [Bi,0,]*
interlayers, which undergo the most compressive strain. Cation partitioning of Mn allows for
an increase in the probability of nearest-neighbour magnetic interactions in the central layer
by up to 90 % compared to when the magnetic cations are randomly distributed over the five
available B-sites. In BETFMO there are a few possible routes to ferromagnetic behaviour, e.g.
superexchange interactions [75] between Fe3* (hs)-O-Mn3* (Is) or Fe3* (hs)-O-Mn**. Double-
exchange mechanisms, which arise from the delocalisation of electrons, could also be a
potential route to ferromagnetism in BETFMO through Mn3* (hs)-O-Mn** nearest neighbour
interactions. Therefore, this increase in the nearest-neighbour magnetic interactions in the
central perovskite cells creates more pathways for magnetic exchange mechanisms and thus

helps explain the pathways to BGTFMOQ’s magnetic properties at room temperature.

1.6.3 Structural Defects in Aurivillius Phase Systems

The manner by which domains form in multiferroic thin films and their properties are
highly dependent on the energetics of the system. They are also influenced by the local
defects structures that from within the films during growth. Layered oxide thin films are
extremely prone to structural defects such as stacking faults, twin boundaries and out of

phase boundary (OPB) defects [165], [166]. A number of defect types are very commonly
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found within layered materials such as the Aurivillius phases. In this section, defect types,
including stacking faults, ‘anatase’-type, OPBs and intergrowths of different m phases are

discussed.

Stacking faults are two-dimensional planar defects. They occur in crystal systems
when there is a deviation in the regular stacking sequence of the crystal planes [167]. In a
perfect crystal, the stacking sequence within a material remains constant through the entire
crystal, however when the sequence is disrupted, a stacking fault can form. Stacking faults
can occur in a material during crystal growth, as part of other defects within the structure
(e.g. partial dislocations) or they can evolve from other defects (such as from the result of an
OPB defect). A common type of stacking fault observed in Aurivillius phase materials is the
addition or subtraction of a perovskite unit cell between the [Bi202]?* layers at an OPB defect,
thus leading to regions where m changes by +1, or potentially more than 1, where stacking

faults are considered as intergrowths of differing m numbers.

Intergrowths within crystal systems refer to the presence of additional layers or crystal
phases within the structure. The nature of intergrowths found within different structures can
be determined by the compatibility of the new intergrowth phase with the parent phase,
where factors such as the tolerance factor (as discussed in Section 1.6.1) are important.
Intergrowths of different m phases, as shown in Figure 1.20 (a), are often utilised in Aurivillius
structures to enhance material properties [168], [169]. For example Noguchi et al. [170],
created a BisTiz012-SrBisTisO15 intergrowth structure which demonstrated an enhanced
remnant polarisation when compared to simple BisTizO12 or SrBisTisO15 materials on their
own. Another type of intergrowth phase which has been observed in the B6TFMO system
[171], is known as an ‘anatase’-type planar defect, as seen in Figure 1.20 (b). This is a bismuth
poor intergrowth in B6TFMO that appears where the [Bi,0,]** layer usually resides. The
‘anatase’- type planar defect is made up of chains of edge-sharing BOs octahedra and form
“S”-shaped tunnels, which contain A-cation columns. Where these defects occur in perovskite
and Aurivillius systems, the “S”-shape tunnels are stabilised by double columns of
sterochemically active A-site cations with lone electron pairs e.g. Bi®*. These type of defects
have previously been seen in the Ti doped Bio.sNdo.15FeOs system from Maclaren et al. [172],
[173] and at hetrointerfaces in PbTiO3/BiFeOs bilayers from Liu et al. [174]. They are also

evident in complexes created by Batuk et al. [175], [176] who have systematically engineered
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a new perovskite-based layered structure, Bisn+1Ti7Fe3n-309n+11 (AB4O11 + 3nABOs where A =
Bi, B = Fe, Ti). In this material the ‘anatase’-type, “S”-shaped tunnels are interleaved between
the perovskite layers. In Aurivillius phase systems, it has been noted that stacking faults and
intergrowths of different m phases often accompany other defects. In this case they can
appear at the stepped defect that occurs at the ‘anatase’-type interface, likely compensating
for shifts in the lattice structure or chemistry between the Aurivillius phase and the ‘anatase’-
type defect. Further examples of intergrowth families that can be engineered using the
Aurivillius phase include the Sillén-Aurivillius phase [177], [178] where the material is made
up using regular intergrowths of Aurivillius-like and Sillén-like blocks, [M202]/[MNb207]/
[M20,]/[X], where M = Bi, Pb, Sr etc. and X is a halide. The Sillén-like blocks are oxyhalides and
these intergrowth phases also have potential applications in ferroelectrics [179]—-[181] along

with water splitting processes [182], [183].

OPB defects are defined as defects created when a fraction of the unit cell in a material
is displaced in the c-axis direction between two neighbouring regions, as shown in Figure 1.20
(c). Anti-phase boundary defects are a special case of OPB defects when this displacement is
0.5 unit cells in the c-axis direction. These defects, which form during thin film synthesis,
appear as ‘steps’ when viewed edge-on and can significantly influence the properties of the
materials [184]-[189]. They often nucleate at the substrate-film interface and can then
propagate up through the entire thin film, accompanied by perturbations to the crystal lattice,

inducing local strain fields and non-uniform electrostatics.
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Figure 1.20 Schematic of some common defects found in Aurivillius phase materials. In a) an
m =4 intergrowth can be observed in an otherwise m =5 Aurivillius phase structure. b)
Depicts the ‘anatase’-type intergrowth in a four-layered system which is made up of edge-
sharing BOs octahedra and double columns of the A-cation. This is found where the [Bi»0,]**
interface layer is usually resides. c) Demonstrates an example of OPB defects within Aurivillius
phases at the [Bi»02]?* layer. The unit cell is displaced in the c-axis direction by approximately
one perovskite unit cell. Between the two OPB defects (circled in green) in the structure, a

short-range m = 6 stacking fault is present.
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OPB defects and their effects on the multiferroic Aurivillius phase properties are not
well understood, however due to the unusual polar topologies observed near these defects
as discussed later in Section 1.6.4, further insight into how they form within Aurivillius phases
would be advantageous in order to utilise the structural defects in a controlled manner to
enhance particular properties. Recent work on the even-layered ferroelectric BisFeTizO1s, has
shown that ferroelectric domain engineering can be achieved using particular underlying
substrates to order structural defects. It has been proposed that Bi* vacancies are present at
these defect regions [190]. In the thin film growth of Aurivillius phases, factors such as
substrate, bismuth migration and changes to local stoichiometry play an important role [191].
While epitaxial substrates are necessary for conformal growth of thin films, the rigid epitaxy
set by the physical constraints of the underlying substrate and a low degree of structural
rearrangement during bismuth migration and film growth can result in microstructural
defects forming within the film. Often this is seen as a disadvantage, however for domain
engineering, it means that the OPB defects that form at the interface could be controlled to
propagate throughout the whole film due to the lack of restructuring during the film growth.
There are currently considered to be four primary nucleation mechanisms for OPB defects as
shown in Figure 1.21, known as (a) nucleation layer, (b) steric, (c) a-b misfit and (d) inclined

c-misfit along with one secondary mechanism known as (e) crystallographic shear [166].

OPB defects caused by the (a) nucleation layer mechanism often arise due to different
terminations on the epitaxial substrate surface where a particular plane in the crystal
structure of an Aurivillius phase is energetically preferred (e.g. on TiO; terminated or SrO
terminated SrTiOs). However, it is also possible that the nucleating layer could have more than
one part of the lattice which is energetically favourable to grow on. At the point where two
growth regions meet, the difference of the fraction of a unit cell difference between the
regions forms an OPB defect. OPB defects created through (b) steric mechanisms are formed
due to the atomic scale topography of the substrate. When steps edges occur across the
surface of a substrate, the height difference between each step can create OPB defects. At
these step edges, the crystal structure may nucleate at the same layer but because of the
displacement caused by the step edge, an OPB defect will form where the two nuclei meet.
Factors that would have an impact on this type of OPB nucleation are vicinal surface, step

height, substrate structure and nuclei density. It is likely that for this type of nucleation
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mechanism, vicinal surfaces may increase the chances of an OPB occurring during thin film
growth. There are two types of misfit mechanisms which lead to OPB formation. The (c) a-b
misfit mechanism occurs where a misfit dislocation forms in the nucleation layer of the thin
film as it is growing. The subsequent material continues to grow with the changed layer
ordering. The inclined (d) c-misfit mechanism occurs when in the layered oxide the c-axis

grows at an incline to the epitaxial substrate, and the mis-match of the layered-oxide to the

epitaxial substrates leads to OPB formation [166].
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Figure 1.21 Schematic of four primary mechanisms: (a) nucleation layer, (b) steric, (c) a-b

misfit and (d) inclined c-misfit along and one secondary mechanism: (e) crystallographic shear

by which structural defects can form at a substrate/film interface. Redrawn with permission
from Zurbuchen et al. [166].

60



1.6.4 Discovery of Charged Domain Walls and Polar Vortex Topologies near Defect

Regions within Multiferroic BeTFMO

In Aurivillius phase materials, where the perovskite layers are interleaved between [Bi»02]**
dielectric layers, the strain and electrostatic energy conditions experienced by the perovskite
unit cells at particular sites within the structure differs. For example, a perovskite unit cell
directly next to the [Bi»02]?* interface will experience a stronger compressive strain in the in-
plane, g-axis direction, than a perovskite unit cell that is further away from the [Bi»02]?* layer.
The differences in strain and electrostatics at different sites can be augmented by the
presence of structural defects within the material. For example the inclusion of OPB defects
and thus the disruption to the [Bi,0,]%* interface, has been shown by Moore et al. [192] to
lead to unexpected polar topologies. This research on B6TFMO reveals that OPB defects
encourage the formation of 180 ° nominally charged H-H and T-T charged DWs, in ~100 nm
thick BBTFMO films. This differs from findings on the even layered BisTisFeO1s where it was
found that nominally charged DWs are lost from the material once it becomes thicker than

~2 nm [193].

Initial findings determined that under certain conditions (where OPB defects are spaced
3 to 4 nm apart [192]), there is a continuous rotation of the local polarisation vector where
both the magnitude of polarisation and rotation angle of the polarisation changes within the
B6TFMO structure, such that resulting topological features cannot be considered as
prototypical Ising, Néel or Bloch-type DWs. Figure 1.22 shows an example of the polar vortex
topologies that can be observed in B6TFMO, where the size of the arrow indicates the
magnitude of the displacement and the colour indicates the direction. The preliminary data
also indicates that in BEGTFMO, there is an augmented partitioning of the Mn3* magnetic
cations towards the vortex core. This indicates possible increased electric conductivity at the
ferroelectric vortex core, similar to electric field gradient observations of electron
concentration at the core of the vortex for PbTiO3/SrTiOs [194] multilayers and BiFeOs [195].
Thus, by gaining further insight into the formation of these vortices and how to control their
creation, B6TFMO as a multiferroic could potentially be utilised within low-power electric-

field controlled magnetic devices.
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Figure 1.22 Visualisation of the ferroelectric polar vortex topologies which can be observed
in BBTFMOQ’s (110) orientation in regions with OPB defects. Redrawn with permission from
Moore et al. [187], under the terms of the Creative Commons Attribution (CC BY 4.0) license
which permits use, sharing, adaptation, distribution and reproduction in any medium or

format, provided the original work is properly cited.

1.7 Aims of Thesis

While the multiferroic BETFMO Aurivillius phase system has the potential to radically improve
memory storage technologies, there are still barriers to its optimisation, miniaturisation and
integration into device architectures. It is fundamentally necessary to understand the sub-
unit-cell characteristics governing multiferroic behaviour before its properties can be
optimised and exploited. Therefore, a major focus of this thesis is to ascertain the influence
of sub-unit cell interfaces and structural defects on the multiferroic properties of B6TFMO.
Given that previous work [192] on B6TFMO has shown it is a potential candidate material for
use in DW and vortex topology based nano-electronic devices, a goal of this thesis is to gain
deeper understanding of the role of the [Bi,0,]%* interface layers within the Aurivillius
structure. This, along with realising the impact of disruptions to the interlayers via OPB
defects will aid in exploiting B6TFMQ’s properties for revolutionary memory storage
technologies and DW device applications. Optimising the synthesis of BGTFMO films on
substrates that can alter polarisation direction and epitaxial substrates is another target of

the thesis. Epitaxial growth ensures that well defined multiferroic films with the correct
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orientation can be grown and furthermore allows for strain-induced enhancement of

multiferroic properties in technologically relevant devices.

Previous descriptions of the atomic structure and determinations of cation location
preferences, for example the inclusion of manganese and its preference for the central
perovskite layers [164], [192], has advanced comprehension of the fundamental mechanisms
governing ferromagnetism in B6TFMO. In Chapter 3 the impact of the [Bi»0,]%* interface on
the local cation environments and the multiferroic properties of BGTFMO thin films grown by
DLI-CVD is investigated. High resolution scanning transmission electron microscopy (STEM) is
used in conjunction with electron energy loss spectroscopy (EELS) to spatially probe atomic-
resolution electronic structure at the differing crystallographic B-site sites within the BGTFMO
structure. STEM- integrated differential phase contrast (iDPC) imaging was used to view the
light oxygen atoms within the structure. First principle theoretical calculations of atom
resolved partial density of states (PDOS) help deconvolute the driving factors to the changes
observed in the local cation environments of the B-site cations in BETFMO and their influence

on multiferroic behaviour.

OPB defects and stacking fault defects, commonly found in layered Aurivillius phase
materials, have been recently shown to influence the formation of charged DWs and facilitate
the formation of exotic polar vortexes in B6GTFMO. This occurs naturally, without the need for
an artificial interface or strain engineering [192]. However, the issue with uncontrolled defect
propagation in B6TFMO is that the presence of the structural defects can vary considerably
between samples, leading to inconsistent material properties. In order to synthesise reliable
thin films for real world applications, it is necessary to devise methods to control the density
of structural defects and potentially enhance the associated emergent properties. In
Chapter 4, deposition of BGTFMO films on vicinal sapphire substrates (with a slightly off-axis
substrate cut of 0.2 ° to 10 °) with a controlled density of atomic steps is explored using direct
liguid injection chemical vapour deposition (DLI-CVD) in order to deliberately encourage

structural defect formation into the growing layers.

In odd-layered Aurivillius phases, only a minor out-of-plane ferroelectric response is
measured in c-axis orientated grains, which is the material’s preferred growth direction. This
response is permitted due to the breaking of the mirror plane within the material’s perovskite
layer blocks that are interleaved between [Bi>0,]%* layers [154], [160]. However, the crystal
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symmetry of BGTFMO dictates that the major polarization comes from grains that lie along
the a-plane, which is the in-plane, lateral direction in conventional B6TFMO films [196]. By
improving the accessibility of the a-plane and major polarization vector in vertical
architectures employing BGTFMO could improve its ability to be utilised in circuit designs for
device applications. In Chapter 5, sapphire substrates patterned with dome-like structures
are utilised in order to investigate how an inclined patterned surface will influence the growth

of B6TFMO and affect its multiferroic properties.

Impurity free RT multiferroic BGTFMO films have been successfully grown on non-
epitaxial sapphire substrates as shown in Chapters 3, 4, 5 and previous work [162], [163] using
a two-step deposition technique. However, this method does not accommodate the synthesis
of conformal B6TFMO films that are > 80 nm in thickness. To synthesise thinner conformal
films of B6TFMO, required for integration into future commercial memory devices, epitaxial
substrates must be employed. However, while the epitaxy imposed by substrates allows for
the growth of conformal films sub-10 nm, this epitaxial growth can be confounded by the
presence of impurity phases [171]. In Chapter 6, two factors are investigated to reduce
impurity phases in ~45 nm B6TFMO films synthesised using DLI-CVD. The first set of
investigations considers the influence of epitaxial strain. The second study explores the

influence of the bismuth precursor.

64



2 Experimental Methods

2.1 Thin Film Synthesis

There are several different physical and chemical methods for thin film deposition including
those which use solid-phase, liquid-phase and vapour-phase processes. Solid phase
deposition is not very popular due to the relatively slow movement of atoms in a solid in
comparison to liquids or gases. Liquid phase or wet chemistry techniques have widespread
uses due to their overall simplicity and versatility. Solution processed thin film deposition can
occur via a variety of deposition mechanisms, where the thin film is deposited from a
precursor solution. While the semiconductor industry commonly utilises these deposition
methods for the deposition of resists, advanced solution processed techniques are
increasingly used in emerging technologies that utilise unusual substrates that are for

example, curved, patterned or stretchable (e.g. for plastic electronics and displays) [197].

Chemical solution deposition (CSD) is a solution based thin film growth method where
films are deposited via solution onto a substrate, similar to the process displayed in Figure
2.1. CSD is a commonly used deposition method due to its simplicity along with its relatively
low precursor and apparatus costs. It is often used as a screening technique for the
development of new compositions before using more expensive and specialised deposition
methods. CSD solutions are usually prepared by mixing the chemical precursors with suitable
solvents, such that the desired material composition is achieved with a suitable viscosity. With
this technique, the stoichiometry of the resulting solution can easily be adjusted by changing

the precursor amounts used.
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Figure 2.1 Steps involved in the spin coat process, (a) the precursor solution is dropped onto
a substrate, (b) the chuck spins, creating an even coating of the precursor solution over the
substrate and (c) evaporation of the solvent occurs during a “baking step” enabling the

formation of a thin film.

B6TFMO Aurivillius phase films were first synthesised by Keeney et al. [198] using a
CSD method, as described via Figure 2.2. This recipe is based on a modification of previous
work [162]. Lactic acid and acetylacetone solvents were used as they allowed for the chemical
precursors to dissolve and produce stable solutions with no precipitation. Furthermore, the
chelating ligands of the selected precursors allow for the protection of the reactive sites of
the metal ions in solution, preventing them from entering into any undesirable side reactions.
The spin-coating step allowed for the deposition of a thin film of the material, while the
organic solvents were pryrolzed during the subsequent hot-plate “baking” step. Finally, the
high temperature furnace anneal at 850 °C provided the required thermodynamic energy for

the deposited film to crystallise into the Aurivillius phase.
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Figure 2.2 Schematic of chemical solution deposition process to obtain Aurivillius phase

crystalline thin films.

Vapour-phase deposition techniques are a commonly used for thin film growth and
are divided into two main subsections, physical vapour deposition (PVD) and chemical vapour
deposition (CVD). Both of these techniques involve vaporising a liquid or solid source material
as a means to deposit a film on a substrate surface. PVD is an atomistic approach to vapour
deposition, and includes molecular beam epitaxy (MBE), sputtering, and pulsed laser
deposition (PLD) processes where, for example PLD has been used to synthesise Aurivillius

phase thin films by other groups [199], [200].

CVD techniques, first developed in the nineteenth century [201], [202], involve
processes where gaseous precursors on or near a heated substrate can react such that a new
solid material is formed [203]. In CVD, the vapour phase precursors can be created from a
number of different means; they may already be present in the vapour phase or are vaporised
from a liquid or solid phase. This technique has many advantages over CSD. CVD allows for
initial higher deposition temperatures (100 - 1300 °C), which can often directly produce
crystalline films thus reducing the need for a post-anneal step [204]. CVD allows for the
development of thin films with a more controlled thickness, lower porosity and overall
improved uniformity over the substrate. It is also industrially scalable. Depending on the size
of the reaction chamber, it can accommodate large number of wafers e.g. 100 mm
(4 inch) x 15, 150 mm (6 inch) x 9 or 200 mm (8 inch) x 6 wafers [205], [206]. Another chief
advantage of CVD techniques for growing Aurivillius B6ETFMO, over for example PVD methods
such as MBE, is the high gas pressure (0.6 to 70 mbar) and relatively higher oxygen rich
environments ( 100 to 2000 sccm; 5 to 70 % O3) which can prevent the re-evaporation of

volatile Bi»03 [207], [208].
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There are a number of different types of CVD processes, such as atomic layer
deposition (ALD), low-pressure CVD (LPCVD), ultrahigh vacuum CVD (UHVCVD), metal-organic
CVD (MOCVD), aerosol-assisted CVD (AACVD) and direct liquid injection CVD (DLI-CVD). In this

body of work, all the films synthesised and studied were deposited via DLI-CVD.

2.2 Chemical Vapour Deposition: Direct Liquid Injection Chemical Vapour
Deposition

The instrument used in this research to deposit the Aurivillius phase BGTFMO thin films is the
AIXTRON AIX 200/4FE DLI-CVD, as described in Figure 2.3. When depositing thin films via DLI-
CVD, a number of parameters must be considered in order to achieve the desired film, such
as the reaction chamber design, the precursors along with their chemistry, the substrate,

temperature and pressure [203], [209].
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Figure 2.3 Schematic of the DLI-CVD system.

In DLI-CVD, precursors are utilised in liquid form, where they are injected into a
vaporisation chamber before passing into the reaction chamber containing a heated
substrate. There are number of different types of reactions by which the solid film on the
substrate can form from the vapour phase, such as thermal, decomposition, reduction,
exchange and coupled reactions [209]. How the gaseous precursors react on the surface of a

substrate can be described by the equation
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gaseous precursors (g) — solid material (s) + gaseous products (g) 2.1

In order to get a laminar flow (a type of fluid flow where the gas can travel in a smooth
and regular path) of the gaseous precursors over the heated substrate in the reaction
chamber, the CVD tool is engineered in a particular manner. The gaseous precursors flow
through the CVD reaction chamber and due to fluid mechanics and laminar flow dynamics a
boundary layer forms between the heated substrate and the main gas flow. This boundary
layer is made up of five main reaction zones as shown in Figure 2.4, where the velocity,
temperature and concentration of the precursor changes such that they can react together
and deposit the desired film [209]. Homogenous gaseous reactions can occur in zone 1, the
stagnant boundary layer. Zone 2 marks the interface between the coating layer and the
stagnant boundary layer where heterogeneous reactions occur. These reactions are typically
the reactions that determine the properties of the material coating on the surface and
determine the film deposition rate. Zone 3 signifies the region of the deposited film. Due to
the often high temperatures that CVD operates at, here there can be further solid-state
reactions in this layer. Zone 4 is a diffusion zone between the substrate and the coating layer,
where intermediate phases can form. Here the reactions are critical to the adhesion of the
material coating to the substrate. Zone 5 is the heated substrate where in this region the
temperature and the composition of the substrate play roles in the formation of the film on

the substrate.
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Figure 2.4 CVD reaction zones between the main gaseous precursor flow and the heated
substrate. Zone 1 is the stagnant boundary layer, zone 2 is the interface between the stagnant
boundary layer and the coating layer, zone 3 is the deposited film (the coating layer), zone 4

is the interface between film and substrate and zone 5 is the heated substrate.

CVD processes typically occur via the steps described in Figure 2.5. Initially the gaseous
precursors, in this example AX and Z,, enter the reaction chamber via the main gas flow. Here
the precursors can initially react in the gas phase or be directly transported to the heated
substrate surface where adsorption can occur. Once on the substrate surface heterogeneous
reactions between the atoms and surface diffusion can then occur which results in the
nucleation and formation of the coating or thin film on the substrate surface. Then the by-
products of the reactions can be desorbed from the surface, where they leave the reaction

chamber via the main gas flow.
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Figure 2.5 Schematic describing the elementary physiochemical steps of a typical CVD
process. Initially gaseous precursors, for example AX and Z5, are transported into the reaction
chamber via the gas flow. The precursors can then either directly adsorb to the surface or
react in the gas phase before adsorption. Heterogeneous reactions and surface diffusion take
place on the substrate surface where nucleation of the film and its growth then takes place.
Lastly, the by-products of the reaction are desorbed from the surface and are carried out of

the reaction chamber.

The growth rate of a thin film can be heavily influenced by the temperature and
pressure of the substrate and reaction chamber. As shown in Figure 2.6, three main growth
phases occur with relation to temperature. At low temperatures, the growth rate is
determined by the kinetics of the chemical reactions taking place in the gas phase or at the
substrate surface. This is known as kinetically controlled growth. In this growth region, the
material growth rate rises exponentially with temperature. As the temperature increases, the
growth rate becomes independent of temperature, but is controlled by the mass transport of
the reactants to the substrate surface. This is known as the diffusion-controlled region.
Finally, at the highest temperatures, the material growth rate becomes slower due to an
increased desorption of the precursors before they can react and produce the desired

material on the substrate surface [203].
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Figure 2.6 Diagram depicting the influence of temperature on film growth rate during a CVD

process, indicating the different growth regions available.

The pressure maintained in the reaction chamber is also crucial to the growth rate and
formation of films using CVD. From atmospheric pressure (1000 mbar) to about 10 mbar, a
significant boundary layer is present above the substrate. Due to a short mean free path of
the gas molecules at these pressures, the gas phase reactions play an important role in the
deposition process. At these pressures, the mass transport of the precursors to the surface is
also important towards controlling the film deposition rate. Once the pressure of the chamber
moves to below ~ 1 mbar, then gas phase reactions become less important. The gas molecules
now have a longer mean free path and can readily pass through the thinner boundary layer

above the substrate where the material growth is determined by surface reactions [203].

Choosing the correct precursors for a particular CVD process is critical to achieving
high quality films. Key properties needed for suitable CVD precursors are that they are stable
during storage and delivery to the reaction chamber while also being reactive enough to
undergo viable reactions near or at the substrate surface to produce the desired new
material. They also must be able to produce volatile by-products that can be carried out of
the chamber via the main gas flow [207], [210]. The AIXTRON AIX 200/4FE DLI-CVD tool has

four precursor lines. When depositing BETFMO films, the four precursors used were Bi(THD)3,
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Ti(O-iPr)2(THD),, Fe(THD)3 and Mn(THD)s where THD represents tetramethylheptanedionate
and O-iPr represents isopropoxide. These precursors were dissolved in toluene such that the
Bi, Ti and Fe precursor solutions had a 0.1 mol dm™ concentration and the Mn precursor
solution had a concentration of 0.025 mol dm™3. All precursors were purchased from

Epivalence Ltd.

The AIXTRON AIX 200/4FE DLI-CVD tool shown in Figure 2.3, has four stainless steel containers
from which the liquid precursors are injected into the vaporiser (TriJet™ evaporation unit).
Flow meters control the volume of liquid precursor injected into the vaporiser, while the
precursor lines and vaporiser are kept at 220 °C, to prevent any condensation and blockages.
From the vaporiser, the gaseous precursors enter the hot-wall reaction chamber. In this work,
a conventional simultaneous DLI-CVD is used, where the injected precursors enter the
reaction chamber at the same time and are carried over the heated, rotating susceptor plate
that holds the substrates. In order to control the film growth rate, thickness and
stoichiometry, the pulse frequency of the injections, the number of pulses and the valve
opening times for each precursor is changed, respectively. The chemical precursors in oxygen
and nitrogen gas that flow over the substrate are then removed from the reaction chamber
through the exhaust where unreacted precursor and by-products are removed by a scrubber

system.

The surface termination of the substrate is also an important parameter to consider
when growing a thin film. For many thin film multiferroics, having a substrate with an
atomically flat singly terminated surface is essential. Substrates can have a variety of different
terminations depending on their composition and the crystallographic plane in which they are
cut. However, they often have mixed surface terminations and are not atomically flat when
purchased from commercial providers. Many different treatments, such as thermal
treatments, wet etching (either acids or bases) and deionised water soaks have been
developed on their own or combined together in order to achieve atomically flat, singly
terminated substrate surfaces. For example (001) SrTiOs3, can be SrO or TiO, terminated.
These are neutral terminations and through high resolution synchrotron-radiation
photoemission spectroscopy it has been proved that the TiO, group is more stable and
energetically favourable than SrO [211]. In the case of perovskite substrates such as SrTiOs or

NdGaOs3 methods such as annealing, deionised water treatments and acid etching have all
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been proven to achieve surface terminations and create uniform step terraces on substrate

surfaces [190], [212]-[215].

Substrates with vicinal (mis-cut) surfaces offer a potential route to control the
formation of OPB defects and domain walls within Aurivillius phase thin films. The mis-cut
angle of a substrate surface is the degree at which the surface of the sample is cut away from
a particular crystallographic plane. Typically, substrates used for epitaxial growth have a very
low mis-cut surface of > 0.5 °. However there have been studies carried out growing both
perovskites and Aurivillius phase materials on substrates with higher mis-cut angles [216],
[217]. A substrate with a high degree mis-cut angle have been shown to increase the number
of stacking faults within the deposited material, which can affect material properties and thin
film growth. For example, it has been shown that for the deposition of the perovskite
Pb(Mg1/3Nb2/3)03-PbTiO3, the use of epitaxial substrates with a 10 ° mis-cut (when compare
to substrates with no mis-cut), can prevent the formation of a lead deficient pyrochlore phase
within the material [217]. While for BisFeTi3zO1s films, the increase of an NdGaOs substrate

mis-cut from 0.02 ° to 0.05 ° results in modification of the ferroelectric domain patterns [190].

2.3 Characterisation Methods

2.3.1 X-ray Diffraction

With the discovery of X-rays just before the turn of the century [218], in 1912 Laue et al.[219]
measured the first diffraction pattern through the cubic zinc blende structure; however, Laue
et al.[219] were not fully able to deconstruct how this pattern related to the material’s crystal
structure. Following from this work, W.H. Bragg and W.L. Bragg [220] developed the
technique of X-ray diffraction (XRD) as it is known today. X-rays, which have a wavelength on
the nanometre scale, similar to that of the distances between atoms in crystals, mostly pass
through a material unchanged, however a small amount of the X-rays scatter in different
directions. The periodic nature of crystals allow for the incident X-rays to reflect off planes of
atoms and the resulting reflected light from a of particular atomic plane will interfere in a
manner dependant on the angle of the incident light and the spacing between the atomic

planes, as shown in Figure 2.7. When this interference is constructive, it is known as
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diffraction and the relationship by which this can happen in a periodic crystal structure is

summarised by Bragg’s law:

2dsinf = nl 2.2
Where d, the path length, is the spacing between atomic planes, 0 is the incident angle
between the X-ray and the atomic plane, A is the wavelength of the incident X-ray and nis an
integer value. Bragg’s law states that when an incident X-ray passes through a crystal and
interacts with the surface of an atomic plane at an angle 6, there will be a scattering angle
reflected back equal to 8. When the path difference is equal to an integer number of

wavelengths (nA), constructive interference will occur and a reflected signal can be detected.

Figure 2.7 Schematic of the Bragg condition. Incident x-rays 1, 2 and 3 are reflected from the
atomic crystal panes A, B and C. The X-rays are reflected from the planes at an angle 8, where
the reflected X-rays 1’, 2’ and 3’ interfere with each other. If constructive interference occurs,

can be detected by an increase in signal.

Laboratory XRD measurements typically use a monochromatic X-ray source generated
via bombardment of a metal source (commonly Cu or Ge) with a beam of electrons. The core
electrons excited in the metal source emit X-rays of a desired energy when decaying back to

their ground states. The X-ray beam is then passed through a collimator to ensure only a single
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wavelength remains. The monochromated X-rays then can travel through a series of slits and
filters in order to optimise the beam for sampling. The application of divergence slits sharpens
diffraction peaks at the cost of peak intensities. Masks can be used to ensure sampling occurs
over a certain sample area. Filters, such as Nickel for a Cu X-ray source, to remove Kg radiation
in order to give a cleaner data set mainly comprised of just Kq radiation [221]. In modern
instruments, the diffracted beam within which crystal information is contained is collected
using a radiation detector known as a diffractometer. The resulting pattern is then used to

analyse the sample.

XRD has been incredibly important for allowing chemists to determine the atomic
arrangement of various materials, from initially simple crystals such as sodium chloride and
diamond [222], [223] to now complicated biologic proteins such as ribosome containing
404,714 atoms in its crystal structure [224]. In materials chemistry, XRD is commonly used to
characterise the crystal phase, orientation and thickness. Structural properties such as a
material’s lattice parameter, strain, epitaxial relationship, phase composition and grain size
are also determined using XRD and are crucial parameters when assessing thin film growth in
materials such as the Aurivillius phases. The Aurivillius phases, which are mixed layer
materials (made up of alternating a number of ABOs perovskite layers between Bi,0; fluorite
layers), can have a variable number of perovskite layers within their structure. XRD is an
extremely useful tool to determine what Aurivillius phase has been synthesised, as peak
position and shape differs depending on the number of perovskite layers in the structure. XRD
can also be used to determine the level of ion substitution into the structure and to determine
if any chemical impurities are within the material by analysing the peak positions. While the
peak shape and peak full width half max (FWHM) values can provide information on the

presence of possible structural defects within the films.

In this thesis, the majority of the XRD patterns analysed are of Aurivillius phase thin
films. These were acquired using a symmetric XRD set up in the Bragg condition as shown in
Figure 2.7. The data is presented using 26 values, where 20 is the angle between the incident
X-ray beam and the deflected beam. The Aurivillius phase thin films have a preference to grow
along the c-axis direction, thus in the 20 scans, the majority of peaks are made up from (00/)
reflections, (where hk/ are Miller indices, used to describe the position of crystal planes).

Rocking curve measurements were also carried out on particular peaks. For these

76



measurements, the detector is set to the position of an expected Bragg reflection and then
the sample is tilted. This measurement aids in the understating of the orientation of the
crystallites and strain, where for a perfect defect free crystal a very sharp peak would be

acquired.

XRD measurements were performed using a Panalytical X’'Pert MRD Diffractometer
(Cu Ka radiation A = 0.1541876 nm) (45 kV, 40 mA). Rocking curve analysis was performed
remotely using a Rigaku Smartlab with a 9 kW Cu rotating anode, a 2-bounce Ge

monochromator, and a Hypix detector.

2.3.2 Atomic Force Microscopy

Atomic force microscopy (AFM) is a surface measurement technique first developed in the
late 1980’s by Binning et al. [225] in order to investigate electrically non-conductive materials.
AFM was developed as an extension of scanning tunnelling microscopy [226] (STM) which by
utilising quantum tunnelling through a conductive sample could allow surface imaging at the
atomic scale. AFM is a scanning probe technique where a sharp tip (radius = 1 to 20 nm),
attached to a larger stiff cantilever, is raster scanned across the surface of a sample in order
to measure its properties. With AFM a larger variety of materials can be investigated in
comparison to STM, as instead of measuring current, the interactive forces between a tip
attached to a cantilever and sample surface are utilised to visualise surface topography. The
cantilever acts as a spring where its bending or deflection is proportional to the forces felt
between the tip and surface. If the cantilever has a known spring constant, Hooke’s law can
be used to determine the force between the tip and the sample surface. AFM measurements
are taken and recorded when a laser is directed onto the cantilever, as described in Figure
2.8. As the cantilever moves across a surface, the reflection of the laser beam from the
cantilever changes with the deflection of the cantilever in response to surface features. This
reflected beam meets a position sensitive photodiode where the laser reflection is detected
and recorded. The photodiode measurements are then used to produce a topographic image

of the features on a sample surface [227].
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Figure 2.8 Schematic of a general set up for AFM measurements.

When carrying out AFM measurements, three regimes are to be considered when
dealing with the force interactions between the tip and the surface, as shown in Figure 2.9.
The first regime is when the tip is very far from the surface and the forces between the tip
and surface are negligible. The second regime occurs when the tip is closer between (10 to
100 nm) to the surface and there is an attractive tip-surface interaction. The final regime
happens when the tip is very close or in contact (0.1 to 10 nm) with the surface and there is
a repulsive force / interaction between the tip and the surface. Different methods of AFM
measurements operate in the different regimes; contact modes in the repulsive regime and
non-contact modes in the attractive regime. The various operational modes are commonly
divided into two different categories: static (non-oscillating cantilever) and dynamic

(oscillating cantilever).

Constant force contact mode [225], a static form of AFM, measures topography by
keeping the tip in constant contact with the sample surface in the repulsive regime. In this
operational mode, the laser beam deflection off the cantilever as it scans is processed into a
feedback loop such that the force between the tip and sample is kept constant using a piezo-
scanner. The surface map is then a product of the changing sample/tip position needed to
keep the force between them constant. In this measurement method, strong forces are felt
between the sample and the tip, thus, the sample should be hard in order to avoid damage

from the AFM tip. It should also be noted the surface features measured should be in the
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nanometre range, as due to the tip dimensions, the true heights of the larger lateral features

can be difficult to capture.
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Figure 2.9 AFM tip and sample surface force interactions as a function of distance (Lennard-

Jones potential).

Dynamic mode techniques are considered a less harsh measurement method, useful
for use on biological or softer (e.g. polymers) samples that could be damaged by the strong
interaction in the contact mode measurements. Dynamic modes such as non-contact and
tapping (AC), also use the cantilever as a spring. In non-contact [228], [229] mode, the
cantilever is oscillated at a fixed frequency using a drive amplitude. In this mode, the tip is
oscillated at a fixed frequency at or near its resonance frequency while raster scanning the
sample surface. During scanning, the phase between the drive amplitude of the oscillation
and the actual amplitude of the cantilever oscillation changes indirectly with the surface
features. The oscillation amplitude depends on the frequency shift of the resonance of the
cantilever as the tip approaches the surface. Attractive forces between the tip and the surface
leads to the cantilever having a lower frequency, while repulsive forces cause the resonance
frequency of the cantilever to increase. In non-contact mode the tip is operated in the
attractive regime. Looking at Figure 2.9, the relationship between the forces acting on the tip
and the tip-sample distance can be seen. Using the feedback loop in the AFM system, the
drive amplitude is set to a fixed value, to keep the tip oscillating at the fixed frequency. To
maintain this set drive amplitude value the sample/tip distance is adjusted while scanning and

this adjustment can be used to provide topography images of the sample surface.
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Tapping (AC) mode AFM is a frequently used form of AFM and relies on an oscillating
cantilever with intermittent contact of the tip to the sample surface. It has advantages over
both contact and non-contact measurement modes due its ability to deal with the
contamination layer, usually made up of water that is present on samples measured at
ambient conditions. In constant force contact mode, the strong capillary forces of the
contamination layer could drag the tip laterally and result in image distortions. In non-contact
mode, unintentional contact with the surface can cause the capillary forces to contribute to
the force interactions while measuring, while in tapping mode the tip intentionally has to pass
through this contamination layer and the stiff cantilever has enough energy at the contact
point to overcome any attractive forces caused by the contamination layer. In comparison to
non-contact mode, tapping mode still oscillates at a fixed frequency and the amplitude of the
cantilever oscillation is measured, however much larger oscillation amplitudes are utilised.
The amplitude only depends on the tip-sample distance and a drive frequency close to the
resonance frequency of the cantilever in free air (often ~5 % below) is used. As the tip is
brought into contact with the sample surface, it enters the repulsive regime, which in turn
causes the resonance amplitude of the cantilever to decrease. The feedback loop of the AFM
system is used to keep the drive amplitude constant during raster scanning of the surface.
The changes in the amplitude and phase of the oscillations are measured and height and force

images of the sample surface can be produced.

While it is critical to pick the optimal operational mode for a particular sample when
imaging, the lateral resolution and quality of sample imaging is highly dependent on the tip
of the probe used in AFM. Tips vary in size usually with a radius below 15 nm attached to a
stiff cantilever, that is of the order of a few hundred microns in length attached to a larger
cantilever holder which the AFM user picks up with tweezers and slots into the probe holder
connected to the electronics of the AFM tool. The tip geometry determines the outcome of
the AFM imaging as shown in Figure 2.10. Therefore selecting a tip with an appropriate radius
for the features one is imaging and ensuring that the tip shape is as expected i.e. not
damaged, is crucial for accurate imaging of a surface. Tip wear and shape degradation can
occur from repeated contact with sample surfaces or by picking up contaminants from the
surface while imaging. The material of the tip is usually made of silicon or silicon nitride with

silicon tips being sharper but more prone to wear than the silicon nitride tips. Other tip
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materials, such as diamond, can also be acquired. These are very hard tips which are
extremely wear-resistance and long lasting, thus are useful for electrical measurements. The
ability to apply different coatings to AFM probe tips, alongside modifications to the AFM set-
up, open doors to a wide variety of sample properties that can be characterised, such as Kelvin
probe microscopy [230], magnetic force microscopy [231] and piezoresponse force

microscopy [232].

Figure 2.10 Schematic visualising how tip dimensions can affect imaging of surface features.
In a) and b) the image distortion of the feature being measured can be visualised using the
black dotted line. ¢) and d) show how a tip with a narrow radius can image surfaces to a higher

resolution.

In this thesis, the majority of AFM imaging was performed using an Asylum research
MFP-3D AFM in AC tapping mode. Oxford Instruments AC160TS-R3 and Olympus AC240TS (Al
reflex coated, 15 nm tip radius, 300 kHz resonant frequency and Al reflex coated, 7 nm tip

radius, 70 kHz resonant frequency respectively) probes were used for imaging.

A commercial Bruker Dimension Icon in PeakForce Tapping mode (with Bruker
SCANASYST-AIR probes, Al reflex coated, 2 nm tip radius, 70 kHz resonant frequency), was
also used to measure substrate surfaces in this work. The smaller tips of the probes allowed
for higher resolution imaging needed in order to obtain topographical profiles of the surface

steps on substrates before thin film deposition.
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2.3.3 Piezoresponse Force Microscopy

With the discovery of scanning probe techniques in the 1980s, a flurry of new adaptions to
AFM were realised in order to further characterise material properties. One property of
interest was the nano-scale polar behaviour of ferroelectric materials. Different techniques
were developed, such as Electrostatic Force Gradient and Effective Surface Potential, which
are non-contact microscopy modes that can be used to image nanoscale electrostatic surface
potentials [233]. Contact operational modes, such as Scanning Capacitance Microscopy,
Scanning Near Field Optical Microscopy and Piezoresponse Force Microscopy emerged, which
are able to characterise ferroelectric properties of the sample surface below the scanning tip.
Piezoresponse Force Microscopy (PFM) is the technique used in this research to probe
ferroelectric response at nano-scale. It was developed by Githner and Darnsfeld [232] in 1992
and takes advantage of the inverse piezoelectric effect, which was discovered by the Curie
brothers in the 1880s [24]. The piezoelectric effect occurs in a crystal when an electric field is
produced by putting mechanical stress or strain onto the material. When the piezoelectric
effect is reversed, it is known as the inverse piezoelectric effect. Here an electrical field is
applied to a crystal, which causes the crystal structure to expand or contract. In PFM, the tip
which is coated (usually with a metal or alloy) in order to be conductive, is used to apply a
local AC (alternating current) voltage to the sample while raster scanning its surface. Changes
due to the electromechanical strain are detected. If the material is piezoelectric, an
electromechanical change to the surface as a result of the applied AC voltage is detected, as
shown in Figure 2.11. If the polarisation component being measured is in the out-of-plane
(perpendicular to the surface) direction, the vertical deflection of the cantilever indicates the
direction of the electromechanical response. The direction of this response is dependent on
the direction of the polarisation component. For example, if a positive voltage is applied to
the sample where the out-of-plane polarisation vector is pointing upwards, the material will
contract as shown in Figure 2.11 (b). For materials where the polarisation component acts
along the in-plane (parallel to the surface) direction, the displacement of the crystal caused

by the spontaneous polarisation is measured through the torsional bending of the cantilever.
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Figure 2.11 Schematic indicating how the application of an electrical voltage to a
piezoelectric material can locally alter the shape of the surface where it is applied. In a)
no voltage is applied in b) and c) a positive voltage is applied to the samples while in d)

and e) a negative voltage is applied to the samples.

PFM can also be used to switch the spontaneous polarisation in ferroelectric materials
and to “write” and “read” ferroelectric domains. By applying a DC voltage to a ferroelectric
through a conductive tip where the DC voltage exceeds the coercive field of the material, the

spontaneous polarisation can be switched in a particular direction.

In this thesis, PFM was performed using an MFP-3D™ Asylum Research instrument.
Two types of probes were used over the course of the research: the Oxford Instruments
AC240TM-R3 electrilevers (Ti/Pt coated silicon probes, Al reflex coated, 25 nm tip radius, 70
kHz resonant frequency)) and the Adama AD-2.8-SS super sharp boron-doped diamond
probes (< 5 nm tip radius, 75 kHz resonant frequency). PFM was conducted in lateral (LPFM)
and vertical (VPFM) Dual AC Resonance Tracking (DART-PFM) modes [234]. The DART-PFM
method of measuring boosts the measured signal while reducing instrumental crosstalk. In

this measurement method, the contact resonant frequency is tracked while imaging over the
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changing sample topography using a feedback loop. As the contact frequency changes
through the feedback loop, the drive frequency can then be adjusted to optimise the PFM
signal. Figure 2.12 demonstrates haw the how the drive frequency changes in DART-PFM
when imaging over surfaces with different roughness. The initial drive frequencies (f1 and f;)
are set such that amplitudes are equal, A1 = A;. However because the contact resonance
frequency shifts while imaging over a sample with non-zero roughness, amplitudes A;‘and A,’
are recorded. These amplitudes are no longer equal, and here the feedback loop detects this
difference as an error signal, which the controller uses to track the resonance frequency
changes and to adjust the drive frequencies accordingly. The change in drive frequency in
accordance with the new resonate frequency resets the amplitude values to once again be

equal, boosting the signal of the PFM measurement.
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Figure 2.12 Diagram demonstrating DART-PFM feedback loop is required to adjust to

accommodate changes to sample topography during imaging.
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2.3.4 Transmission Electron Microscopy

The transmission electron microscope (TEM) was first developed by Knoll and Ruska in
1931 [235], where the barrier on microscope resolution that had been imposed by visible light
was overcome by using an electron beam. Further development of the electron microscope
lead to the development of the scanning electron microscope and the scanning transmission
electron microscope in 1935 and 1938 by Knoll [236] and von Ardenne respectively [237],
[238]. Initially, the resolution limit of electron microscopes was ~10 nm, two orders of
magnitude smaller the 200 nm theoretically smallest resolution from optical microscopes
[239]. Now electron microscopes have been developed such that atomic scale images of

~0.1 nm can be captured [240], [241].

A TEM operates by using a high voltage electron beam that passes through a sample
specimen to create an image as demonstrated in Figure 2.13. A high voltage passes through
an electron source where under vacuum an electron beam is created. The electron beam is
then focused onto a thin sample specimen using an electromagnetic lens. Once the beam
passes through the specimen, it is focused onto a fluorescent screen where an image is
formed. The image is formed from different shades (from black to white) according to the

density of the specimen it had passed through, thus forming an image of the sample.

Samples for TEM must be very thin, in order for the electrons to pass through the
sample specimen and form an image. In material science and especially when investigating
thin films types in this thesis, a thin cross section of the material is acquired to investigate
properties such as thickness and composition. The samples is this work were acquired using
the focused ion beam method [242], where a thin cross-section (ideally 40 to 80 nm), is cut
from the original sample piece and attached to a copper grid for TEM analysis. After the cross-

section is cut, often further thinning can be carried out by milling the sample [243].
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Figure 2.13 Schematic of a basic TEM setup.

Scanning transmission electron microscopy (STEM) is a type of TEM where extra
scanning coils are in placed the system such that the electron beam becomes more focused.
The focused beam then scans line by line over the sample specimen to create an image.
Aberration-corrected STEM imaging increases the focus of the electron beam and typically
offers better resolution than traditional TEM. Abberration-corrected STEM is very useful
when visualising at atomic resolution and can be used in conjunction with chemical analysis
tools such as energy dispersive X-ray spectroscopy or electron energy loss spectroscopy. High-

angle annular dark field (HAADF) STEM imaging was utilised in this thesis for investigating the
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structure of the Aurivillius phase and the presence of sub-unit cell defects. In this technique,
the HAADF detector measures inelastically scattered electrons hitting the sample at high
angles. The image intensity from this technique is proportional to 1.4 of the square of the
atomic number. Thus, it results in bright spots most visible for heavy atoms. In the case of
B6TFMO, it is useful for visualising the heavy Bi atoms, and also enables the visualisation of

the B-site cations.

In order to directly visualise the light oxygen atoms in BETFMO at sub-A resolution,
integrated differential phase contrast (iDPC)-STEM imaging was used in Chapter 3 [244]. The
technique allows for the observation of low Z-elements, such as oxygen, using a bright
contrast and dark background with a higher signal to noise ratio when compared to

competing techniques, such as annular bright field STEM (ABF-STEM) [245].

STEM and TEM imaging was carried out with many collaborators using tools such as
the FEI Titan FEG (S)TEM at 300 kV, a JEOL JEM 2100 in bright field mode at 200 kV, a Thermo
Fisher Scientific Themis Z operated at 200 kV and a Thermo-Fisher Scientific FEI double

aberration-corrected monochromated Titan Themis Z at 300 kV.

2.3.5 Electron Energy Loss Spectroscopy

Electron energy-loss spectroscopy (EELS) is a method of quantifying the atomic structure and
chemical composition of a material by measuring the kinetic energy of electrons after they
have passed through a sample piece. When electrons travel through a material, there is an
interaction between them and the electrostatic field of the atomic nuclei and electrons
through which they pass, as shown in Figure 2.14. There are two types of interactions which
the electrons can undergo when they pass through a material: elastic scattering (columbic
interaction with atomic nuclei) and inelastic scattering (columbic interaction with atomic
electrons). In the case of EELS, the inelastic primary process of electron excitation (where the
traveling electron is scattered and transfers energy to an atomic electron) is utilised. Here,
the traveling electrons produced via an electron beam passing through the sample piece are
measured by a high-resolution electron spectrometer. Then the scattered electrons are
separated by energy and a plot of the number of electrons detected as a function of energy

is produced [246].
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Figure 2.14 lllustration of the common interactions between a TEM sample specimen and the

electron beam.

As the electron beam passes through a sample, the majority of electrons are passed
through without any energy loss and this is the first peak measured, the zero-loss peak. This
peak can be used to align the measured energy-loss data and to give information about the
sample’s thickness. Energy-loss caused by outer shell atomic electrons are found at energies
of <50 eV and is known as the low-loss or valence region of the EELS spectrum. Higher energy
loss caused by the inner-shell electrons > 50 eV show ionisation features that represent the
inner-edges, where the intensity initially rises rapidly. Then as the energy loss increases, the
intensity decreases more gradually. The point at which the edge feature begins approximately
represents the binding energy of the corresponding shell, which is dependent on the atomic

number of the scattering atom, thus the element type within samples can be determined.
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There is also a fine structure associated with the core-loss edges that reveals information
about the bonding, oxidation state or energy band structure of the atoms within the sample

[246], [247].

When carrying out EELS experiments, the tool is often incorporated into a STEM/TEM
setup. Here, typical electron beam energy ranges between 60 to 300 keV are used to probe
the samples, such that local concertation of elements from an EELS spectrum can be
correlated to a sample image such that atomic resolution can be obtained. The main
limitations to EELS spectroscopy is the sample thickness. When the sample thickness
increases above ~70 nm, the interaction of the primary electrons within the sample results in
the electrons undergoing multiple energy loss events (Plasmon, Auger, secondary electron),

thus reducing the signal-to-noise ratio of the EELS data.

EELS - spectrum imaging (SI) was performed a Titan3 G2 60-300 with a
monochromated Schottky-FEG and a Gatan Quantum with both an UltraScan 1000 CCD and a

K2 direct electron detector.

2.3.6 Superconducting Quantum Interference Device Measurements

In 1962, Josephson [248] first formulated the theory for tunnelling between superconductors,
the premise from which a superconducting quantum interference device (SQUID) is based.
His theory indicated that electron tunnelling between two superconductors with a thin
insulator layer between them would lead to a supercurrent (a current that flows without

dissipation). This current is defined in equation 2.3:

i = I;sing 2.3
Here the supercurrent passing through i, is defined by the critical current, Ic and the
phase, ¢. There are two types of Josephson effects: AC and DC. In the DC effect, a current can
flow without any applied voltage. This current is proportional to the phase difference

between the wavefunctions of the tunnelling electrons [249].

In an AC junction, as shown in Figure 2.15, the Josephson junction will oscillate with a
characteristic frequency, which is proportional to the voltage across the junction. The
difference in the phase between the two superconductors can then be measured through

either effect. Because the phase of a quantum state is altered by magnetic flux, the Josephson
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junction can be used to measure the magnetic flux [249]. In an AC effect based SQUID device,
if a constant current is maintained, the measured voltage from the device only varies with
changes due to the phase at the two junctions, which is dependent on the change in the

magnetic flux. Thus, by measuring the voltage the magnetic flux change can be determined.

Biasing Current

Magnetic
Field
e
X X x X Superconductor
h
- X X X X - Insulator Jophsep? son
Junction
X X X X Superconductor

Variation in voltage @
corrosponds to
variation in
magnetic flux

Biasing Current

Figure 2.15 Schematic of how the magnetic flux can be measured using the AC Josephson

effect.

Modern SQUID magnetometry tools often operate at cryogenic temperatures e.g. 0 K
up to and above room temperature. Detection of the magnetic flux quanta is performed as a
sample is moved up and down within the tool. SQUID magnetometry is very useful for the
measurement of thin films such as those in this thesis with thickness of 100 nm and below
due to its sensitivity. The technique can detect magnetisation as low as 10® emu (using a
Quantum Design MPMS3 magnetometer). In this work, SQUID magnetometry was used to
measure the magnetic response (M) of the B6TFMO films as a function of temperature (T)
and as a function of an applied magnetic field (H). When measuring the magnetic behaviour
of the material in response to an applied magnetic field, a non-linear response is measured
for materials that are, for example, ferrimagnetic, anti-ferromagnetic or ferromagnetic. For
example, a ferromagnetic material produces a hysteresis loop when measuring the
magnetisation in the presence of an applied field. It will have a net magnetisation value even
when the applied field is removed. These measurements can be performed at a variety of

temperatures to investigate the influence of temperature on the magnetic response. SQUID

90



magnetometry measurements are also used to extract information such as the coercive field

or saturation magnetisation of the material.

Furthermore, Zero Field Cooled (ZFC) — Field Cooled (FC) measurements can provide
more information on the magnetic nature of a material. For the ZFC measurements the
sample is cooled down to ~2 K without the presence of an external magnetic field. As there is
no magnetic field in this measurement, the magnetic spin of the electrons in the material are
not orientated. Then a magnetic field is applied to the sample at low temperature and the
material is brought up to room temperature, while the magnetisation is recorded. The FC
measurement is then recorded with the applied magnetic field maintained while the
temperature is decreased back down to 2 K, where the spins have the opportunity to
orientate. The remanence (the magnetisation after removing the magnetic field) of the
material can then be measured by removing the magnetic field and measuring the
magnetisation as the temperature is brought back up to room temperature. The ZFC-FC
measurements are useful for determining the transition temperature of a material below the
point at which the two sets of data diverges and can indicate a ferromagnetic or

antiferromagnetic character.

The magnetic measurements were performed in a Quantum Design MPMS3

magnetometer.

2.4 Simulation Methods

2.4.1 Polarisation Mapping

With the development of high resolution TEM and STEM imaging techniques such that the
atomic components of materials can be imaged as discussed in Section 2.3.4, software has
been developed in order to investigate local polarisation within ferroelectric materials.
Through the use of atomic displacement mapping, local properties of ferroelectric materials
have been investigated, such as ferroelectric domain walls [250], [251] and polar

vortices [107], [109] as discussed in Section 1.4.2.

In this thesis, atomic displacement mapping of the B-site cations from HAADF-STEM
images was carried out using the Atomap Python package [252] and the TEMUL Toolkit Python
package [253], [254]. These packages are built on Hyperspy, which is a python library that
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enables the interactive analysis of data [255]. The Atomap package allows for the
determination of the A- and B-site atom positions from a HAADF-STEM image. Following this,
2D Gaussian refinement can then completed on each atomic column, such that a variety of
structural information can be extracted, e.g. the distance between atoms. Image analysis and
mapping, as well as polarization vector analysis, could then be carried out using the TopoTEM

module of the TEMUL Toolkit Python package. An example workflow is shown in Figure 2.16.

In order to get the atom positions for the brighter A-site cations and construct an A-
site sublattice, the Atomap, “get_atom_positions” function was used. The fainter B-site
positions and subsequent sublattice were then located using the help of an appropriate zone
axis from the A-site sublattice via the “construct_zone_axes”,
“find_missing_atoms_from_zone_vector” and “find_nearest_neighbors” functions. If there
were any issues with the atomic positions from this automation, the interactive
“add_atoms_with_gui” function could be used to correct the data before using the
“refine_atom_positions_using_2d_gaussian” function to compete the 2D Gaussian

refinement of the atom positions.

When the A- and B- cation positions are saved (as seen in Figure 2.16 (b)), they can be
used in the TopoTEM package to find and plot the polarisation vectors due to the
displacement of the B-site cations (as seen in Figure 2.16 (c)) using the

“get_polarization _from_second_sublattice” and “plot_polarisation_vectors” functions.
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Figure 2.16 Example workflow for the calculating and plotting polarization vectors from

atomic resolution images.

2.4.2 Diffracted Intensities From Faulted Xtals

Diffracted Intensities From Faulted Xtals (DIFFaX) is a FORTRAN based code designed by
Treacy et al. [256] where XRD patterns of materials can be simulated by creating a specific
structure file. Within the structure file, the crystal system and measurement parameters can
be set. To create an accurate structure file of a crystal, the atoms in the structure are
considered as layers, which interact through stacking operations of different probabilities.
The programme allows for the inclusion of planar defects into a crystal structure, letting one

model the impact of these defects on the diffraction pattern of a given crystal. The FORTRAN
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code has five operations from which diffraction information can be acquired. The main two
functions used in this work were: 0 - Point and 3 - Powder Pattern. The Point function, can be
used to find out details on the intensity, scattering angle position and layer structure factors
for a reciprocal lattice point. The function views one point at a time as input by the user.
Powder Pattern Function calculates a powder pattern within a specified 26 range and 20

stepsize input through the DIFFaX interface.

When constructing the read file of a structure, there are four separate sections to be
considered: Instrumental, Structural, Stacking and Transitions where the DIFFaX manual
version 1.813 [257] was used to understand these sections. In the Instrumental section of the
structure file, the radiation type e.g. X-ray and wavelength is selected along with an option
for instrumental broadening. There are three types of instrumental broadening profiles,
Gaussian, Lorentzian and Pseudo-Voight and this parameter is only important with regards to
the powder pattern outputs. In most cases, a Gaussian or Lorentzian broadening is
appropriate to use, where the degree of the FWHM of the reflections can be set. However, if
using the Pseudo-Voight broadening, it should be noted that as this broadening varies with
scattering angle, four input parameters are required. Three (u, v, w) to control the FWHM and
another (o) to control the contribution of the Gaussian and Lorentzian components to the

broadening.

The Structural section of the file is where the details of the crystal structure are input.
The unit cell parameters and point symmetry are specified. The cell dimensions are made up
of a, b, cand y, where c is perpendicular to the a-b plane. The value of cis an important value
as it provides a reference along the stacking direction from which the z-competent of the
stacking vectors can be defined. This section can also let the creator define the Laue symmetry
of the calculated diffraction data. It is recommend to use the UNKNOWN function for this
component and let DIFFaX work out the symmetry of the structure. However if the user
wishes to control this parameter, there are 12 possible options: 10 diffraction point groups
(-1, 2/M(1), 2/M(2), MMM, -3, -3M, 4/M, 4/MMM, 6/M, 6/MMM) , UNKOWN and AXIAL. The
twelfth option AXIAL was used in this thesis as it constrains DIFFaX to only integrate along the
(00l) axis, which replicates the XRD patterns measured for thin films. In this section, the

number of layers that will be created needs to be defined and an optional line which defines
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the width of the crystal in the horizontal a and b directions can be defined, in his work it was

left as infinite.

Next, the different atomic layers are defined for the structure. They are labelled as
Layer 1, Layer 2 etc. In this section, the structure of each layer is created. Initially, the
symmetry of the layer structure can be defined as either NONE or CENTROSYMMETRIC. If
CENTROSYMMETRIC, only the asymmetric half of the atom coordinates need be entered. In
each Layer the atoms contained in the layer are defined. The atom name and oxidation state
is selected and each atom within a Layer is given a label of 1, 2, 3 etc. The x coordinate relative
to the g-axis and the y coordinate relative to the b-axis are defined here as fractional
coordinates of a unit cell. The z coordinate relative to the c-axis is left at zero here, and in the
Transitions section, the spacing between the layers in the c-axis direction is defined. It should
be noted, that in this section, a distinct layer must be created for layers, even if they are
structurally identical but have different stacking behaviour in the vertical c-axis direction. The
final two parameters to fill in this section are the isotropic Debye-Weller factor and occupancy

factor.

In the Stacking section, simply the order of the stacking of the layers created in the
Structural section are defined. There are two options: EXPLICIT and RECURSIVE. In this thesis,
the EXPLICIT option is used where a unique, fixed sequence of layers is defined by the user.
The RECURSIVE option allows the calculations to be carried out for a statistical ensemble of
crystallites, each with a distinct stacking sequence, but weighted by the probability that such

a sequence will occur.

Finally, the Transitions section is used to define the stacking in the c-axis direction
between each distinct layer as ordered in the Stacking section. Firstly, for each distinct layer,
a line is created to describe the transition between it to each other layer that was created in
the Structural section. The stacking probability is defined between 0 and 1, typically selected
as 1 divided by the number of distinct layers in the structure. For layers that have no transition
between them i.e. they are never stacked next to one another, the components of the
stacking vector can be left as 0. When there is a transition between two layers, i.e. when they
are stacked next to one another; a z-component of the stacking vector relative to the c-axis is

defined. In this work, experimental neutron diffraction data was acquired from the literature
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to find the distance between a particular set of layers in the c-axis direction and subsequently

used for the z-component of the stacking vector relative to the c-axis.

For this work structure files were created for m =4, 5 and 6 Aurivillius phases based
on the data from [150], [258], [259]. Furthermore, additional layers were created to describe
m =4 and 6 intergrowths within an m =5 structure file. Through using the EXPLICIT stacking
function within the structure file and DIFFaX, the impact of the density and position of the

intergrowths within the m =5 Aurivillius phase could be examined.

2.4.3 Density Functional Theory

Density Functional Theory (DFT) is a computational modelling method used to investigate the
electronic or nuclear structure of systems comprised of many bodies, such as atoms or
molecules [260]. It begins with the quantum mechanical many-body Hamiltonian to calculate
the electron density that minimises the total energy in a given system. DFT calculations were
performed using Vienna Ab initio Simulation Package (VASP5.4) [261], where the atom
resolved density of states for the different perovskite layers within the Aurivillius phase
system could be determined. In these types of calculations, the impact of factors such as
electrostatic boundary conditions, epitaxial strain, and structural changes on the electronic

density of sates of the atoms within the system can be explored.
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3 Atomic Level Origin of the Impact of Octahedral Tilting and
Tetragonal Distortions on the Functional Properties of the Room
Temperature Multiferroic BigTisFe1.5Mng.501s

In this chapter, all research is the work of the author, with the exception of the following
contributions from collaborators: M. Schmidt (Tyndall-UCC) prepared cross-section lamella of
the samples. N. Bagués (Ohio University) carried out scanning transmission electron
microscopy (STEM), integrated differential phase contrast microscopy and electron energy
loss spectroscopy and aided in the interpretation of the analysis. D. W. McComb (Ohio
University) aided in design of the electron microscopy experiments alongside aiding in the
interpretation of the analysis. M. Noor-A-Alam (Tyndall-UCC) carried out the density
functional theory calculations and the interpretation of the results. M. Nolan (Tyndall-UCC)

contributed to then interpretation of the density functional theory calculations

3.1 Introduction

Data storage devices based on multiferroic materials, possessing simultaneous ferroelectric
and ferromagnetic memory states, have the potential to revolutionise future information
storage [48]. Exploitation of single-phase multiferroic materials in tunnel junction devices
offers the opportunity to combine both electroresistance states with magnetoresistance
states, thus providing four or more bits in a single memory cell [18]. This offers a clear
advantage in data storage capacity compared with existing computer memories, which use
either electric or magnetic polarisation to store information separately in single-bit
devices [262]. The capability to magnetoelectrically couple ferroelectricity and
ferromagnetism enables electric field (and thus voltage rather than current) control of
magnetism, paving the way for energy-efficient data storage devices [263]. Furthermore, the
ability to tune domain nucleation and growth signifies that multiferroic materials may
conceivably serve as unique multi-level memory elements in the quest for low-power

neuromorphic memory systems [264], [265].

In practice however, due to the fundamental opposing requirements of
ferroelectricity (requiring empty d orbitals) and ferromagnetism (requiring partially occupied

d orbitals), single-phase multiferroic materials that display room temperature (RT) operation
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are exceptionally rare [22]. Of the multiferroic materials that do exist, the material properties
relevant for multi-state storage are currently limited to weak polarization and coupling values,
which has prevented the realisation of such devices commercially [48]. BiFeOs is the most
widely studied single phase multiferroic material [51], but suffers from issues including: the
magnetic order is primarily antiferromagnetic and it displays only a weak (~2 emu/cm?3)
residual moment from a canted spin structure. This prohibits linear magnetoelectric coupling
between polarisation and magnetisation in BiFeOsz and only higher-order magnetoelectric
effects are possible with the assistance of large threshold magnetic fields (~3 to 18 T) [266].

This is clearly incompatible with low-energy spintronics [48], [267].

Despite the fundamental conflict between ferroelectricity and ferromagnetism,
innovative routes have been employed towards the design and discovery of truly single phase
multiferroic materials, including a group of materials termed “geometrically driven
multiferroics”, where ferroelectricity results from long-range dipole-dipole interactions and
oxygen rotations within a magnetic framework [268]. For example, improper ferroelectricity
(Tc ~1250 K) in YMnOs is driven by polyhedral tilting of the MnOs block and is compatible with
the coexistence of antiferromagnetism (Tn ~80 K) [129], [269]—-[271]. Despite substantial
research on other hexagonal RMnQs systems (where R = Sc, Y, In, Dy—Lu) [269], a rare earth
manganite that demonstrates both ferroelectricity and ferromagnetism at room temperature

is yet to be discovered [22].

An attractive approach is to modify the chemistry within layered materials to combine
multiple functionalities that tend not to coexist in simpler oxides into a single phase complex
oxide. Pitcher et al. [272], employed compositionally controlled tilt engineering in a layered
Ruddleson-Popper system to impose the appropriate combination of octahedral tilts to
simultaneously generate spontaneous magnetisation and polarisation at RT. Although
ferroelectric switching was not demonstrated, it was shown that the magnetic structure of
the (CaySriy)1.15Tb1gsFe;07 system was directly affected by the chemically induced
polar c* tilt, with weak ferromagnetism produced by canting of the Fe3* moments and the

magnitude of the magnetoelectric coupling increasing with the magnitude of the c" tilt.

In recent years, it has been demonstrated that the fundamental contra-indications

between ferroelectricity and ferromagnetism [22] can be circumvented by combining the
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chemistries required for multiferroicity through creating a new layered Aurivillius
composition [162]-[164], [273]. Bismuth-based Aurivillius phase materials are naturally
layered structures with a general formula (Bi;02)(Am-1BmO3m+1), Where dielectric bismuth
oxide (Bi,02)** fluorite-type layers are interleaved with m numbers of ferroelectric perovskite-
type units. Aurivillius phases are considered “proper” ferroelectrics where ferroelectricity
arises from polar distortions of the A-site (e.g. through stereo-chemical activity of the Bi3* 6s?
lone pair electrons) and B-site (e.g. through second order Jahn-Teller distortions of Ti**)
cations. Tilts or rotations of the BOs octahedra contribute to non-polar structural
distortions [161]. The flexible and layered nature of this class of material permits engineering
its composition to modify and enhance key properties e.g. incorporating Co can alter the band
gap [274], [9]. When magnetic Fe and Mn cations are integrated into this ferroelectric
framework, a unique, stable, single-phase RT ferroelectric/ferromagnetic multiferroic is
formed. As shown in Figure 3.1, the m =5 phase BisTixFey,Mn;01g (B6TFMO; x = 2.80 to 3.04;
y = 1.32 to 1.52; z = 0.54 to 0.64) has five perovskite layers interleaved between (Bi20,)%
fluorite-type layers, while intermixing differing types of A-site (Bi) and B-site (Ti, Mn, Fe)
cations within the scaffold drives both ferroelectricity and ferromagnetism within the same
structural phase [162]-[164], [273]. BEGTFMO displays saturation magnetization (Ms) values of
215 emu/cm? (two orders of magnitude larger than BiFeOs) [266] and in-plane saturation
polarization (Ps) values of > 26 uC/cm? [275]. Electron microscopy [164] and density functional
theory (DFT) [192] studies demonstrate that the inclusion of manganese within the BETFMO
structure is crucial to promoting long-range ferromagnetic order. Detailed micro- and nano-
structural analysis, combined with rigorous statistics (confidence level 299.5 %), conclude that
ferromagnetic secondary phase impurities do not influence the ferromagetic behaviour [273].
Moreover, B6ETFMO demonstrates the reversible linear magnetoelectric switching necessary
for practical RT magnetoelectric device applications compatible with low-energy nano-

electronics and spintronics [162], [163].

The presence of the [Bi202]?" interface layers interleaved within the structure imparts
an elastic strain energy gradient through the Aurivillius layers, due to layer mismatch between
the differing lateral dimensions of the [Bi,0]?* layers (a = 3.80 A) compared to the perovskite
lattice layers (a = 3.89 A) [149]. In addition, the layer of oxygen anions in the [Bi»02]?* interface

layer provides electrostatic energy variations within the Aurivillius structure. Furthermore,
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below the ferroelectric transition temperature, a strong bond is formed between the bismuth
cation in the [Bi202]?" interface layer and an apex oxygen of the adjacent perovskite layer. As
well as having an “inductive effect” on the B-O bond distances in the layer direction
(c-axis) [156] and prompting ferroelectricity via a polar displacement of ions perpendicular to
the layer direction, the shorter Bi-O bond (e.g. 2.42 A compared with 2.65 A in BisTiz012)
shears the perovskite layer, resulting in tilting and rotation of the BO¢ octahedra [154], [155].
For the case of B6TFMO, substitution of Ti/Fe with magnetic Mn and Fe cations (necessary to
achieve the m = 5 multiferroic phase), results in an even more complex bonding environment
for the transition metal cations at the available perovskite-type B-sites of the Aurivillius phase
structure (Figure 3.1). Atomic resolution energy dispersive X-ray analysis studies have
revealed that cation partitioning occurs in B6GTFMO due to elastic strain and electrostatic
energy contributions, which vary as a function of distance from the [Bi.02]?* fluorite-type
layers [144], [149], [160], [164], [276], [277]. This partitioning is revealed as a preference for
Mn to locate predominantly in the central perovskite layers within the five-layered perovskite
block enabling an increase in the probability of nearest-neighbour magnetic interactions in
the central layer by up to 90 % compared to a scenario where the magnetic cations are

randomly distributed over the five available B-sites in a perovskite block [164].

Consequently, previous descriptions of the atomic structure and the demonstration
of the preferred cation locations has advanced understanding of the fundamental
mechanisms governing ferromagnetism in this interesting single phase multiferroic. However,
given that functional electronic and magnetic properties that drive the application in storage
are strongly correlated with octahedral tilting and local structural distortions within
perovskite systems and their heterostructures [110], [272], [278]-[283], the tailoring of the
B6TFMO composition to promote enhanced multiferroic behaviour requires a detailed atomic
level understanding of the influence of local symmetry lowering distortions and octahedral
tilting on the fundamental electronic structure, ferroelectric properties and magnetic
coupling interactions that arise from differing chemical bonding environments within this

complex layered system. This information is currently lacking for B6ETFMO multiferroics.

Accordingly, this paper aims to fill that crucial gap in understanding the multiferroic
behaviour of BETFMO. The use of high resolution scanning transmission electron microscopy

(STEM) in conjunction with electron energy loss spectroscopy (EELS) to spatially probe atomic-
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resolution electronic structure at the possible crystallographic perovskite B-site sites within
the B6TFMO structure is described. It is revealed for the first time how crystal field splitting
of the Ti** cation is influenced by its position within the Aurivillius unit cell. First principles
density functional theory (DFT) calculations of atom resolved partial density of states (PDOS)
show that this is predominantly driven by changes in the extent of tetragonal distortion along
the c-direction, on moving from the [Bi>02]?*-perovskite interface through to the central layer

of the m = 5 perovskite block.

High angle annular dark field (HAADF) STEM imaging, together with integrated
differential phase contrast (iDPC) imaging, allows observation of the positions of the light
oxygen atoms at both the [110] and [100] orientation in the system. Atomically-resolved
evidence for complex octahedral tilting is demonstrated to have variable tilt amplitudes
across the perovskite layers, which competes with the magnitude of the tetragonal distortion
of the TiOs octahedra. Atomic scale mapping of polar displacements reveals that polarisation
is largest towards the outer perovskite cells, correlating with an increased extent of local
tetragonal distortion of octahedral geometries. The degree of octahedral tilting increases and
the tetragonal distortion decreases towards the central layers of this Aurivillius system, where

the magnetic cations preferentially partition.

3.2 Methods

Direct liquid injection chemical vapour deposition (DLI-CVD) methods similar to
Faraz et al. [163] were used to deposit BGTFMO thin films on c-sapphire. Samples from two
different growth runs were synthesised by DLI-CVD via a horizontal flow AIXTRON AIX
200/4FE AVD (atomic vapour deposition) system [284], [285]. The films had a nominal
stoichiometry of BisTisFe1.sMnos01s. The films were deposited using a 22 % to 23 % bismuth
excess [286], [287] in order to mitigate the loss of volatile bismuth [288] during the two-step
growth process [286]. The 0.100 mol dm bismuth, iron and titanium precursors in toluene
solution, Bi(thd)s, Fe(thd)s and Ti(O-iPr);(thd), (where thd = 2,2,6,6- tetramethyl 3,5-
heptanedionate and O-iPr = isopropoxide), were purchased from Epivalence Ltd. The 0.025
mol dm manganese precursor was prepared by dissolving Mn(thd)s (99 %, STREM chemicals)
in anhydrous toluene (99.8 %, Sigma-Aldrich) under N; in a glovebox. The substrate was

loaded into the reactor chamber set at a pressure of 10 mbar while the temperature of the
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rotating susceptor-heated sample holder was set to 630 °C. The conditions were maintained
for the entirety of the deposition process. The low vapour pressure precursors were then
injected using nitrogen pulses into the Trijet Vaporizer of the DLI-CVD system, where they
entered a reactor growth chamber via lines maintained at 220 °C. Precursors were mixed with
reactive O, gas during the growth run. A total gas flow of 3000 sccm (standard cubic
centimetres per minute) was maintained in the growth chamber comprised O run gas and N>
carrier gas where the O, flow was 1000 sccm. The precursor volumes were controlled
electronically by setting the opening time for each injection to be between 1.6 and 10.9 ms,
depending on the precursor and using the continuous injection mode where the injections
pulsed at a frequency of 1 Hz. 800 injections of each precursor was used and the net
volumetric precursor injection ratios were approximately 7.4:3:1.5:0.5 for Bi(thd)s, Ti(O-
iPr)2(thd)2, Mn(thd)s, and Fe(thd)s, respectively over the duration of the growth run. After
thin film deposition via DLI-CVD (Step One), the samples were post-annealed in atmosphere
for 1 hr at 850 °C (Step Two) in order to produce crystalline Aurivillius phase films. The

thicknesses of the subsequent B6TFMO films were approximately 95 nm.

A FEI DualBeam Helios NanolLab 600i Focused lon Beam instrument was used to
prepare the lamella cross sections of the BGTFMO films. Transition electron microscopy (TEM)
cross sections were prepared by depositing C and Pt as electron-beam induced layers,
followed by an ion-beam induced C layer for protection. The lamellas were thinned at
0.28 nA/30 kV with final polish at 47 pA/5 kV. High angle annular dark field (HAADF)-scanning
transmission electron microscopy (STEM) imaging and integrated differential phase contrast
(iDPC)-STEM imaging were performed using a probe-corrected Thermo Fisher Scientific
Themis Z operated at 200 kV with a convergence semi-angle of 18 um. iDPC-STEM images
were obtained using 4-segment annular detector with hole on the center. Annular dark field
(ADF) images were collected simultaneously with an annular field detector for correlation. A
live high-pass filter was applied to iDPC-STEM images to reduce the low frequency

information.

Electron energy loss spectroscopy (EELS) - spectrum imaging (SI) was performed at
300 kV using an image-corrected Titan3 G2 60—300 with a monochromated Schottky-FEG and
a Gatan Quantum with both an UltraScan 1000 CCD and a K2 direct electron detector. EELS

was acquired in STEM mode with collection (B) to convergence (a) angle ratios of B/a = 1-2.
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No significant variations were observed with larger B/a ratio tested to improve the S/N. Data
was collected with a dispersion of 0.1 eV/channel. Dual-EELS was used for energy shift

correction, but was not available with the K2.

A re-bin function using Gatan GMS software was utilised to try and improve the
signal:noise of the EELS data. This function consists of summing the intensities of
neighbouring pixels into a single pixel. The number of pixels within the data set is reduced. In
this analysis the horizontal (x-component) of a data set was summed into one pixel and the
number of vertical (y-components) was not changed. For example, in Figure 3.2 the data set
was re-binned from a 100 x 70 pixel to a 1 x 70 pixel data set. The data for the change in peak
energy of the Ti Ls from re-binned EELS spectra was calculated using Gatan’s Digital
Micrograph EELS module. For each data set, non-linear least-square (NLLS) fitting (Gaussian
and Lorentzian) in Gatan’s Digital Micrograph EELS module was used on the Ti L, 3-edge. The
energy positions (eV) of Ti L3 peaks were then plotted as a function of distance through the
perovskite layers. The average shift of the Ti L3 eg peak was calculated by utilising the EELS
spectra of the outer and centre perovskite layers using annular dark field images. The Ti Ly3
peak values were obtained using multipeak fit in origin. In the graphs shown in Figure 3.2, the
energy of the Ls eg peak goes from 458.4 to 458.45 eV at the outer layers to 458.5 to 458.55 eV

at the centre layer.

The atomic scale polarisation mapping was carried out on STEM-HAADF images by first
using Atomap software [252] that analyses the positions of atomic columns using 2D elliptical
Gaussian distributions. Once the A- and B- site positions of the atoms are determined, the
polarisation vectors are found by reversing the measured B-site displacement, using the

TEMUL toolkit [254].

Spin-polarized density functional theory (DFT) calculations were performed using
Vienna Ab initio Simulation Package (VASP5.4) [261]. The ion-electron interactions were
described by the projector augmented wave (PAW) methods [289]. The exchange and
correlation effects were described by the Perdew—Burke—Ernzerhof (PBE) functional of the
generalized gradient approximation (GGA) [290], [291]. A rotationally invariant Hubbard U
correction [292] was added to the 3d states of Fe and Mn, where U = 5.5 eV was used for all
Fe atoms (the typical range of U values for Fe in multiferroic BiFeOs is between 5 and

7 eV [293], [294], and 3.0 eV was used for Mn atoms [192]. The number of valence electrons
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for Bi, Ti, Fe, Mn, and O is 5 (valence electron configuration: 6s% 6p3), 4 (valence electron
configuration: 3d? 4s'), 8 (valence electron configuration: 3d’ 4s!), 7 (valence electron
configuration: 3d® 4s?), and 6 (valence electron configuration: 2s%p*), respectively. The plane-
wave expansion was truncated at a cut-off energy of 600 eV. Similar to the previous DFT
calculations [192], a unit cell of Bix4Ti11FesMn30O72 stoichiometry is used. In accordance with
previous experimental observation of cation ordering as well as theoretical studies [192], Mn
atoms at the ‘inner’ perovskite block are considered. The convergence threshold of energy
for the self-consistent calculations was 107 eV. The structural optimization was carried out
by minimizing forces on all the atoms until they were smaller than 0.01 eV A1 A4 x 4 x 2
Monkhorst-Pack k-point mesh [295] was used for structural optimization and the (density of
states) DOS calculations. The use of symmetry is switched off using ISYM =-1 for both
structural optimizations and DOS calculations. Gaussian Fermi smearing method (smearing
width of 0.01 eV) with 2001 energy bins were used for DOS calculations. Atomistic structures

are visualised using the VESTA 3D visualisation program [296].

3.3 Results and Discussion

3.3.1 Electronic Structure Description of Perovskite Layers within B6TFMO
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Figure 3.1 a) Atomistic structure of one unit cell of the five layered, m=5, B6TFMO
ferroelectric structure with B-site displacement and octahedral tilting (as calculated from DFT
and discussed as Configuration: b in Sections 3.3.2 and 3.3.3). Dielectric [Bi.02]** layers are
sandwiched between perovskite ABOs units where Bi3* occupies the A-sites (purple), and
transition metal cations occupy the B-sites (blue/purple/gold) of the BOs octahedra. b)
HAADF-STEM image of demonstrating the layering within BGTFMO projected down [110].

Figure 3.1 (a) depicts a model of the 5 layer multiferroic phase BGTFMO where one dielectric
[Bi,0,]%* layer and five ABOs perovskite layers correspond to half a unit cell. HAADF-STEM
imaging of the atomic structure of BGTFMO, shown in Figure 3.1 (b), confirms the m = 5 phase
Aurivillius structure of BGBTFMO. Areas without any structural defects such as stacking faults
or out-of-phase boundaries (regions where the structure is misaligned by a fraction of a unit
cell) are presented. Here, work on atomic and chemical characterisation of BGTFMO is built
on [164], [192] and now, for the first time spatially resolved EELS is used to investigate the

local electronic structure of the perovskite sites within its layers.

Figure 3.2 (a) shows the STEM-EELS spectra of the Ti L3, O K, Mn L3 and Fe L, 3-edges

V{4

for three different layered regions within BGTFMO’s unit cell: an “outer”, “intermediate” and
“centre” perovskite layer Figure 3.2 (b). The outer layers are defined as those closest to the

[Bi,0,]%* interfaces, the centre layers are defined as those furthest from the [Bi»0]**
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interfaces, with intermediate referring to the perovskite layers in between. It can be observed
that the STEM-EELS measurements of the preferred locations for Ti, Mn and Fe are in
agreement with previous HAADF-STEM energy dispersive X-ray analysis (EDX) chemical
characterisation of B6GTFMO [164]. Titanium is the most abundant B-site cation in B6TFMO,
therefore the Ti Ly,3-edge is the most intense peak in the EELS spectra. This confirms previous
EDX observations of a significant increase in the B-site proportion of Mn [164] in the central
layers, confirming a distinct preference for partitioning of magnetic Mn towards the centre
perovskite layers.

The O K-edge within B6TFMO provides electronic information on the bonding
between O and its neighbouring cations. Typically, in the O K-edge fine structure for metal
oxides, much information can be gained about the local geometry of the complex [297], [298].
While peak splitting can be observed within the O K-edge as shown in Appendix I Figure
1.1 (c, d), the splitting between the ty; and eg peaks is not as well defined compared to the
splitting within the Ti L, 3.edge demonstrated in Appendix | Figure 1.1 (a-b). Given that
B6TFMO is a complex multi-cation oxide, it should be noted that the individual contributions
of Ti, Mn and Fe to the O K-edge structure would be difficult to deconvolute. Accordingly, the
Ti Los-edge was selected for further investigation of the electronic structure and subtle
chemical bonding changes through the B6TFMO structure, that is from the interface of the

[Bi,0,])%*-perovskite interface to the central of the perovskite block.
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Figure 3.2 a) HAADF STEM image of B6TFMO representing the regions outer (black),
intermediate (red) centre (blue) from which STEM-EELS spectra were acquired. b) Normalised
EELS spectra representing the three types of perovskite (PK) layers (outer, intermediate and
centre) within a B6TFMO unit cell. Annular dark field images were used to extract the EELS
spectra. c¢) Detail of the Ti L3 peak from EELS spectra taken from three types of perovskite
layers, outer (black), intermediate (red) and centre (blue). d) Plot of the change in peak energy
of the Ti Ls from re-binned EELS spectra. The data set from this figure was re-binned from a

100 x 70 pixel to 1 x 70 pixel data set.

If the Ti cation is in a well-defined coordination environment, the degeneracy of the
3d-orbital final states is lifted due to the crystal field effect arising from hybridisation with the
occupied 2p orbitals of oxygen. This causes a splitting of the energy levels of the d orbitals.
For octahedral complexes, the energies of the ty4 inter-axial orbitals (dx;, dy., dx,) decrease

(become more stable) and the energy levels of the eg axial orbitals (dx2-ax2, dz2) increase, owing
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to the increased repulsion between electrons in the axial 3d orbitals and oxygen 2p. The
L-edge of the Ti cation consists of two edges, Ls and L, which represent the core shell electrons
from the 2p1/2 and 2ps/; transitioning above the Fermi level into the unfilled 3d energy levels.
When determining the presence of the Ti* and Ti** oxidation states using EELS, the peak
position together with the L3 and L, intensity ratio are typically used. For the case of reduction
from 4+ to 3+, the L3 peaks shift to lower energies, while both the shape and intensity of the
doublets change for the different Ti oxidation states due to the changing number of valence
electrons. An octahedral environment results in a tzg-e4 splitting and thus four peaks are
observed in the L 3-edge. For Ti** cations, the characteristic doublets are well resolved, with
clear separation between the t,g and e, peaks, while for the Ti** oxidation state the doublet
is typically not as well defined. Spatially resolved EELS data reveals that the t;4-e4 crystal field
splitting (A) is present through the outer, intermediate and centre perovskite layers,

indicating an oxidation state of +4 for the Ti cation throughout the B6TFMO structure.

Importantly, layer by layer analysis of the EELS spectra taken from the perovskite
layers shown in Figure 3.2 (c) demonstrate an increase in the value of A through the layers
from outer layer to centre layer. The average increase from the outer perovskite layer to the
centre perovskite layeris 0.13 £ 0.06 eV. Since this is within a single dataset, this implies that
that there is a change in the magnitude of the crystal-field splitting across the five-layer
structure. This change in A through the layers was observed in two different sample pieces
from different DLI-CVD growth runs, and measured on different days with two different types
of EELS detectors. Eleven EELS data sets were used to calculate the average A value, as seen
in Appendix | Table I.1. Each data set had two eg values for the outer perovskite layer and one
eg value for the centre layer, therefore for each data set, two A values were obtained (twenty
two data sets were obtained in total, Appendix 1 Table I.1). From the spatially resolved EELS
spectra, it can be seen that the position of the t,g peak position remains constant. It appears
this change in A is due to a shift in the energy of the eg peak increasing in energy moving from
the outer to centre perovskite layers. The trend of increased A values towards the centre

layers was observed for all measurements.

Figure 3.2 (d) and Appendix | Figure 1.2 display representative plots of ez peak energy as
a function of distance through the perovskite layers of BGTFMO, where an energy shift of

~0.1 eV is observed from outer to centre perovskite layer. The fact that the ty; level does not
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appear to be changing while the eg peak energy position shifts position, indicates that this
change in the energy levels is not due to an oxidation state change. It is conceivable that a
number of factors which are not mutually exclusive could contribute to the changes observed
in the density of states of the eg energy level. Recent work [110], [278] on (PbTiO3)n/(SrTiO3)n,
has shown in these systems with polar vortices that the Ti 3d orbital interactions change as a
function of their position within the heterostructure. Given that BGTFMO could be considered
a natural heterostructure made of interleaving [Bi202]?* layers and BiTi[Fe,Mn]Os perovskites,
in the following sections, possible contributions to the changes observed in the L3 eg peak of
B6TFMO are considered, such as the tetragonal distortion and tilting of the BOs octahedra
imposed by the [Bi»02]?* interlayer.

3.3.2 Correlations of BOs Octahedral Distortions with Electrical Polarisation at
Differing Perovskite Layers within B6GTFMO

As determined previously [144], [160], [164], [192], [258], the [Bi,02]**-perovskite interface
within the B6TFMO unit cell drives a change in the elastic strain energies and electrostatic
energies across B6TFMQ’s perovskite layers. Within the perovskite layer block, there are
three distinct crystallographic B-sites [156], [159], [164], [258], which lie within the outer,
intermediate and centre perovskite layers. Kikuchi’s model [144] of the Aurivillius phases
considers the compressive forces felt at the outer perovskite layers (pseudocubic a = 3.89 A)
imposed by the [Bi»0,]?* interface (a = 3.80 A) and shows how the change in elastic strain
energy within Aurivillius phases is critical to the stability of a particular phase. The approach
developed by Moore et al. [192] , found that the strain imposed onto the perovskite layers
results in the average c/a ratio changing from ~1.25 for the outer layers to ~1.15 at the centre
layers of the perovskite cells. When considering the impact of strain to the environment
within which the Ti cations reside, it is clear that the bond lengths between the transition
metal and the O ligands will be altered. It follows that the more highly strained BOsoctahedra
next to the [Bi,02]?* interface should be more tetragonally distorted compared to those

further from the interface.

To examine how elastic strain and tetragonal distortion affect local electronic
structures, first the atom resolved partial density of states (PDOS) around the conduction

band region of Ti in a model structure of BGTFMO was analysed, denoted Configuration: a
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(shown in Figure 3.3), using Density Functional Theory + Hubbard (DFT+U) calculations. The
dx2-y2 orbital dominates around the conduction band minimum of the outer Ti atoms, nearest
the [Bi>02]%* block. Figure 3.3 shows that dx..,> gradually shifts toward the Fermi level moving
from the centre (e.g. Til) to intermediate (e.g. Ti2) to outer (e.g. Ti4) Ti atoms. However, the
d»2 orbital shows the opposite trend and moves towards higher energy. In the energy range
of 3.0 to 3.5 eV, the d;, contribution increases moving from centre (e.g. Til) to intermediate
(e.g. Ti2) to outer (e.g. Ti4) Ti atoms. The simulations reveal that this happens because the
outer Ti cations (and also the Fe cations) are significantly displaced towards the [Bi»03 ]%*
interlayers, resulting in significant distortions to the TiOs octahedra and the out-of-plane/axial
Ti-O distances. This atomic displacement along the c-axis direction of B6GTFMO reduces the
hybridisation interaction between the axial dx2.y2 orbitals of Ti and the 2p orbitals of the
oxygen atoms on the a-b plane, but increases the interaction between the axial d,2 orbitals of
Ti and one of the oxygen atoms along the c-axis direction. In addition, a similar pattern of
shifting for the dx2.,2 and d;2 orbitals of the Ti atoms is observed moving from the outer to the
intermediate perovskite layers in another model of B6TFMO, denoted Configuration b, as
illustrated in Figure 3.1 (a) and Appendix | Figure 1.5. These two models explore the role of
different distributions of cations within the same composition. It should be noted that there
are no Ti atoms present in the central perovskite layer of the Configuration: b therefore it
cannot be used in the same way as Configuration: a for a direct comparison to the crystal-
field splitting of Ti as observed by EELS in Figure 3.2. Nevertheless, the same anti-polar
displacement of the intermediate and outer Ti atoms along the c-axis direction is observed,

as depicted in Appendix | Figure 1.8.

In particular, it is found that Ti/Fe/Mn B-site cations that are located either above or
below the centre B-site cations of each perovskite block displace in the opposite direction
along the c-axis, resulting in one short and one long Ti-O distance of 1.77 A and 2.56 A (see
Figure 3.3) in the c-direction. This is because each block is sandwiched between two [Bi>02]%*
interlayers along the c-axis direction. Hence, for each five-layered perovskite block, there
would be a net zero electric dipole moment along the c-axis direction if the horizontal mirror
plane was allowed to persist. For the odd-layered Aurivillius phases, tilting of the
BOg octahedra leads to loss of the mirror plane below the ferroelectric Curie temperature and

a minor polarisation component along the c-axis is enabled [154], [160]. The principal net
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electric polarisation component is created along the b-axis direction, originating from each
Ti/Fe/Mn atom shifting from its centre position, resulting in alternative short and long metal
oxygen bonds (see Figure 3.3) along the b-axis. The in-plane ferroelectric displacements are
stabilised by the Jahn-Teller distortions. Note that different atomic and magnetic
configurations of Fe, Mn, and Ti atoms having differing magnitudes of octahedral tilting as
shown in Appendix | Figure 1.5 have been examined. The same anti-polar atomic
displacements of the Ti cations irrespective of magnetic configuration and tilting were found,
showing that the distortions are driven by the influence of the [Bi202 ]** interlayers. Similar
dx2-y2 and d;2 orbital shifting in each perovskite block for differing arrangements of the Ti, Fe
and Mn cations within the structure was noted. Here it is proposed that the intrinsic orbital
position shifting of Ti derived electronic states across the perovskite block, which arises from
the atomic displacement and tetragonal distortion of Ti, is the primary origin of the shift in
crystal field splitting (A) from the outer perovskite layer to the centre perovskite layer
observed within the spatially resolved EELS data of BETFMO. It is noteworthy that the relative
intensity of the peaks in the L3-edge does not change significantly with the change in A, which
might be expected based on the DOS associated with dx-y2 and d;> moving apart as indicated
in the DFT results. However, the shift to higher energy of the d; orbital is due to increased
hybridization with the O2p. This will increase the DOS in this energy window and will also
increase the transition matrix element, while the opposite effect will occur for the dxz.y2

orbitals, meaning a marginal net effect on the peak intensities.

The impact of strain and tetragonal distortion imposed by the [Bi»02]?* interlayer on
the ferroelectric properties can be observed further through local polarisation mapping of the
atomic-scale displacements within B6TFMO via quantification of high-resolution
HAADF-STEM signals. As described earlier, the principle component of spontaneous
polarisation in Aurivillius phase systems lies within the plane along the b-axis. Using the full
HAADF-STEM image in Appendix | Figure 1.3 (a), the average displacements of the B-site
cations along the b-axis are calculated (Appendix | Figure 1.3 (b)) to be 0.199 + 0.006 A,
0.268 + 0.009 A and 0.243 + 0.009 A for the outer, intermediate and centre perovskite unit
cells respectively. The DFT+U optimised structures in Appendix | Figure 1.4 demonstrate
corresponding displacements along the b-direction. The difference on bond lengths between

the alternative short and metal oxygen bonds along the in-plane direction reflects the atomic
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displacement along the b-direction, and demonstrate the same trend. These in-plane
displacement values are similar in magnitude to values calculated by Campanini et al. [158]
on the m =4, BisTisFe201s, where B-site cation displacement values along the in-plane, b-axis

were up to ~ 0.25 A.

Due to the breaking of the horizontal mirror plane within the odd layered Aurivillius
systems (with retention of a two-fold rotation axis parallel to a), a minor out-of-plane
polarisation component is allowed in conjunction with the major ferroelectric polarisation
along the b-axis direction. This results in domains within m =5 B6TFMO displaying either a
net-up or net-down out-of-plane polarisation [162], [191]. The local polarisation component
within the perovskite unit cells can be measured via quantification of the displacement of the
B-site cation in the c-axis direction, the strength of which varies as a function of layer. As
shown in the DFT calculations above, the B-site cations within the centre perovskite layer of
the B6TFMO system are close to the centre of the pseudo-cubic perovskite unit cell along the
c-axis direction, as compared with the B-site cations in the outer layers which are displaced
away from the [Bi,0,]%* interface in an antipolar arrangement. From analysis of Appendix |
Figure 1.3 (a), it was calculated that the average B-site cation displacements away from the
centre of the unit cell along the c-axis direction are 0.426 + 0.142 A, 0.184 + 0.095 A and 0.054
+ 0.062 A for the outer, intermediate and centre perovskite unit cells respectively. Similar
displacements along the c-direction showing the same overall trend are observed from the
DFT+U optimised structures (see Appendix | Figure 1.8). Values for the out-of-plane
displacement for the outer perovskite layer (0.426 A) in m =5 B6TFMO are comparable to
that found for the perovskite layers next to the [Bi.02]?* interfaces in other Aurivillius systems.
Newnham et al. [154] reported out-of-plane B-site cations displacements in the layers next to
[Bi202]%*of 0.42 A and 0.35 A for the BisTiNbOy (m =2) and BisTis012 (m =3) systems,
respectively. Atomic scale mapping of polar displacements reveals that polarisation is largest
towards the outer perovskite cells, correlating with the increase in the local tetragonal

distortion of the octahedral TiOs geometries.
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Figure 3.3 The fully optimized structure (both lattice parameters and atomic positions) of
Bi24aTi11FesMns3072 (Configuration: a). The calculated lattice parameters for a, b, and c are
5.48 A, 5.61 A, and 51.03 A, respectively, which are in good agreement with previous reports
[162], [163], [192]. The Ti-O bond lengths are in A units. (Right) All the Ti atoms are off-centre
displaced along the negative b-axis, making alternative short and long Ti-O bonds, which
facilitates an in-plane ferroelectric polarisation. Interestingly, in addition to the displacement
along the b-direction, the Ti atoms also undergo displacement along the c-direction. However,
if the horizontal mirror plane is allowed to persist, this displacement does not result in a net
dipole moment, because the Ti atoms located above the central perovskite layer move

upward, while those below the layer move downward. (Centre) The atom resolved PDOS are
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shown for selected Ti atoms (see Appendix | Figure 1.4 for calculations for all Ti atoms), where
positive (negative) PDOS represents an up (down) spin channel. The Fermi energy (E¢) is set
at 0 eV. The configuration (left) is in a ferrimagnetic state with a net magnetic moment of
15.000 ps per unit cell, where Fel, Fe2, Fe3, Fe4, Fe5, Fe6, Mnl, Mn2, and Mn3 atoms
contribute -4.317 psg, -4.317 us, 4.355 us, 4.318 pg, 4.318 pg, 4.355 e, 3.858 ue, -2.919 ps, and
3.846 s, respectively. The magnetic contribution from the other atoms is minor; for example
the contribution from the Til-11 atoms is 0.045 pg, 0.103 ps, 0.103 pg, -0.071 ps, -0.071 pg,
0.077 us, 0.077 ps, 0.023 s, 0.023 pg, 0.019 ps, and 0.019 s, respectively. PDOS of all the Ti
atoms and all the Ti-O bond lengths along c-direction are shown in Appendix I Figure 1.4 and

Figure 1.8, respectively.

3.3.3 Analysis of BOs Octahedral Tilting at Differing Perovskite Layers within B6eTFMO

Although it is well-established that functional electronic and magnetic properties are
profoundly associated with octahedral tilting within perovskite
systems [110], [272], [278]-[283], the nature of the BOs octahedral tilt system and the full
behaviour of the oxygen anions in the relatively new B6TFMO multiferroic system is hitherto
unknown. It has been proposed [161], [299] that symmetry lowering in the Aurivillius phases
is caused by tilting of the oxygen octahedra around the a-axis (tilt mode designated by the
irreducible representation (irrep) notation X3), rotations of the oxygen octahedra around the
c-axis (irreps X5, X;), (shown in Appendix | Figure 1.6), and the polar cation motions along

the a-axis (irrep I ), which when coupled together contribute to a material’s ferroelectric

To+Tq

ground state. Goldschmidt’s tolerance factor [135], t = ety

where 7, 1, and 1, are the

ionic radii of the oxygen, A-site and B-site ions respectively, has been used to deduce that
t <1 would promote a perovskite system with an instability towards an octahedral tilting
distortion [147], [156], [157]. This tolerance factor can also be applied to the Aurivillius
phases, where octahedral tilting is commonly observed [150], [155], [156], [160], [161] due

to divergences between the A-O and B-O interatomic distances.

Research on the m = 3 phase, BisTiz012 (BTO), has showed the importance of analysing
the contributions of the light oxygen atoms to denoting the symmetry and space group of the

material. In the 1990s it was proposed that above the Curie temperature (T¢) ~675 °C, BTO
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adopts the aristotype 14/mmm structure, while at RT a subgroup of Fmmm: Blal is present
[300]—[302]. However, theoretical calculations found no triggering mechanism to support a
single transition from the /4/mmm to Blal space group [299], leading researchers to revisit
the BTO system in 2019 [155], where an intermediate paraelectric phase above T. was
discovered corresponding to the irrep XJ mode, PA4/mbm (Appendix | Figure 1.6). The BTO
case highlights the significance of the oxygen octahedral tilting on the resultant symmetry
and polar properties of the Aurivillius structure and demonstrates that visualisation of the
light atoms is critical for correct structural characterisation of a material. It has also been
found for the higher phase m =4 systems [150], BisTisFeO1s and SrBisTisO1s that at RT the
A2i1am space group is present, which allows movement of the oxygen atoms and BOs
octahedral tilting, rather than the once proposed Fmm?2 space group [303]. Analysis on the
m =3 and m = 4 systems shows the advantages neutron diffraction has over X-ray diffraction,
as in these systems the additional symmetry lowering arises from displacements of the
oxygen atoms via octahedral tilting, which do not give rise to strong reflections within X-ray

diffraction patterns.

Of the five-layered Aurivillius phases that have been investigated, one of the most
compositionally similar materials to B6TFMO is BisTizsFe201s, where
Garcia-Guaderrama et al. [258] deduced the space group to be F2mm via synchrotron X-ray
powder diffraction, which did not detect tilting of the TiOs octahedra. However, samples of
the five layered Aurivillius system A;BisTisO1s, substituted by Ca, Sr, Pb or Ba at the A-sites,
were refined to the orthorhombic B2eb space group in a neutron diffraction study by
Ismunandar et al. [156]. The tolerance factors were calculated to be 0.97, 1.0, 1.02 and 1.06
for Ca, Sr, Pb or Ba substituted structures, respectively, with an increase in the degree of
octahedral tilting corresponding with a decrease in the tolerance factor, as shown in
Appendix | Table I.2. The tolerance factor value of BGTFMO is 0.90, where 13, was calcultated
using a 3:1.5:0.5 ratio for Ti**:Fe3*:Mn3*. This tolerance factor of < 1 indicates that octahedral

tilting within B6TFMO is favourable.

115



[100]. ')\') I D O - 0.5nm |

=

5 FE S 5 5. SRS BRSNS
E) Ty T F T T P TR f)

‘RS R R R RS ER R RS R E RN
AR A2 AR ERAETRSI I ERTEYN
R R E R RS E T RS R S R R BN LN

LR R R R R R R R R R R R R R

LR =

A A E L E S R SR LR TR L
S5 28 28 S

S 52 A8 A8 A8 48 A
B REEEDAFLIPEIPEBEBPIPEEEMY
P ETEET RS SRR E RS RS R R
SRS BB LEBEEREARARERERERN

T Y s S - -5

T
thnt.attticgcqggca&
T R TR T BT RS E S E SN T E T

4,404 A Qe

L I R N L I I
s 5 8 s - s " s
B.A. 0.0 A B
. »

. »
"I
R RN
F T

LR N
LN R RN N

- Bi

- B-site (Till,
Fell, Mnll) at
centre of
polyhedra

-0

S N NN N
FAT A AT TTGY
- o'o.;?o-("oro .‘_o..'o-

A R L R R R T R RS R R
e N P i T Yt o,

TLTXXIXLTL LI CLTT LYY

A8 A A QA 44 QA A 44 44
SR AR AR AR AR AR SR AR A s
S T PR XL LE sl
.r;..-;.. :.‘o...o:o.o..‘o:. .:. ’..‘.
3050 S5 34 S8 25 A0 S A0

AL
. - - b
RN NN N N N

116



Figure 3.4 a) HAADF-STEM and b) iDPC-STEM images of B6TFMO projected down [110]. c)
Enlarged region where identifiers for atoms and polyhedra are overlaid, d) comparison of the
five layered Aurivillius phase calculated from DFT+U in Configuration: b where not all the
outer and intermediate perovskite cells have the same arrangement of B-site cations. This
half-unit cell corresponds to the atomic arrangement of Configuration: b (i) shown in
Appendix | Figure 1.7 (c) when projected down [100] (see Appendix | Figure 1.5 for the whole
unit cell and Appendix | Figure 1.8 and Figure 1.9 for the bond lengths, angles, and atomic
displacement along the c-axis direction). Significant tilting is observed for the octahedra
within this structure, however tilting is mostly hidden in the [110] projection as the positions
of alternating oxygen atoms overlap in the [110] view. e) HAADF-STEM and f) iDPC-STEM
images of B6TFMO projected down [100]. g) Enlarged region where identifiers for atoms and
polyhedra are overlaid onto the image. h) Comparison to the DFT structure corresponding to
arrangement (i) in Appendix | Figure 1.7 (c) and to the centre of Configuration: b in
Appendix | Figure 1.8 and Figure 1.9, projected down [100]. This image illustrates why
octahedral tilting is more clearly observed in the iDPC-STEM images when projected down
[100] compared with down [110]. i) An enlarged region from g) showing “outer”,
“intermediate’”” and “centre” perovskite octahedra. The enlarged region within the red inset
displays the increased tilting of the octahedra moving from the “outer” to “centre”

perovskite layer.

iDPC-STEM, can be used for the direct atomic resolution of light atoms at sub-A
resolution [244]. The technique allows for the observation of low Z-elements, such as oxygen,
using a bright contrast and dark background with a higher signal to noise ratio when
compared to competing techniques such as annular bright field STEM (ABF-STEM) [245]. Due
to the 2D nature of STEM imaging a definitive space group cannot be determined for B6TFMO
using this characterisation technique. However, information can be gained about the BOs
tilting by imaging the system in multiple crystal orientations. In this work iDPC-STEM imaging
is used to visualise the light oxygen atoms as a function of layer within the Aurivillius phase

and gain a greater understanding of their bonding environments within the perovskite layers.

In Figure 3.4, iDPC-STEM measures the oxygen anions in the [110] projection (Figure
3.4 (a-c)) and down the [100] projection (Figure 3.4 (e-g)). Using the oxygen atoms the impact

of the [Bi»0,]?* interface on displacement of the B-site cations can be observed. The oxygen
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atoms are displaced away from the apex bond between the perovskite layer and the [Bi,0,]**
layer as seen in Figure 3.4 (i) [154]. This displacement is lessened moving towards the central
perovskite layer, corresponding with the DFT results in Figure 3.3, Appendix | Figure 1.4 and
Figure 1.8. Viewing the structure through the [100] projection confirms that there is
cooperative BOgoctahedral tilting within the BGTFMO structure. As shown in Figure 3.4 (d, h),
for DFT calculated B6TFMO Aurivillius phases demonstrating octahedral tilting, the tilted
nature of the oxygen atoms in the equatorial plane is hidden in 2D imaging down the [110]
direction, due to the alternating nature of the octahedral tilting parallel to b. This is in contrast
to the [100] projection where the tilting of the oxygen can be clearly seen. From analysis of
the oxygen positions and comparing to the literature, it appears as though a tilt mode similar
to the irrep X3 (Appendix | Figure 1.6), which accounts for out-of-plane (parallel to c) anti-
phase tilting of the octahedra with respect to each other in the a-b plane, is present. Within
the DFT calculations and m =5 systems shown in Appendix | Figure 1.7, it can be observed
that the degree of tilting increases moving towards the central perovskite layer. The average
degree of the octahedral tilting is approximated from Figure 3.4 (g), (i) and Appendix | Figure
1.7, with values displayed in Appendix | Table I.2. The increasing degree of the tilting through
the layers towards the centre in B6BTFMO suggests that there is a rotation of the inner
octahedral layers around c, possibly similar to the irrep X, mode, at the centre as well as the
irrep X3 tilt mode (Appendix | Figure 1.6). The BETFMO system demonstrates a relatively large
tilting of the oxygen atoms, with approximate tilt angles for the octahedra along <010> being
15 ° for outer, £11 ° for intermediate and £16 ° for centre layers. This complex octahedral
tilting, with variable tilt amplitudes across the perovskite layers, competes with the extent of
tetragonal distortion of the TiO¢ octahedra. The more tetragonally distorted outer TiOs
octahedra next to the [Bi,0,]%* layers rotate the least. Significantly, tetragonal distortion is
lowest and the degree of octahedral tilting is highest at the centre layers of B6TFMO, where
the magnetic cations preferentially partition.

The same method for approximating the out-of-plane tilt for the structures simulated
via DFT+U calculations was applied to the experimental data in Figure 3.4 (g) and (Appendix
| Figure 1.7 (a)). There are two different trends between Configuration: a and Configuration:
b (Appendix | Table I.2). Configuration: a does not show the same trend of increased tilt angle
towards the centre perovskite layers that is observed for the experimental iDPC data and the

neutron diffraction data from Ismunander et al. [156]. Analysis indicates comparatively minor
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out-of-plane tilting along <010>. The octahedra do not tilt along the b-axis in an alternating
pattern in Configuration: a as indicative of the irrep X3 tilt mode (Appendix I Figure 1.6), which
differs to the other data and structures examined (Appendix | Table 1.2). Configuration: b
however shows evidence of tilting similar to the irrep X3 tilt mode and a more similar trend
to the experimental data, where the degree of tilting appears to increase moving from the
outer Ti atoms to the centre Ti atoms. For example, take the five perovskite layers shown in
column 1 of arrangement (i) in Appendix | Figure 1.7 (c) (corresponding to the centre of
Configuration: b in Appendix | Figure 1.8 and Figure 1.9). Moving down the c-axis from the top
[Bi,0,]%* layer to the layers below, the out-of-plane tilt angle changes from: -6 ° for outer
(top), +13 ° for intermediate (top), -14 ° for centre, +6 ° for intermediate (bottom) and +2 °
for outer (bottom). Due to the changing arrangement of the Ti, Fe and Mn cations in
Configuration: b, the measured tilt values vary depending on the arrangement of the cations.
The range of tilt values for the outer, intermediate and centre octahedrais +2to 6 °, £1 to 13
°and %6 to 14 ° respectively. It is clear for all arrangements of atoms within Configuration: b
that the magnitude of tilt angle at the outer BOs octahedra is always smaller than that at the
centre BOg octahedra and shows the same trend to the tilting seen in the experimental data,
Appendix | Table 1.2. Some of the outer and intermediate tilt angles in Configuration: b are
similar if not greater than those observed for the A;BisTisO1g m =5 Aurivillius system. Of the
compositions within this system previously characterised [156] by neutron diffraction,
CazBisTi301s presents the highest orthorhombic distortion (t = 0.97), and displays tilt angles
of £11 ° for centre, £10 ° for intermediate and £7 ° for outer perovskite octahedra as shown
in Appendix | Table I.2. The slightly larger tilting observed in the experimental iDPC data and
Configuration: b is consistent with the tolerance factor for the B6TFMO composition
(t =0.90), which is lower than that of Ca;BisTisO1s. Moreover, studies in this work indicate that
it is necessary for the B6TFMO structure to adapt to accommodate differing arrangements of
B-site atoms, which manifests in different magnitudes of octahedral tilting observed for
different B6TFMO configurations. In Configuration: b there are regions where FeOg and MnOe
octahedra are next to one another in a perovskite layer (e.g. Appendix | Figure 1.7 (c)), while
in Configuration: a, FeOs and MnQOg octahedra are further apart (e.g. Appendix | Figure 1.7
(b)). It appears from Configuration: b, that when Fe and Mn are next to each other in the
structure, a larger octahedral tilting occurs through the perovskite layers. This is possibly as a
result of the structure adapting to accommodate the different metal-oxygen distances in Ti-
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O, Fe-0 and Mn-0. For example, the longest Ti6-O, Fe2-0, and Mn1-0O bonds along the c-axis
direction in the configuration b are 2.50 A, 2.52 A, and 1.99 A, respectively (Appendix I Figure
1.8 shows how the bond lengths vary along the c-axis direction in the both configurations).
Consistent with previous literature [156], [160] on the Aurivillius phases, calculations herein
show that octahedral tilting facilitates minimisation of the electrostatic potential and

stabilisation of the material.

Along with displaying significantly different magnitudes of octahedral tilt angles, differing
deviations in bond angle from 180 ° along the c-axis direction are observed for the two
configurations from DFT+U calculations. The positions of all oxygen and B-site atoms can be
accurately measured from the DFT simulated structures, where Appendix | Figure 1.8 displays
bond angles at each B-site cation between two B-O bonds and Appendix | Figure 1.9 displays
bond angles at each oxygen (O)-site between two B-O bonds. However, given that
Configuration: a and Configuration: b display similar anti-polar atomic displacements of Ti
cations and similar dxz,2 and d,, orbital shifting within the atom resolved PDOS data (Figure
3.3, Appendix | Figure 1.4 and Figure 1.5), it is proposed that octahedral tilting does not have
a significant effect on crystal field splitting. The atomic displacement and tetragonal distortion
of Tiis the principal driving factor leading to the changes observed in the L3 eg EELS peak going

from outer to centre perovskite layer.

Since the highest degree of octahedral tilting is towards the central layers where the
magnetic cations preferentially partition, it is interesting to consider the implications of
octahedral tilting on the magnetic properties of B6TFMO. The calculated net magnetic
moment for Configuration: b (33.892 us per unit cell), which demonstrates larger tilt
amplitudes at the central layer, is more than two times higher than that calculated for
Configuration: a (15.000 pg per unit cell). However, it is essential to note that Configuration:
a and Configuration: b exhibit distinct distributions of B-site cations, and as established from
previous studies [192], magnetization values are highly dependent on cation site order.. From
these examples, it is not possible to deconvolute the individual contributions of octahedral
tilting and cation site order to the resultant magnetic moment. While octahedral tilting itself
may not be a driver of magnetism in B6TFMO, it appears that tilting of the perovskites is
necessary to allow the magnetic iron and manganese cations to locate next to each other

within the centre perovskite layers. It follows that perovskite octahedral tilting could be a
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necessary requirement to enable long-range magnetic interactions and subsequent

multiferroic behaviour in B6TFMO.

3.4 Conclusions

The naturally layered B6TFMO material displaying room temperature multiferroic properties
and exotic topological features [162], [163], [192], shows potential for use in revolutionary
nanoelectronic and spintronic applications. To facilitate an enhanced understanding of the
mechanisms driving multiferroic behaviour which are required for applications, in this work
the influence of local symmetry lowering distortions and octahedral tilting on the functional
polar and magnetic properties has been investigated. Atomic resolution electron microscopy
in conjunction with first principles calculations to correlate fundamental electronic structure

with local chemical bonding environments within BETFMO has been presented.

Spatially-resolved HAADF-STEM EELS detected discrete changes in the crystal field of
the Ti* cations, with eg-tyg splitting, A, increasing from the outer to the centre perovskite
layers of the structure. Density functional theory (DFT) calculations with Hubbard U
corrections, of the atom resolved projected density of states shows that the distortion of the
perovskite unit cells, imparted by their proximity to the [Bi,0,]%*, is the main factor affecting
the eg energy levels and changes to crystal field splitting. Atomic-resolution HAADF-STEM
imaging confirms anti-polar atomic displacements of the Ti cations due to the influence of the
[Bi,02 ]** interlayers and demonstrates that polarisation is largest towards the outer
perovskite cells, which is coupled with the strong increase in tetragonal distortion of the

octahedral TiOs geometries in these outer layers.

HAADF-iDPC imaging and DFT calculations reveal complex cooperative tilting of the
BOs perovskite octahedra which is in competition with the extent of tetragonal distortion
across the perovskite layers. Tetragonal distortion is lowest and the degree of octahedral
tilting is greatest at the centre layers of B6TFMO, where the concentration of magnetic
cations is highest. Theoretical calculations show that changes in the cooperative octahedral
tilting through the layers aids in minimisation of the electrostatic potential and stabilisation

of the material. The impact on the splitting A is independent of the distribution of tilt angles
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and the magnetisation in the supercell used showing that this phenomenon is driven by the
introduction of tetragonal distortions at the fluorite-perovskite interface. Observations, from
both iDPC experiments and DFT simulations, demonstrating that the perovskite octahedra are
required to tilt more at the central layers in order to accommodate magnetic cations close to
each other at the centre indicate that octahedral tilting might be an important enabler of
long-range magnetic interactions and resultant multiferroic behaviour in B6TFMO. These
results for a naturally layered material show that engineering of interfaces in hetrostructures

is a promising way to control the ferroelectric behaviour of potential multiferroic materials.
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4 Growth of BigTisFe1.5Tip.s01s Thin Films on Vicinal Sapphire
Substrates to Promote Sub-unit Cell Defects

In this chapter, all research is the work of the author, with the exception of the following
contributions from collaborators: M. Schmidt (Tyndall-UCC) prepared cross-section lamella of
the samples. M. Conroy (Imperial College London) and N. Bagués (Ohio University) carried out
scanning transmission electron microscopy and aided in the interpretation of the analysis.
L. Keeney (Tyndall-UCC) acquired the atomic force microscopy images using the Bruker
Dimension Icon tool. J. Alaria (University of Liverpool) aided in the acquisition of the X-ray
diffraction data using the Rigaku Smartlab instrument at The University of Liverpool, which
was operated remotely by myself (L. Colfer). J. Alaria aided in the interpretation of the X-ray

diffraction analysis.

4.1 Introduction

Room temperature multiferroics with coupled ferroelectricity and ferromagnetism have
exciting applications in future memory storage technologies such as domain wall [304]-[306]
and magnetoelectric spin orbit logic devices [48], [264]. Aurivillius phase BisTisFe1.5Mnos01s
(B6TFMO) is a rare example of a room temperature (RT) magnetoelectric multiferroic that has
been successfully synthesised through both chemical solution deposition (CSD) [162] and
direct liquid injection chemical vapour deposition (DLI-CVD) [286] methods on c-m plane
(0.2 °) sapphire substrates. Aurivillius phase systems are naturally layered structures having a
general formula (Bi202)(Am-1BmO3m+1), Where dielectric bismuth oxide (Bi20,)?* fluorite-type
layers are interleaved with m numbers of ferroelectric perovskite-type units. BETFMO is an
example of one such layered system where m =5. Whereas the large unit cell (c-axis lattice
parameter = 49.3 A) and flexible nature of the Aurivillius phase structure is beneficial for
allowing B6TFMO to maintain its ferroelectric properties while also accommodating magnetic
cations such as Mn/Fe, the resulting films are also prone to structural defects. As with other
layered materials having high structural anisotropy such as the Ruddlesden-Popper [54], Dion-
Jacobson [55], [56] and layered cuprate [307] phases, out-of-phase boundary (OPB) defects,
intergrowths and stacking faults are a common occurrence and can significantly impact

material properties in thin films [165], [166]. Local strain and electrostatic changes induced
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by structural defects have been observed to affect the physical properties within many
material systems. At anti-phase boundary (APB) defects the in PbZrOs, the antiferrroelectric
arrangement of dipole moments is broken, with the new arrangement resulting in a local net
ferroelectric behaviour at the APB defect [185]. These defects can also create favourable
conditions for domain switching as seen in the BiFeOs system [184] and aid in the formation
of ferroelectric domains. For example, when the Ruddlesden-Popper phase CazSrxTi207 is
doped with Srions, there is anincrease in the presence of OPB defects, which in turn increases
the number of charged domain boundaries within the material [187]. In magnetic systems
such as Fes30g, the density of APB defects has been observed to have a negative impact on
thin films. The strong antiferromagnetic interactions across the boundaries degrade the
electronic and magnetic properties of the thin films [188], [189]. Recent studies on the
B6TFMO system [192] have demonstrated that disruptions to the Aurivillius phase lattice by
OPB defects and stacking-faults have a marked influence on the internal elastic strain and
electrostatic energy gradients within the structure. These defects have the positive impact of
increasing the extent of magnetic cation partitioning towards the central layer in B6ETFMO,
thereby facilitating elevated magnetic ion interactions. Furthermore, OPB defects facilitate
the formation of extraordinary polarisation profiles such as nominally charged domain walls
and unusual polar vortex domain wall topologies. Since charged domain walls can be created,
annihilated or moved on demand by applying simple voltage pulses, they are an emerging
research focus in nano-electronics and domain wall devices. Owing to the highly anisotropic
nature of ferroelectrics, the internal characteristic length scales of polar topological
structures are much smaller (~4 to 10 nm) than ferromagnets (~10 to 100 nm), making them
ideally suited to ultra-high density, energy efficient memory devices [88], [91], [97]. In
addition to energy-efficient data-storage capabilities, these recent discoveries of defect-
driven polar topology formation [192] demonstrate the wider technological potential of

multiferroic B6TFMO.

Fascinatingly, these topologies are observed naturally in multiferroic BGTFMO without
the need for an artificial interface and in the absence of external strain engineering. However,
the drawback of uncontrolled defect propagation means that the type and density of these
defects can vary considerably from sample to sample and from grain to grain within samples.

Defect density can even vary from region-to-region within the same grain. It is therefore
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pertinent to devise strategies to regulate and tailor the density of structural defects to control
and enhance the associated emergent properties. In this work, BEGTFMO thin films have been
deposited on mis-cut vicinal sapphire substrates having a slightly off-axis substrate cut (0.2 °
to 10 °) in order to deliberately encourage structural defect formation within the growing

layer during DLI-CVD synthesis.

4.2 Methods

Aurivillius phase thin films with a nominal stoichiometry of BisTisoFe1.sMnosO1s were
synthesised by DLI-CVD via a horizontal flow AIXTRON AIX 200/4FE AVD (atomic vapour
deposition) system [284], [285]. The films were deposited using a 22 % bismuth
excess [286], [287] in order to mitigate the loss of volatile bismuth [288] during the two-step
deposition and crystallisation process [286]. Sapphire substrates (cleaned with isopropyl
alcohol followed by deionised water and dried using N2 gas) with varied vicinal surfaces (mis-
cut angles of 0.2 °, 0.5 ° and 10 °) were utilised for this study. For the deposition step (Step
One), the substrates were loaded together into the reactor chamber during the same growth
run where the B6TFMO thin films were deposited. Therefore, the films discussed were
synthesised under the exact same growth conditions and the underlying substrate was the
only varying factor. The 0.100 mol dm3 bismuth, iron and titanium precursors in toluene
solution, Bi(thd)s, Fe(thd)s and Ti(O-iPr);(thd); (where thd = 2,2,6,6- tetramethyl 3,5-
heptanedionate and O-iPr = isopropoxide), were purchased from Epivalence Ltd. The 0.025
mol dm= manganese precursor was prepared by dissolving Mn(thd)z (99 %, STREM chemicals)
in anhydrous toluene (99.8 %, Sigma-Aldrich) under N3 in a glovebox. The sapphire substrates
were loaded into the reactor chamber set at a pressure of 10 mbar while the temperature of
the rotating susceptor-heated sample holder was set to 630 °C. These conditions were
maintained for the entirety of the deposition process. The low vapour pressure precursors
were then injected using nitrogen pulses into the Trijet Vaporizer of the DLI-CVD system,
where they entered a reactor growth chamber via lines maintained at 220 °C. Precursors were
mixed with reactive O, gas during the growth run. A total gas flow of 3000 sccm (standard
cubic centimetres per minute) was maintained in the growth chamber comprised O run gas
and N; carrier gas where the O flow was 1000 sccm. The precursor volumes were controlled
electronically by setting the opening time for each injection to be between 1.6 and 10.9 ms,

depending on the relevant precursor. A continuous injection mode was employed where the
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injections pulsed at a frequency of 1 Hz. 800 injections of each precursor were pulsed and the
net volumetric precursor injection ratios were approximately 7.4 : 3.0 : 1.5 : 0.5 for Bi(thd)s,
Ti(O-iPr)2(thd)2, Mn(thd)s, and Fe(thd)s, respectively over the duration of the growth run.
After thin film deposition via DLI-CVD in Step One, the samples were post-annealed in
atmosphere for 1 hr at 850 °C (Step Two) in order to produce crystalline Aurivillius phase films.
The thicknesses of the subsequent BGTFMO films (as measured by STEM) were approximately

94 nm, 112 nm and 94 nm onthe 0.2 °, 0.5 ° and 10 ° mis-cut sapphire substrates respectively.

Atomic Force Microscopy (AFM) of the bare sapphire substrates was carried out in
order to obtain topographical profiles of the surface steps. A commercial Bruker Dimension
Icon in PeakForce Tapping mode (with Bruker SCANASYST-AIR probes, Al reflex coated, 2 nm
tip radius, 70 kHz resonant frequency), was used. Further AFM and Piezoresponse Force
Microscopy (PFM) was performed using an MFP-3D™ Asylum Research instrument. AFM on
this instrument was carried out using AC mode with Olympus AC240TS probes (Al reflex
coated, 15 nm tip radius, 70 kHz resonant frequency). PFM was conducted in lateral (LPFM)
and vertical (VPFM) Dual AC Resonance Tracking (DART-PFM) mode [234]. The DART-PFM
mode was used to boost the vertical piezo signal. This method of measuring boosts the
measured signal while reducing instrumental crosstalk. Drive amplitudes of 1 to 2 Vac and 2
to 3 Vac were used for measurement of the piezoresponse in LPFM and VPFM modes
respectively at centre drive frequencies in the range of 742 to 792 kHz for the LPFM
measurements and 258 to 282 kHz for the VPFM measurements. A frequency width of 10 kHz
was used for all the measurements. The probes used were Olympus AC240TM-R3 electrilevers

(Ti/Pt coated silicon probes, Al reflex coated, 25 nm tip radius, 70 kHz resonant frequency)).

X-ray diffraction (XRD) measurements were performed using an X’pert Diffractometer
(Cu Ka radiation A = 0.1541876 nm) (45 kV, 40 mA). The typical 20 scan range was from 5 ° to
40 ° and a step size of 0.005 °. In order to assess phase purity and crystalline quality of the
samples, rocking curve analysis was performed remotely from Tyndall-UCC through a
collaboration with the University of Liverpool, where the sample was tilted by varying w at a
fixed 20 angle. These curves were captured using a Rigaku Smartlab with a 9 kW Cu rotating
anode, a 2-bounce Ge monochromator, and a Hypix detector. In this chapter, the XRD
diffraction patterns were indexed using reference data from Garcia-Guaderrama et al. [258]

for the m =5 phase.
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Simulated XRD patterns of different Aurivillius phase structures were computed using
the FORTRAN based code DIFFaX (Diffracted Intensities From Faulted Xtals), designed by
Treacy et al. [256]. This software allows the user to create a “read file” of a structure where
the material is not viewed by its unit cell, but rather viewed as a series of stacked layers
interconnected by stacking vectors (transitions) where the “c” crystallographic axis is defined
along the layered stacking direction. DIFFaX can then produce a simulated diffraction pattern
by computing the diffraction intensities layer by layer. DIFFax exploits the recurring patterns
found in randomised stacking sequences to compute the average interference wave-function
scattered from each layer type occurring in a faulted crystal [256]. Reference data of atomic
positions from previous experimental measurements by Hervoches et al. [150] (powder
neutron diffraction) for the m =4 phase, by Garcia-Guaderrama et al. [258] (powder X-ray
diffraction) for the m=5 phase and by Krzhizhanovskaya et al. [259] (powder X-ray
diffraction) for the m =6 Aurivillius phase were used in order to build the DIFFaX files.
Monochromatic X-ray radiation was used where the X-ray value used in the structure file was

1.5406 nm.

A FEI DualBeam Helios NanolLab 600i Focused lon Beam instrument was used to
prepare the lamella cross sections of the BGTFMO films. Transition electron microscopy (TEM)
cross sections were prepared by depositing C and Pt as electron-beam induced layers,
followed by an ion-beam induced C layer for protection. The lamellas were thinned at
0.28 nA/30 kV with final polish at 47 pA/5 kV. High angle annular dark field (HAADF)-scanning
transmission electron microscopy (STEM) imaging were performed using a probe-corrected
Thermo Fisher Scientific Themis Z operated at 200 kV with a convergence semi-angle of 18 um
at Ohio State University. Further STEM analysis was carried out using a Thermo-Fisher
Scientific double tilt STEM holder in the Thermo-Fisher Scientific FEI double aberration-
corrected monochromated Titan Themis Z at the University of Limerick, where the

microscope was operated at 300 kV.
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4.3 Results and Discussion

4.3.1 Simulations of X-ray Diffraction Patterns from Non-periodic Layered Aurivillius
Structures

As previously described in Section 1.6.3, when OPB defects are incorporated into the BeTFMO
layered structure, often there will be regions where there is a disruption of the usual five
perovskite layer stacking sequence, as shown in Figure 4.1. This is due to the fact that an OPB
defect (represented by areas within the yellow circle in the schematic in Figure 4.1) occurs at
a point where the unit cell misaligns by a fraction of the c-axis lattice parameter. Thus, in
regions close to OPB defects, the BGTFMO material can commonly have stacking-fault regions.
Here there are four or six perovskite layers between the [Bi»02]?* interlayers, before another
OPB defect occurs bringing the area back to the m =5 phase, as seen inside the red circle
within the schematic and within the orange inset of the HAADF-STEM image in Figure 4.1.
From previous work on the m = 3 and m = 4 Aurivillius phases by Deepak et al. [165], [308], it
has been observed that such disruptions to periodicity in the Aurivillius phases leads to
scattering of X-rays and resultant peak broadening. Increased levels of XRD peak broadening
and splitting is associated with films possessing high levels of structural defects [166]. As a
key goal of this study is to assess whether growth on vicinal substrates can deliberately
promote structural defects within B6TFMO, DIFFaX simulation software was used in order to
assist with the interpretation of XRD data of m =5 Aurivillius phase thin films which may have
high a density of structural defects and associated stacking faults. DIFFaX is a FORTRAN based
code designed by Treacy et al. [256] (as discussed in Section 2.4.2) that computes diffraction
from layered crystals that contain stacking faults. Stacking is treated recursively by DIFFaX
meaning that diffraction intensities are calculated by taking into account that the scattered
wave function from a crystal centred on a particular layer is equivalent to the scattering
contribution from that layer plus the scattered wavefunction from the displaced crystal

centred at the next layer. Within this work it is used to simulate Aurivillius phase structures
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with structural intergrowths of m =4 and/or m = 6 stacking faults within an overall m=5

phase film.

Figure 4.1 Left: Schematic of OPB defects (yellow circles) and a resulting m = 6 intergrowth
(red circle). Middle: HAADF-STEM image of regions in a B6TFMO film demonstrating OPBs and
associated stacking-faults. Right: Enlarged HAADF-STEM images of the regions marked by
orange and green rectangles in the middle image. These images show OPB defects (yellow
arrows) propagating through the B6TFMO thin film grown on sapphire substrates witha 0.5 °
mis-cut angle. These images demonstrate how the number of perovskite layers present
between the [Bi,0,]** can vary in the proximity of OPB defects. For example here m=6
intergrowths can be observed directly at stacking fault regions associated with the OPB defect
(region within the orange rectangle) and at wider stacking fault regions associated with the

nearby presence of OPB defects (region within the green rectangle).

To validate the accuracy of the simulated patterns built using DIFFaX, initially structure
files for XRD patterns of phase pure Aurivillius materials were simulated and compared to the
patterns projected from experimentally obtained neutron diffraction data through VESTA
visualisation software [296]. In order to permit for instrumental broadening within the DIFFaX
simulated XRD patterns, a 0.18 ° Gaussian function was applied within the DIFFaX structure
file. Following this, it was determined that the FWHM (full width at half maximum) value of
the DIFFaX simulated (0012) reflection approximately matched the VESTA projected
experimental (0012) reflection value, where the FWHM value was 0.16876 + 0.00016 and
0.16871 + 0.00143 for the DIFFaX simulated and experimental data respectively. Allocating

for instrumental broadening removed the large amplitude of the Laue oscillations (a product
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of coherently diffracting unit cells and a structure’s c-axis lattice parameter), which are
commonly much larger in simulated XRD patterns in comparison to experimentally acquired
data [309]. Appendix Il Figure Il.1 shows a DIFFaX simulated XRD pattern of the (00/)
reflections for the m =4, 5 and 6 layered Aurivillius phases with a thickness of 24 unit cells
(~120 nm). Appendix Il Table 1.1 demonstrates that the 28 positions of the reflections for the
m =5 Aurivillius phase simulated via the constructed DIFFaX structure files are exactly the
same as the positions obtained using VESTA to project the corresponding reflections from
experimental neutron or X-ray diffraction data [150], [258], [259], [296]. The intensities of the
reflections from both DIFFaX simulation and VESTA projection methods also show the same
overall trend, for example using both methods the (0012) reflection for the m =5 phase is the
most intense. This intensity is determined by the predicted structure factor (Fnw) for the

material, which describes the amplitude and phase of the X-ray diffracted from a crystal

lattice plane.
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Figure 4.2 a) Simulated XRD patterns for a 24 unit cell thick m =5 Aurivillius phase film
produced using the DIFFaX software package [256]. The figure illustrates the impact of
inserting one m = 6 fault, equivalent to an intergrowth of one half of an Aurivillius phase, as
it moves through a 24 unit cell from layer 0 (shown by the stacking sequence in (b)), towards

layer 22. The instrumental broadening is set to Gaussian 0.18 °.

DIFFaX allows the user to add structural stacking faults as ‘layers’ into the material

structure. To investigate how one such fault influences the peak position and peak shapes of
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the m =5 Aurivillius phase, structure files were made where one m = 6 fault, equivalent to an
intergrowth of one half of an Aurivillius phase unit cell, were incorporated into the m =5
structure file. These new structures can aid in visualising how the inclusion of stacking fault
defects can impact the resulting XRD pattern measured from the structure. It should be noted
that when OPB defects and associated stacking faults are present in a thin film, they typically
only change the local phase of the structure over a short distance. The OPB itself has a lateral
dimension shorter than 0.5 nm. While the high resolution electron microscopy studies so far
demonstrate that the lateral distances of the m =4 or 6 intergrowths and stacking faults
created as a result of a proximal OPB defect can range from ~0.4 nm (the size of a perovskite
unit cell) up to distances of ~50 nm [164], [192]. Intergrowths with lateral distances of
between 1 to 10 nm can be observed in Figure 4.1. DIFFaX only limits the dimensions of the
simulated thin film in the c-axis direction, leaving the size of the film in the a-b (lateral)
direction infinite. Therefore, these simulations do not give an exact replica of an experimental
Aurivillius phase thin film having stacking faults associated with OPB defects, but rather
indicate which reflections may be most impacted by the inclusion of intergrowth defects and
susceptible to Debye-Scherrer type peak broadening where periodicity is disturbed within the
thin film [256]. Figure 4.2, illustrates the impact of inserting just one m = 6 fault, equivalent
to an intergrowth of one half of an Aurivillius phase, as it moves through a 24 unit cell from
layer 0 at one end of the film, towards layer 23 the opposite end of the film. With insertion of
this m = 6 intergrowth in Figure 4.2, there is an overall change to the XRD pattern background
in all of the simulated patterns, in comparison to the pure m =5 simulation. While some
reflections do not change much, such as the m =5 (0012) reflections, it is possible that for this
position the inclusion of intergrowths in DIFFaX simulations and other structural defects such
as OPBs in real thin films, which are caused by the m =4 (0010) and m = 6 (0014) reflections
don’t have an impact on m =5 (0012) 26 position as the they all have a similar 20 value. There
is also a slight shoulder to the right of the (0018) reflection and to a lesser extent the (0016)
reflection when compared to the intergrowth free, m = 5 pattern (pattern represented by the
black plot). This indicates that the (0018) reflection is highly sensitive to the inclusion of
intergrowths and structural defects within the m =5 Aurivillius phase films. For the case
where the intergrowth is at the centre of the film (pattern represented by the green plot,
where the m = 6 intergrowth is present at layer 12), there is very little change to the pattern

with the shoulders on the (0016) and (0018) reflections. When the intergrowths are about
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30 nm away from the start or end of the stacking sequence, small additional oscillations
within the XRD pattern can be observed, as seen in Figure 4.2 for the pattern represented by
the blue plot (where the m =6 intergrowth is present at layer 6) and for the pattern
represented by the purple plot (where the m =6 intergrowth is present at layer 18). The
DIFFaX simulated XRD patterns demonstrate that when the intergrowth is very near the film
interface, either at a distance of 0.5 unit cells (in the pattern represented by the red plot
(where the m =6 intergrowth is present at layer 0)) or 1.5 unit cells (in the pattern
represented by the yellow plot (where the m = 6 intergrowth is present at layer 22)) away,
this appears to have the greatest impact on the DIFFaX simulated XRD pattern when
compared to the film with no intergrowth included. In the pattern represented by the red plot
in Figure 4.2, extra peaks to the left of the (006) and (008) reflections and to the right of the
(0020) and (0024) peaks are present in addition to those found close to the (0016) and (0018)
reflection. While for the pattern represented by the yellow plot, there is nearly an extra
reflection or shoulder on or between every m =5 reflection. Note that the 26 positions of the
observed shoulders and additional Bragg peaks cannot be attributed as to belonging to any
periodic Aurivillius phase structure. Rather, these features represent the recursive property
of crystals containing defects and X-ray scattering from partially disordered epitaxial films
containing a finite number of layers of different structures and thicknesses [256], [310]. Figure
4.2 clearly demonstrates the positioning of the intergrowth within the film does influence
how the DIFFaX simulated XRD pattern changes from the phase pure, defect-free m=5
pattern. Based on these simulations, it would be expected that for films synthesised with a
high density of intergrowths and defects, reflections such as the (006), (008), (0016) and
(0018) would be most susceptible to experiencing Debye-Scherrer type peak broadening

where periodicity is disturbed and would have large asymmetric shoulders.
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4.3.2 Experimental Investigations of Crystallographic Properties of Non-periodic
Layered Aurivillius Phase Thin Films

In order to deliberately encourage the formation of OPB defects and associated intergrowths
and stacking faults, BGTFMO thin films were synthesised on sapphire substrates with varying
angles of mis-cut as shown in Figure 4.3. The term mis-cut refers to the degree at which the
substrate is cut away from the c-plane toward the m-plane. A variation in mis-cut angle leads
to a change in the size of the step heights and terrace widths on the sapphire substrate
surface, whereupon with increase in mis-cut angle of the substrate, the terrace width of the
steps tends to decrease [311]. In this work, B6TFMO is deposited on substrates with mis-cut
angles of 0.2 °, 0.5 ° and 10 °. The roughness of the substrate surfaces increases with mis-cut
angle, where RMS roughness values are 0.196 nm, 0.218 nm and 0.321 nm for angles of 0.2 °,
0.5 ° and 10 °, respectively. The terrace width for the 0.2 ° mis-cut sapphire substrate was
~70 £ 20 nm with step heights of ~0.6 + 0.1 nm. The 0.5 ° mis-cut sapphire substrate had
similar terrace widths (~¥67 + 16 nm) that were less jagged than the 0.2 ° mis-cut substrate
and had slightly deeper step height (~0.8 + 0.1 nm). When inspecting the 1 um x 1 um AFM
image of the 10 ° mis-cut sample, no clear steps could be seen, however when examining TEM
images, a step-like interface could be observed with approximate step widths and step

heights of ~7.4 £ 2.9 nm and ~1.3 £ 0.5 nm as shown later in Figure 4.2.
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Figure 4.3 AFM images of bare sapphire surfaces with differing degrees of surface angle

mis-cut. a) 0.2 °, b) 0.5 °,¢) 10 °.

The atomic-scale topography of the surface, on which a film nucleates, can lead to the
nucleation of OPB defects via a steric mechanism during thin film deposition [166]. The

nucleation events introduce a phase shift along the layering axis and OPB faults associated
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with this shift can propagate through an entire film of half a micron, or more, in thickness.
Here, OPB formation by step-flow growth [312] of B6TFMO is encouraged onto the above-
described vicinal substrates with a slightly off-axis (0.2 °, 0.5 ° and 10 °) substrate cut and with
a controlled density of atomic steps, designed to introduce OPBs into the growing layer.
Nuclei on different terraces of the substrate will be out-of-phase along ¢, with an offset
determined by the substrate step height, enabling an OPB to be created where they meet.
Use of differing surface steps has been shown to impact the growth of perovskite and
Aurivillius phases when they are epitaxial matched and have been used to tune structural and
ferroelectric properties [190], [216], [217], [313]. Note that although B6TFMO (pseudo cubic
lattice parameter of a = 3.89 A) is not epitaxially matched to sapphire, (hexagonal lattice
parameter of a = 4.758 A (+22.31 % mismatch)), sapphire has been proven to be a suitable
substrate to act as a mechanical support for the Aurivillius phase thin films and it is chemically
stable at the processing temperatures used to crystallize the Aurivillius phases. The influence
of the differing mis-cuts of sapphire on the nucleation and growth of B6TFMO thin films and

sub-unit cell structural defects is described below.

DIFFaX simulations of m =5 Aurivillius phases containing m = 4 and m = 6 intergrowth
layers in Figure 4.4 (a) are compared with experimentally observed X-ray diffraction patterns
of non-periodic m =5 Aurivillius phases in Figure 4.4 (b). Examination of the experimental
data in Figure 4.4 (b) shows that a significant change in the peaks can be observed depending
on the underlying substrate utilised in thin film deposition. As the degree of mis-cut angle of
the sapphire substrate increases, macroscopically it appears from XRD as though there is an
increase in the defect density within the thin films. For the BEGTFMO film on the 0.5 ° mis-cut
substrate (XRD plot shown in red), the (006) and (0018) reflections have increased peak
broadening in comparison to the B6TFMO film grown on 0.2 ° mis-cut sapphire. This
broadening of the (006) and (0018) reflections in the XRD patterns of BGTFMO on higher mis-
cut substrates is expected in accordance with the DIFFaX simulations which indicate that
these reflections become broader when intergrowths are present (Figure 4.2 (a) and Figure
4.4 (a)). As displayed in Table 4.1, in general the FWHM values also increase with increase in
substrate mis-cut. An XRD rocking curve measurement of the (006) peak shown in Figure 4.5
further demonstrates that a change in the peak width can be observed. The FWHM value

increases from a value of 0.22 for the B6TFMO film on 0.2 ° mis-cut sapphire to a value of 0.40
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for the film on 0.5 ° mis-cut sapphire. This peak broadening could be attributed to an increase
in defects within the film as DIFFaX simulations indicate that if more defects are present
within the film the (006) peak would experience broadening. From the XRD patterns it does
appear that there is an increase in defect density within B6ETFMO films when grown on higher
mis-cut sapphire surfaces. Here reflections such as the (006) and (0018) experience
broadening as predicted by DIFFaX simulations when there is a half-unit cell intergrowth
present. The FWHM values could be affected by the increase in structural disorder within the
films, but also by factors such as film thickness and grain size. However, the average film
thickness for the three samples is similar. Thickness measurements taken from 4 um long film
sections of the samples are 94 £ 26 nm, 112 + 22 nm and 94 + 11 nm for the BGTFMO films on
0.2 °, 0.5 ° and 10 ° mis-cut sapphire, respectively. Thus, it does not appear film thickness is
the main contributor to the change in FWHM. Using Gwyddion software [314] to analyse the
surface of the films, approximate average grain size values were measured, using the images
as later shown for the average RMS values in Figure 4.6. The average size of the crystal grains
do appear to be decreasing as mis-cut angle of the substrate increases, where the average
grains size is 0.49 um?, 0.30 pm? and 0.26 um?for the B6TFMO films grown on 0.2 °, 0.5 ° and
10 ° mis-cut sapphire respectively. Thus, it is possible that the crystal grain size within the
B6TFMO films does contribute to the broadening of the observed FWHM values. Overall, the
increase of the FWHM values for the films is also likely due to a combination of smaller grains
in the B6TFMO films synthesised on higher mis-cut substrates and the higher number of

defects contributing to deviations from periodicity within the films.
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Figure 4.4 a) Simulated XRD patterns with the instrumental broadening set to Gaussian 0.18 .

The bottom plot is simulated for an m =5 phase with no intergrowths. The middle plot

labelled “far apart” simulates a structure with two intergrowths, one m =4 and one m =6.

One of the intergrowths is near the top of the film and the other near the bottom of the film,

19.5 unit cells apart. The top plot labelled “close” simulates one m=4 and one m=6

intergrowth near the centre of the film, 1.5 unit cells apart. A schematic with the positions of

these intergrowths in an overall m =5 Aurivillius structure is provided in Appendix Il Figure

1.2. b) Experimentally acquired X-ray diffraction patterns of B6GTFMO films deposited on

sapphire substrates with vicinal surfaces having mis-cut angles of 0.2 ° (XRD plot shown in

black), 0.5 ° (XRD plot shown in red) and 10 ° (XRD plot shown in blue).
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FWHM
Reflection 0.2° 0.5° 10°
(004) 0.371+0.003 | 0.504+0.005 | 0.554 +0.011
(006) 0.466 £ 0.002 | 1.303+0.013 | 0.876+0.012
(008) 0.399+0.004 | 0.489+0.003 | 0.667 +0.006
(0010) 0.262 £ 0.002 | 0.243+0.001 | 0.354 +0.003
(0012) 0.169 £0.001 | 0.169 +0.001 | 0.201 +0.002
(0014) 0.263 £0.002 | 0.272+0.003 | 0.325+0.004
(0018) 0.521+0.004 | 1.227+£0.011 | 0.945+0.019
(0020) 0.572+0.003 | 0.491+0.005 | 0.810+0.009

Table 4.1 FWHM values of experimentally acquired XRD patterns from Figure 4.4 (b).
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Figure 4.5 Normalised rocking curve measurement of the (006) reflection fora B6TFMO thin

film deposited on 0.2 ° (plot shown in black) and 0.5 ° (plot shown in red) mis-cut sapphire.

While the presence of OPBs and short-range lateral stacking faults within BGTFMO
cannot be perfectly replicated, DIFFaX provides insight into how stacking-fault defects across
a proportion of the sample might affect the non-periodic material structure. Figure 4.2,
illustrates how the inclusion of a half-unit cell m = 6 stacking fault impacts the XRD pattern of
an m =5 Aurivillius phase material. However, to create a more complex structure that might

produce an XRD pattern more similar to those collected experimentally, a second stacking

137



fault was included in the DIFFaX structure file to include a half-unit cell m = 4 intergrowth.
Simulated XRD patterns produced by DIFFaX with one half-unit cell intergrowth of an m=4
phase and one half-unit cell intergrowth of an m =6 phase within the same structure are
plotted in Figure 4.4 (a). When one intergrowth is near the top of the film and the other is at
the bottom of the film, 19.5 unit cells apart (“far apart”), slight broadening can be observed
at the base of some of the peaks, which appear as shoulders on the m =5 reflections. For the
simulation labelled “close”, where the intergrowths are now inserted towards the centre of
the film with a distance of 1.5 unit cells (three half unit cells) apart, the broadening on the
m =5 reflections is much more significant. This is most evident in peaks such as those
associated with the (006) and (0018) reflections. This correlates with the experimental XRD
patterns of B6TFMO on the 0.5 ° mis-cut sapphire substrate, where the experimental data
(shown in the XRD plot in red in Figure 4.4 (b)) shows a relatively large proportion of
broadening. Here the FWHM values of the (006) and (0018) reflections increase by 179.82 %
(0.47 to 1.30) and 141.40% (0.52 to 1.23) respectively from the film deposited on 0.2 ° mis-
cut sapphire to the film on 0.5 ° mis-cut sapphire. It is also clear from the DIFFaX simulations

that the (0010), (0012) and (0014) reflections experience very little change with the inclusion

of m = 4/6 intergrowths. This correlates with the experimental data where those three peaks,
belonging to B6TFMO films on all three types of substrate mis-cut substrates show no
evidence of further broadening or shoulders on their peaks (Figure 4.4) and possess the

lowest FWHM values, as displayed in Table 4.1.

Figure 4.6 AFM images of BGTFMO films deposited on sapphire substrates with differing
degree of surface angle mis-cut, a) 0.2 °, b) 0.5 °, c) 10 °.
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4.3.3 Experimental Investigations of Thin Film Morphology of Non-periodic Layered
Aurivillius Phase Thin Films

The use of differing vicinal substrates appears to have an overall impact on the nucleation
and growth of the Aurivillius phase. Figure 4.6 shows the surface topography of the BETFMO
thin films imaged by AFM in contact mode. The figure demonstrates how the surface changes
with increasing substrate mis-cut angle, with the crystal grain size appearing to decrease as
the substrate mis-cut increases. The average RMS roughness values for the BGTFMO films on
0.2°,0.5° and 10 ° mis-cut sapphire substrates each taken from 5 separate 10 x 10 um? scans
are 32.00 £ 2.71 nm, 19.64 + 0.91 nm and 21.83 + 1.27 nm, respectively. Through AFM and
TEM imaging, the relatively rough nature of the non-epitaxially grown films can be observed.
Figure 4.7 displays STEM images of the cross-section lamellae of the B6TFMO films grown on
0.2 ° and 10 ° mis-cut sapphire, where it appears as though the surface roughness arises from
two different mechanisms: i) microcrystallites and ii) crystal grain orientation, as is discussed
below. Microcrystallites are found on the surface of all the B6TFMO thin films presented in
this work. It is inferred that the microcrystallites are formed during cooling after the 850 °C
post deposition-annealing step and electron microscopy analysis shows that they are
comprised of a bismuth based layered phase. They have smaller lateral dimensions than the
underlying B6TFMO film and can differ from the underlying film by having either a different
crystal orientation or by having a different bismuth layering structure. The film on 0.2 ° mis-
cut sapphire shown in Figure 4.6 (a) has two types of surface crystallites, those that are 20 nm
in height (shown within the red circle) and those that are between 100 to 150 nm in height
(shown within the green circle). For the BGTFMO films on 0.5 ° and 10 ° mis-cut sapphire, the
surface crystallites are approximately 50 to 80 nm in height as seen in Figure 4.6 (b) and (c).
However, for the BEGTFMO thin films on the 10 ° mis-cut sapphire, surface crystallites are not
the only contribution to the surface roughness. Figure 4.7 and Figure 4.8 depicts STEM and
HAADF images of the B6TFMO film grown on 10 ° mis-cut sapphire. It can be observed that
there are two types of grain growth within the film. Grains that lie flat at a 0 ° angle to the
surface and those that lie at an angle approximately 10 ° to the surface. The grains that grow
at a ~10 ° angle do not have an equal thickness throughout the grain. In the grain circled in

yellow in Figure 4.8 (b), one area of the grain has a thickness of 48 nm. Towards the left of
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the same grain, the crystallite increases in height to a thickness of 104 nm. This unequal/non-
equivalent thickness in grains that grow at an angle of ~10 ° demonstrates that the direction
of the grain growth also contributes towards to the surface roughness of the BGTFMO film.
The density of the Aurivillius phase surface crystallites increase as the substrate mis-cut angle
increases while the surface crystallite size decreases, where the average number of surface
crystallites are 0.5, 1.3 and 1.5 per um? and the average lateral dimensions of the surface
crystallites are 0.28 pm?, 0.11 um? and 0.12 um? for the films grown on the 0.2 °, 0.5 ° and 10

° mis-cut substrates, respectively.

FIB Coatings
isnm  |ssom J 160 nm B6TFMO

Sapphire
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o B6TFMO
TR

Sapphire

Figure 4.7 STEM images of B6TFMO films on a) 0.2 ° and b) 10 ° mis-cut sapphire substrates.
a) An intermediate stage in the layer-by-layer growth mode shown on top of the film within
the green circle while in b) sections of the film are grown at different angles, 0 ° and ~10 ° to

the underlying substrate.

Looking more closely at the grains within the B6TFMO film on 10 ° mis-cut sapphire
(Figure 4.8), areas can be compared where the crystal grains grow at 0 ° vs. 10 ° and it can be
observed that the orientation of the grains differ. From the inset in Figure 4.8 (a), it is seen
that the as-grown film does not follow the surface steps and the grain is oriented in the (100)
direction. In this area the initial [Bi.02]%* interlayer at the substrate/thin film interface ignores
the ~10 ° substrate steps and grows parallel (flat) to the overall substrate. In Figure 4.8 (b),
the orientation of the grain that grows at a ~10 ° angle with the mis-cut surface steps is (110)
orientated, with the initial [Bi.02]?* interlayer at the substrate/thin film interface growing
along the ~10 ° surface steps. Further imaging needs to be carried out in B6TFMO thin films
on 10 ° mis-cut sapphire in order to ensure that this change in orientation is experienced for

all grains that are grown at a 0 ° vs. 10 ° angle. This observation indicates there is a possibility
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that the ~10 ° step edge may help nucleate grains within the B6TFMO thin film in a particular

crystal orientation.

a) b)

Figure 4.8 STEM images of B6TFMO films on a 10 ° mis-cut sapphire. The surface of the
substrate is made of up steps that are at an approximate 10 ° angle to the surface normal.
However, some sections of the film have grown at different angles, a)at 0 *and b) at ~ 11 °
to the substrate surface. In this figure, the grains lying at a 0 ° angle have a (100) orientation

while the grains lying at an angle of ~11 ° are (110) oriented.

4.3.4 Visualisation of Sub-unit-cell Structural Defects in Non-periodic Layered
Aurivillius Phase Thin Films

Atomic-scale cross-section STEM imaging of the three films on the vicinal sapphire surfaces
allowed for the visualisation of sub-unit cell defects such as OPB defects and stacking fault
defects within in all of the films, as seen in Figure 4.9. Unlike in XRD where the full sample can

be analysed and a comparison of defect density can be made between samples, a statistical
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comparison of defect density as a function of mis-cut angle cannot be determined by STEM
imaging due to the local nature of the technique and given the fact that there is regional
variability within the films. However, because the defect dimensions are at the sub-unit cell
scale, HAADF-STEM imaging is required to probe their unique characteristics with atomic-
scale spatial resolution. Herein, it is revealed that HAADF-STEM imaging reveals other types

of unique defects in addition to commonly observed OPB defects and stacking faults.

Figure 4.9 STEM images of the B6TFMO films on a) 0.2 °, b) 0.5 ° and c) 10 ° mis-cut sapphire.
OPB defects are observed in all films. The yellow arrows point to some examples of these

defects within the images.

For the imaging of defects within the B6TFMO films, STEM was initially used to
investigate the possibility of correlating different types of defects within the BGTFMO films to
the influence of differing types of mis-cut sapphire substrates and to see how the steps of the
mis-cut substrates impacted the formation of defects within B6TFMO. However, STEM
imaging does not clarify how the steps of the sapphire substrate contribute to the formation
of structural defects within the B6TFMO films. What is seen is that alongside expected defects
such as OPBs defects, further structural defects such as ‘anatase’-type planar defects and
nanorod precipitates are present. In Figure 4.10, different crystallographic grains are
observed, with a low angle grain boundary (a grain boundary with a mis-orientation of < 15 °
[315]) in inset b) and a surface microcrystallite within the inset in c). To the right of the grain
boundary in Figure 4.10 (shown with lighter colour contrast), there is a grain mostly
comprised of the Aurivillius phase m =5 phase, where the atomic columns of the structure
can clearly be identified. To the left of the grain boundary (shown with darker colour
contrast), the projected angle of the grain makes the atomic columns more difficult to see
due to the slight change in orientation. However, at either side of the grain boundary as seen

in Figure 4.10 (a) and (b), there are sections where the [Bi»0,]%* interlayer has been replaced
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with an ‘anatase’- type planar defect, described previously in Section 1.6.3. These are bismuth
poor interfaces, made up of edge-sharing BOs octahedra with double columns of Bi3* cations
and most likely the Ti** cation. Batuk et al. [175], [176] deliberately synthesised layered
materials of the formula Bizn+1TizFe3n-309n+11, cONtaining these ‘anatase’-type chains via a solid
state reaction in air at temperatures between 800 to 1000 °C. The ‘anatase’-type chains are
interleaved between perovskite blocks where the chains are considered as planar ‘anatase’-
like intergrowths that are polysynthetically twinned fragments of the Bi;TisO11 structure. In
the region in Figure 4.10 (c) which is a surface microcrystallite above the main film, the
structure has fully deviated away from the Aurivillius phase structure and the dielectric
[Bi,0,]%* interlayers are completely replaced by ‘anatase’- type planar defects. This region
above the film likely corresponds to one of the surface crystallites as observed Figure 4.6 (a)
and Figure 4.7 (a), circled in green. One hypothesis for the formation of ‘anatase’- type
interlayers within these films could be that there is diffusion of bismuth at the low angle grain
boundaries during the 850 °C post anneal step. It has been observed that the loss of bismuth
through evaporation leads to the secondary generation of defects such as OPBs through
crystal shear [166]. It could be possible here, that the low angle grain boundaries, which are
comprised of multiple OPB defects behave as a fast diffusion path for the volatile bismuth and

thus as a result, the locally bismuth poor ‘anatase’- type defects form.
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Figure 4.10 Cross-section STEM images of BETFMO on 0.5 °mis-cut sapphire substrate. Within
this lamella, there are a number of different regions. a) is a region where planar ‘anatase’-
like BOg interlayers replaces some of the fluorite [Bi,02]?* layers at points and m, the number
of perovskite-like unit cells between the interlayers varies. These ‘anatase’- like BOs
interlayers can also be seen at low angle grain boundaries as in b) and d). In c) the interface
between the main (continuous) m =5 Aurivillius phase film grown on sapphire and a surface
microcrystallite, which appears to also have ‘anatase’-like BOg interlayers instead of the

expected [Bi,0,]%* fluorite layers, is observed.

In the areas where the [Bi,0,]%* interlayer is replaced by the ‘anatase’-like interlayer,
as seen in Figure 4.11, the number of perovskite blocks between the planar ‘anatase’-like
interlayer is not uniform and varies from 4 to 8 perovskite blocks. In regions where there are
6 perovskite blocks or more, a further chemical defect can be observed as displayed in Figure
4.11. Here, there are bismuth deficient nanorod type precipitates that form through the
perovskite region of the layer, which can also be observed in the BisTizsFesO7, m = 8, Aurivillius
system prepared by other research groups [200], [316]. These defects are made up of a centre
comprising of two central bismuth atoms, and have been previously considered by
Maclaren et al. [317] to be “nanorods”. Research on similar defects found in Nd (A-site) and

Ti (B-site) doped BiFeOs reported that these structures do not travel the full way through the
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film, but rather have lengths varying from approximately 1.2 nm to over 10 nm [317]. The
precipitates found in the doped BiFeOs films were also accompanied by the presence of planar
‘anatase’-like defects [173], [318]. Imaging of the nanorod precipitates as seen in Figure 4.11
agree with Maclaren et al.’s assessment that these defects do not travel though the entirety
of the film. At the far sides of the inset in Figure 4.11 (circled in purple) distinct precipitates
having two central bismuth atoms can be observed, however other defects in the inset
(circled in blue) appear like a mixture of the precipitate with the Aurivillius structure. This
indicates that the defects do not run fully through the lamella. It is likely in this sample that
the central atoms at the precipitate have a Bi,O3 structure with highly strained Ti rich columns
next to the precipitate. EELS work by MaclLaren et al. [317] from the Nd/Ti doped BiFeOs
indicated that there is an Nd,Os structure at the core of their precipitates. Density Functional
Theory (DFT) calculations predicted that to the sides of the precipitate, the BOs octahedra
move to BOs square pyramids. This change could be due to the internal strain imparted by
the nanorod core. It is possible that the Bi* poor planar ‘anatase’-like defects and nanorod
precipitates are a result of Bi* diffusion along low angle grain boundaries. The defects could
also potentially be a result of the reorganisation of the layered structure in order to
accommodate intergrowths with m = 6, 7 or 8. For example, the nanorod precipitates are only
found in regions where m is greater than 7, these defects could form in order to compensate

for the extra Bi** required to stabilise these intergrowths.
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Figure 4.11 HAADF STEM images showing planar ‘anatase’ rich regions in a BGTFMO film on
0.2 ° mis-cut sapphire substrate near the top of the B6TFMO film. Within this region, the
number of m perovskite-like unit cells between the dielectric interlayers varies from 4 to 8.
When there are 7 or more perovskite unit cells, a nanorod-type precipitate (blue and purple

circles) is also observed.

4.3.5 Local PFM In-plane and Out-of-plane Ferroelectric Investigations of Non-periodic

Layered Aurivillius Phase Thin Films
DART-PFM [234] was used to measure the piezoresponse of the BGTFMO samples in order to
investigate how the substrate mis-cut angle impacted the ferroelectric domains. It should be
noted that for BGTFMO grown on sapphire the films are preferentially c-axis orientated due
to natural layering, but there is no preferred in-plane orientation, as the films are not
epitaxially matched to the sapphire substrate. It has been observed for very thin films (1 unit
cell) on NGO, that B6TFMO can have ferroelectric stripe domains [171] and that substrate
steps can influence the formation of ferroelectric domains within other Aurivillius phases
[190]. While such distinct domain ordering would not be expected to be observed in relatively
thick (90 to 100 nm) Aurivillius phase films, due to the high electrostatic costs associated with
charged domain walls, in this work the influence of the mis-cut sapphire substrate steps on
the formation of ferroelectric domains and domain wall structure within BGTFMO was
investigated. For even-layered Aurivillius phases, the spontaneous polarisation within the
material is confined to the in-plane (b-axis) direction, due to the presence of the horizontal

mirror symmetry [284]. However for odd-layered phases, e.g. m =5 B6TFMO, the mirror
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symmetry is broken and the resulting two-fold rotation symmetry allows for a minor out-of-
plane component to be present in the out-of-plane (c-axis) direction [196].

PFM imaging in Figure 4.12 reveals that the three B6GTFMO samples studied are all naturally
self-polarised, demonstrating a clear lateral piezoresponse (LPFM) and a weaker vertical
piezoresponse (VPFM). In Figure 4.12, it is evident how the size of the ferroelectric domains
within the films varies with the substrate mis-cut angle, where the size of the ferroelectric
domains decrease with increased mis-cut angle. For example, the average ferroelectric
domain size from the in-plane LPFM measurements were calculated to be 0.233 + 0.025 pm?,
0.210 * 0.004 pm? and 0.139 + 0.012 um? for the B6TFMO films on 0.2 °, 0.5 ° and 10 ° mis-

cut sapphire substrates respectively.

The higher degree of structural disorder within the B6TFMO films grown on higher
angles of mis-cut sapphire is the most likely contributor to the increased number of
ferroelectric domains observed. In a thin film that is comprised of mostly small grains (as is
the case when comparing the B6TFMO film for example on 0.2 ° vs 10 ° mis-cut sapphire)
there is a higher level of structural disorder due to an increased number of grain boundaries
within that film, compared to a thin film with very few, large-sized grains. The greater degree
of grain boundaries within these types of films would mean that defects such as OPBs are
much more prevalent, given that grain boundaries can act as fast diffusion paths for volatizing
bismuth (See Figure 4.10 [166]). While the inclusion of a single OPB within a ferroelectric does
not necessarily create a domain wall, it has been shown in previous work that a defect such
as an OPB can cause local polar discontinuities [192] and can potentially act as a nucleation
site for ferroelectric domains [319]. In structures where there are a large prevalence of
structural defects, the polar discontinuities can result in a higher likelihood of interesting
polar topologies such as domain walls. It appears from Figure 4.12, that increase in substrate

mis-cut leads to an increase the number of ferroelectric domains within the material.

Figure 4.13 demonstrates that both vertical and lateral ferroelectric domains within
all the BEGTFMO films studied were switchable with the application of a DC voltage (Voc) to the
surfaces. Direct application of voltage from the vertical PFM probe enabled switching of
domains in the out-of-plane (vertical) direction. As the PFM tip scans a material surface with

an applied DC bias, it creates a trailing field that can generate an in-plane electric

147



field [320], [321], which enabled switching of the underlying domains in the lateral direction.
PFM poling experiments of BETFMO films on sapphire are displayed in Figure 4.13 and Figure
4.14, where it can be observed that the out-of-plane response can be switched for all films
after 15 Vpc is applied. It is noted that the film on the 10 ° mis-cut substrate switches more
easily after £5 Vpc is applied, compared to films synthesised on the other two substrates. The
in-plane component does not switch as easily, possibly due to the method by which the poling
occurs. In practice, the in-plane electric field generated by the scanning trailing field used to
switch the in-plane component will be lower than the direct field generated in the vertical
direction. Looking more closely at the poled in-plane regions in Figure 4.14, full switching of
domains in the out-of-plane (vertical) direction (Figure 4.14 (b)) is observed. Some, but not
complete, switching of the domains in the lateral direction from the naturally self-polarised
state, to a lateral switching of polarisation towards the right direction is present. In Figure
4.14 (c), before a bias of + 45 Vpc was applied, the average ferroelectric domain size was
0.46 um?.51.6 % (purple) of the domains were polarised to the left and 48.2 % of the domains
were polarised to the right (yellow). Whereas after poling, while the domains were not
completely switched to the right, with 46.3 % polarised to the left (purple) and 53.3 %
polarised to the right (yellow), there is an overall increase in domains polarised to the right.

The average ferroelectric domain size increases to 0.99 pm?>.
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Figure 4.12 In—plane LPFM and out-of-plane VPFM images of BGTFMO thin filmson 0.2 °,0.5 °

and 10 ° mis-cut sapphire substrates probed at 2 Vac.
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Figure 4.13 Ferroelectric poling of BETFMO on 0.2 °, 0.5 °and 10 ° mis-cut sapphire substrates
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Figure 4.14 B6TFMO region on 0.2 ° mis-cut sapphire substrate where +45 Vpc was applied
over a total 10 x 10 um? area for ferroelectric poling studies. a) Height image with inset
(4.8 x 5.2 um? area). The corresponding amplitude and phase images of the inset area b)

before and after poling imaged using a 2 V vertical Vacand c) before and after poling imaged

using a 2 V lateral Vac.
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4.3.6 Atomic Resolution Mapping of Polar Topologies of Non-periodic Layered

Aurivillius Phase Thin Films

Disruptions to the periodic Aurivillius phase lattice by OPBs and stacking-faults have a marked
influence on the internal elastic strain and electrostatic energy gradients within the
structure [192]. The local polarisation component within the perovskite unit cells can be
measured via quantification of the displacement of the B-site cation through local polarisation
mapping within B6BTFMO. Atomic resolution polarisation vector mapping is used to further
investigate the affect that defect positioning, distance and density has on the formation of
exotic charged domain walls and polar vortices within BEGTFMO. What is apparent from
polarisation mapping of HAADF-STEM images (Figure 4.15 and Appendix Il Figure I1.5) is that
defects such as OPBs encourage the formation of nominally 180 ° charged domain walls going
through multiple perovskite layers. Within this section, the aim was to utilise polarisation
mapping of HAADF-STEM images to visualise how the strain induced by the structural defects
impacts the polarisation within the B6TFMO system. In the centre of Figure 4.15, where a
dashed yellow line indicates the approximate position of a changed domain wall, the domain
wall seems to be facilitated by the OPB defects passing through the film. The presence of OPB
defects and the resulting change in the elastic strain and electrostatic energies can cause the
magnitude and the orientation of the local polarisation vectors to be altered. This polar
discontinuity can aid in the nucleation of a charged domain wall. At sites where charged
domain walls are present, a large bound charge accumulates, and a compensating mechanism
is required in order for the domain wall to be stabilised. In BGTFMO, it is not yet known what
fundamental mechanism is compensating this bound charge. For different ferroelectric
systems, different compensation mechanisms have so far been postulated [88], [91]. One
possibility is the presence of point charges, such as Bi* or O? vacancies in the proximity the
bismuth deficient OPB defect. While vacancy sites within perovskites are common and oxygen
vacancies are present in other systems at domain walls where strain gradients are relieved
[322], [323], previous work by Snedden et al. [324] describes how reports of oxygen deficient
Aurivillius phases should be treated with caution. Their work illustrating the difficulty of
replacing similarly sized Ti* by Ga3* in both Bi,SraNb,TiO12 (m =3) and BaBisTisO1s5 (m = 4)

indicates the intolerance of the Aurivillius phases (with m > 1) towards oxide ion vacancies.
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McCabe and Greaves [325] also describe the difficulty in formation of an oxygen deficient
Bi,SraNbaMnO12-s (m = 3) Aurivillius phase containing Mn3*. Whereas the synthesis of the
Mn3# Aurivillius phase, Bi;Sri4laosNboMnO12 (m =3), in which charge compensation
required no oxygen vacancies, was successful. Zurbuchen et al. [326] likewise describe that
oxide ion vacancies are not favourable for the m = 6 Aurivillius phase Bi7;Mn3.75Ti2.25021. Some
preliminary EELS mapping of the BETFMO system [192] does show that at domain walls there
is a depletion of oxygen, however further chemical mapping needs to be carried out to
confirm these findings and further investigations on B6TFMO Aurivillius phases need to be
undertaken to see how favourable it is for vacancies to be present within these systems. In
work by Gradauskaite et al. [190] on m = 4 BisFeTiz01s5 epitaxial thin films, they suggest
through DFT calculations that Head-to-Head and Tail-to-Tail domain walls are created at OPB
sites through Bi3* vacancies. Conversely, given that there is a clear augmentation of cation
partitioning near OPB defects in BGTFMO [164], [192] this might lead to local (site specific)
bandgap changes between the DW and bulk material, signifying that intrinsic mechanisms
may support domain wall conduction [88], [91]. High resolution EELS analysis would be

required to confirm this.

In previous work [192], it has been shown that within B6TFMO regions disrupted by
OPB steps, the internal elastic strain and electrostatic energy gradients are altered in such a
way that non-trivial rotations of the polarisation must occur, facilitating the formation of
extraordinary polar vortex type topologies. In a true vortex state, polarisation is continuously
changing about a vortex core, giving rise to an inhomogeneous polarisation distribution.
Within these topological structures, both the change in magnitude of polarisation and
rotation angle are observed, therefore they cannot be considered as prototypical Ising (axis
of polarisation is fixed), Néel or Bloch-type (polarisation magnitude is fixed) domain walls.
Given there is continuous rotation of the local polarisation vector, these topological
structures resemble vortex domain walls rather than flux-closure architectures (where
segregation into uniform domains occurs in the latter). Results so far indicate that these polar
vortex topologies are present at charged domain wall regions where OPB defects are spaced
3 to 4 nm apart (equivalent to between 5 to 8 perovskite unit cells) and which are 2.4 to 2.8

nm in height (corresponding to half-unit-cell thick m = 5 and m = 6 structures).
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Fre 4.15 HAADF-STEM images f B6TFMO thin film on 0.2 mis-cut sapphire where
polarisation displacement vectors of the B-site cation are mapped using TEMUL toolkit [55].
In this figure, the colour of the arrow indicates the direction that polarisation is pointing in,
with yellow arrows (orientated 0 °) indicating that polarisation is pointing towards the right
and with blue arrows (orientated 180 °) indicating that polarisation is pointing towards the
left. In the insets, the size of the arrow correlates to the magnitude of the displacement of
the B-site cation. The dashed yellow curved line gives an approximate location of charged
domain walls within the image. The large arrows indicate an approximate overall direction of
polarisation within the ferroelectric domains present. Green Inset: shows an enlarged region
of nominally charged 180 ° Head-to-Head and Tail-to-Tail domain walls. Red Inset: shows that
a polar vortex is present in a region containing a nominal 180 " Tail-to-Tail charged domain

wall between two OPB defects.

Further evidence for polar vortex formations were observed within the newly
synthesised films in this work. Interestingly, as Figure 4.15 demonstrates, the polar vortex
observed is created and stabilised between two OPBs that are spaced at a further 12
perovskite unit cells apart (~5 nm apart). Although it can be noted that from 8 perovskite unit
cells to the right of the top OPB, the in-plane polarisation is now distinctly going in one
direction and that the size of the completely rotated polar vortex is comparable to those

observed in B6TFMO before.
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4.4 Conclusions

The synthesis of BGTFMO films on vicinal sapphire surfaces were examined and the impact of
the substrate surface on thin film growth has been assessed. DIFFaX XRD 6/26 simulations
show that (00/) reflections such as the (0010), (0012) and (0014) are not as impacted by the
inclusion of intergrowths within the 5 layer Aurivillius phase structure in comparison to the
other reflections such as the (006), (008), (0018) and (0020) reflections. Macroscopically
through experimental XRD measurements, there is broadening of the FWHM for reflections
corresponding to films grown on higher mis-cut sapphire, particularly the (006), (008), (0018)
and (0020) indicating a higher defect density is present in the films when grown on higher

mis-cut substrates.

The substrate surface on which the B6TFMO films are grown on and disruptions to the
periodicity of the Aurivillius phases by the inclusion of sub-unit-cell defects has a marked
effect on the film morphology and ferroelectric properties. PFM measurements of the films
reveal that the density of the ferroelectric domains increase with the increase of defect
density through increasing the substrate mis-cut angle. As the substrate mis-cut angle
increases, the grain size within the B6TFMO films decrease. This could be caused by the
decrease in the size of the step terrace widths as mis-cut angle increases, where the step
width is ~70 £ 20 nm for 0.2 ° mis-cut sapphire compared to ~7.4 £ 2.9 nm for 10 ° mis-cut
sapphire. As step terraces can often act as nucleation sites during thin film deposition, the
smaller steps associated with the 10 ° mis-cut substrates create films with a smaller crystal
grains and thus smaller ferroelectric domains. It is very common for structural defects such
as OPBs to be present along grain boundaries, therefore the smaller grain size within the
B6TFMO films on 10 ° mis-cut sapphire also contributes to the increase of structural defects

with the films.

Through cross-section STEM imaging, it is observed that the substrate mis-cut angle
can affect the direction of the film growth. In the B6TFMO film on 10 ° mis-cut sapphire, some
crystal grains lie at a ~10 ° angle, following the orientation of the substrate steps, but this is
not seen in the B6TFMO film on 0.2 ° mis-cut sapphire. For the B6TFMO film on 10 ° mis-cut
sapphire it was shown that the crystal grain is oriented in the (100) direction the as-grown

film does not follow the surface steps while when the crystal grain is oriented in the (110)

155



direction the grain that grows at a ~10 ° angle, however further imaging in needed to be

conclusive of this finding.

Looking more closely at the grains within the B6TFMO film on 10 ° mis-cut sapphire
(Figure 4.8), comparisons between areas where the crystal grains grow at 0 ° vs. 10 ° can be
drawn and show that the orientation of the grains differ. From the inset in Figure 4.8 (a),it is
shown that the as-grown film does not follow the surface steps and the grain is oriented in
the (100) direction. In this area the initial [Bi202]%* interlayer at the substrate/thin film
interface ignores the ~10 ° substrate steps and grows parallel (flat) to the overall substrate.
In Figure 4.8 (b), the orientation of the grain that grows at a ~10 ° angle with the mis-cut
surface steps is (110) orientated, with the initial [Bi.02]?* interlayer at the substrate/thin film
interface growing along the ~10 ° surface steps. Further imaging needs to be carried out in
B6TFMO thin films on 10 ° mis-cut sapphire to ensure that this change in orientation is
experienced for all grains that are grown at a 0 ° vs. 10 ° angle. This observation indicates
there is a possibility that the ~10 ° step edge may help nucleate grains within the B6TFMO

thin film in a particular crystal orientation.

HAADF-STEM imaging enabled a closer examination of defects and revealed that OPB
defects were present within all the thin films examined. Charged domain walls alongside
exotic polar vortices facilitated by OPBs are also observed. In this work, the conditions for the
formation of polar vortices appear to be more relaxed than initially thought. These vortex
topologies are present at charged domain wall regions where OPBs are present and while
initial reports indicated that it was required to have OPB defects spaced between 3 to 4 nm
apart, in this contribution it is shown that a polar vortex can form between two OPB defects

that are ~5 nm apart.

This work offers valuable insight into the role of mis-cut sapphire substrates on the
growth of B6TFMO thin films which demonstrate that increasing mis-cut provides a method
for increasing and controlling the density of structural defects, ferroelectric domains,

ferroelectric domain walls and the associated emergent properties within the films.
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5 Influence of Patterned Sapphire Substrates on the Multiferroic

Properties of Aurivillius Phase Thin Films

In this chapter, all research is the work of the author, with the exception of the following
contributions from collaborators: B. Sheehan (Tyndall-UCC) prepared cross-section lamella of
the samples. S. Stock and J. Peters (Trinity College Dublin) carried out scanning transmission
electron microscopy and aided in the interpretation of the analysis. L. Keeney (Tyndall-UCC)
acquired the atomic force microscopy images using the Bruker Dimension Icon tool. M. Bansal
and T. Maity (Indian Institute of Science Education and Research, Thiruvananthapuram)

acquired and aided in the interpretation of the magnetic measurements.

5.1 Introduction

BisTixFeyMn,018 (B6TFMO), is an example of an odd-layered Aurivillius phase room
temperature (RT) magnetoelectric multiferroic, where ‘m’, the number of perovskite units per
half-cell, is equal to five [162], [163]. The origin of ferroelectricity within the Aurivillius phases
(through stereo-chemical activity of the Bi3* lone pair electrons at the A-site and through Ti*
distortion at the B-site caused by the pseudo/second order Jahn-Teller effect) is well
established. Crystal symmetry of BGTFMO dictates that the major polarization (~40 pC/cm?)
arises spontaneously along the g-axis, typically lying along the in-plane, lateral direction in
conventional B6TFMO films coming from grains where the long c-axis is perpendicular to the
substrate [154], [161], [196], [275], [327]. In even layered-Aurivillius phases, the out-of-plane
polarisation components have an anti-polar ordering, where the polarisation faces towards
the [Bi,02]?* dielectric interlayers and this polarisation cancels out due to the presence of a
horizontal mirror plane [154], [160]. However, a weak (~0.4 uC/cm?) out-of-plane polarisation
can be measured for the odd, five-layered phase due to the breaking of its horizontal mirror
plane and retention of the two-fold rotation axis [328]. Due to this breaking of the horizontal
mirror plane within the odd layered Aurivillius systems, areas in BGTFMO have either a minor
net-up or net-down out-of-plane polarisation resulting from the displacement of the B-site
cation in the c-axis direction. Improving the accessibility of the a-plane and major polarization
vector in vertical architectures employing BGTFMO could improve its ability to be utilised in

circuit designs for device applications with 3-D stacks. In contemporary ferroelectric random
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access memories, the most common device design utilises a metal-insulator-metal geometry,
where the ferroelectric material is sandwiched between a top and bottom electrode. In these
device architectures, the electric field is perpendicular to the film plane. Therefore, materials
with a vertical polarisation are optimal for effective domain switching. In lead zirconate
titanate (PZT) thin films, it has been found that application of either a tensile or compressive
stress by utilising an appropriate underlying substrate can tailor the presence of either a
majority lateral or majority vertical polarisation in the film [329]—-[331]. For hysteresis loop
measurements in the vertical direction using capacitor type electrodes in
metal-insulator-metal based devices, it has been demonstrated that PZT samples with
predominant in-plane polarisation have reduced polarisation in the ferroelectric hysteresis
when compared to PZT samples having predominant out-of-plane polarisation [332], [333].
Subsequently, one manner in which the ferroelectric switching of BGTFMO could be optimised
in metal-insulator-metal based devices is through accessing the major in-plane polarisation
by orientating it towards a vertical direction. Watanabe et al. [196] investigated the impact
of orientation of individual anisotropic crystals on ferroelectric device performance utilising
Aurivillius phase thin films, SrBi2Ta209 (m = 2) and BisTizO12 (m = 3). Films were grown via
metalorganic chemical vapour deposition (MOCVD) on (100)SrTiOs, (110)SrTiOs and
(111)SrTiOs single crystal substrates to orient the deposited Aurivillius phase films along
particular crystal planes. It was observed that the out-of-plane polarisation-electric field
hysteresis loops for the Aurivillius phase films grown on the (110)SrTiO3 substrates exhibited
a larger polarisation compared to the Aurivillius phase films on the (100)SrTiOs substrates,
due to the change in orientation of the major spontaneous polarisation vector towards the

vertical direction.

The epitaxial growth of impurity free BGTFMO has not yet been well established [171].
Hence the aim of this work was to reorient the crystal grains of the B6TFMO Aurivillius phase
by using a different approach to Watanabe et al. [196]. Sapphire is proven as a suitable
substrate for the phase-pure growth of non-epitaxial BGTFMO films [162], [163], therefore in
this research, sapphire substrates that have been micro-patterned with sapphire domes are
used to encourage the reorientation of the B6TFMO films grains towards the vertical
direction. Patterned substrates with domed features have previously been found to enhance

the properties of other material systems, such as GaN based ultra violet light emitting diodes
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(LED), through the reduction of dislocations within the material [334], [335]. Moreover, the
LED lifetime and light extraction efficiency of GaN based LED devices are improved through
the use of patterned sapphire substrates when compared to devices made using un-patterned
sapphire. For example, in work by Wang et al. [336] who used patterned sapphire substrates
where the central angle of the dome was 10 °, the efficiency of the LED increased by 19 %
compared to using un-patterned sapphire substrates, without a decrease in crystalline

quality.

Increasing levels of integration of ferroelectric thin films into devices requires the
ability to conformally coat miniature features having challenging aspect ratios at sub-micron
scales and ultimately at the nanoscale. Chemical vapour deposition (CVD) offers the capability
to deposit uniform and conformal thin films of high crystallinity over three-dimensional
structures and within trenches using scalable growth processes [337]. Liquid delivery direct
liguid injection chemical vapour deposition (DLI-CVD) involves transporting vaporised
precursors over a substrate, such that a solid film forms on the substrate through a variety of
mechanisms such as thermal, decomposition, reduction and exchange reactions. This
deposition method allows for the well-controlled growth of thin films on substrates with
uniform thickness and low porosity. The technique is ideal for potential emerging
technologies where non-standard substrates e.g. curved, patterned or stretchable, may be
used, but where uniform thin films with controlled surface morphologies are still
required [197]. In this work, DLI-CVD is utilised with the objective of synthesising conformal

B6TFMO thin films that follow the surface features of patterned sapphire substrates.

In this chapter, substrates patterned with dome-type structures are investigated to
encourage inclination of the g-axis of BGTFMO towards an upright geometry in order to access

the major ferroelectric polarisation in the vertical direction.

5.2 Methods

Aurivillius phase thin films, BisTixFeyMn,01g (B6TFMO; x = 2.93 to 3.14; y = 1.38 to 1.59; z =
0.48 to 0.50), were synthesised by DLI-CVD via a horizontal flow AIXTRON AIX 200/4FE AVD
(atomic vapour deposition) system [284], [285]. Bi(thd)s, Fe(thd)s and Ti(O-iPr)2(thd), (where
thd = 2,2,6,6-tetramethyl 3,5-heptanedionate and O-iPr = isopropoxide) dissolved in toluene

were used as bismuth, iron and titanium precursor solutions, respectively and are
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commercially available from Epivalence Ltd. [284], [285]. The manganese precursor was
prepared by dissolving Mn(thd)s (99 %, STREM chemicals) in anhydrous toluene (99.8 %,
Sigma-Aldrich) under Nz in a glovebox. The thin films were grown over a series of growth runs
using a two-step process [162] on c-m sapphire (un-patterned) and patterned sapphire
substrates. Step One involved deposition at 630 °C and Step Two involved crystallisation using
a post-deposition anneal at 850 °C. The patterned substrates had one polished side where the
surface is fabricated with micro-patterned domes (height= 1.6 um, base = 2.5 um, pitch =
2.9 um), as shown in Figure 5.1. All substrates were cleaned by first sonicating in acetone for
five minutes, then rinsing with isopropyl alcohol followed by deionised water and
subsequently dried using N2 gas. Both a patterned and an un-patterned sapphire substrate
were loaded into the reaction chamber for each deposition run, such that a direct comparison
utilising the same deposition conditions could be made. The reactor chamber was set at a
pressure of 10 mbar while the temperature of the rotating susceptor-heated sample holder
was set to 630 °C (Step One). These conditions were maintained for the entirety of the
deposition process. The low vapour pressure precursors were then injected using nitrogen
pulses into the Trijet Vaporizer of the DLI-CVD system, where they entered a reactor (growth)
chamber via lines maintained at 220 °C. Precursors were mixed with reactive O; gas during
the growth run. A total gas flow of 3000 sccm (standard cubic centimetres per minute) was
maintained in the growth chamber comprised of O, run gas and N carrier gas where the O;
flow was 1000 sccm. The precursor volumes were controlled electronically by setting the
opening time for each injection between 1.3 and 15.3 ms, depending on the relevant
precursor. A continuous injection mode was employed where the injections pulsed at a
frequency of 1 Hz. A set number of injections of each precursor were selected and pulsed,
depending on the requirements of the deposition run. For this study, the number of injections
used for a deposition run was varied from 100 to 800 injections. The net precursor flow was
monitored using liquid flow meters. An excess (11 to 19 %) of Bi(thd)s was used in order to
circumvent the volatile nature of bismuth [287], [288] and to promote crystallisation of phase
pure B6TFMO samples after the post-deposition anneal step of 850 °C (1 hr in atmosphere,

Step Two).
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Figure 5.1 AFM images of surfaces of bare sapphire substrates. a) (four images on the left)
has a patterned sapphire surface made up of domes (height = 1.6 um, base = 2.5 um, pitch =
2.9 um) and b) (two images on the right) is un-patterned sapphire displaying surface steps,

where the terrace widths are ~70 + 20 nm and the step heights are ~0.6 + 0.1 nm.

Atomic Force Microscopy (AFM) and Piezoresponse Force Microscopy (PFM) were
performed using an MFP-3D™ Asylum Research instrument. AFM on this instrument was
carried out using AC mode with Olympus AC240TS probes (Al reflex coated, 15 nm tip radius,
70 kHz resonant frequency). PFM was conducted in lateral (LPFM) and vertical (VPFM) Dual
AC Resonance Tracking (DART-PFM) mode [234]. The DART-PFM mode was used to boost the
piezo signal while minimising instrumental crosstalk. Drive amplitudes of 1 to 2 Vac and 2 to
3 Vac were used for measurement of the piezoresponse in LPFM and VPFM modes
respectively. Centre drive frequencies in the range of 742 to 792 kHz were used for the LPFM
measurements and 258 to 282 kHz were used for the VPFM measurements. A frequency
width of 10 kHz was used for all the measurements. The probes used were Oxford Instruments
AC240TM-R3 electrilevers (Ti/Pt coated silicon probes, Al reflex coated, 25 nm tip radius,

70 kHz resonant frequency)).

Atomic Force Microscopy (AFM) of the bare sapphire substrates was carried out to
obtain topographical profiles of the surface steps. A commercial Bruker Dimension Icon in
PeakForce Tapping mode (with Bruker SCANASYST-AIR probes, Al reflex coated, 2 nm tip

radius, 70 kHz resonant frequency), was used.
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X-ray diffraction (XRD) measurements were performed using an X’pert Diffractometer
(Cu Ka radiation A = 0.1541876 nm) (45 kV, 40 mA). The typical 20 scan range was from 5 ° to
50 ° with a step size of 0.005 °. In this chapter, the XRD diffraction patterns were indexed

using reference data from Garcia-Guaderrama et al. [258] for the m =5 phase.

The B6TFMO lamella cross sections were prepared initially using the TESCAN Solaris.
The lift-out of the lamella and the final polishing were performed using the FEI Helios (FEl
DualBeam Helios Nanolab 600i). STEM imaging in Tyndall was carried out using an Oxford
EDX detector at 20 kV. Further STEM-HAADF imaging was acquired in Trinity College Dublin
using the FEI Titan FEG (S)TEM at 300 kV.

The magnetic measurements were performed in a Quantum Design MPMS3
magnetometer with maximum temperature range of between 2 to 350 K and applied
magnetic field range of +7 T. The sample was demagnetized at RT by an appropriate
demagnetization protocol and the magnet was reset before starting the measurement. This
removes any stray field present in the sample or the superconducting coils of the
magnetometer [338]. Temperature dependent magnetization (MT) measurements were
performed for three protocols; field cooling (FC), zero field cooling (ZFC) and remanence
(REM) to locate possible phase transitions in the sample. For ZFC MT measurements, the
sample was first demagnetized at RT, then cooled down from 350 K to 2 K with zero bias field.
A field of 100 Oe was then applied and the moment was measured as a function of
temperature while ramping from 2 K up to 350 K. Next, similar measurements were
performed immediately to acquire FC MT measurement while cooling from 350 Kto 2 K under
100 Oe bias field. Afterwards, the applied field was removed and magnetization was
measured while heating from 2 K to 350 K to get REM MT. Magnetization versus field (MH)
measurements were carried out at different temperatures to understand the effect of

temperature on the ferromagnetism of the sample.
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5.3 Results and Discussion

5.3.1 Investigations of Thin Film Conformality

Initial approaches to the growth of bismuth-based Aurivillius phase thin films investigated the
use of low-cost substrates such as silicon, quartz and sapphire. For films on silicon and quartz
substrates, it was found that a reaction occurred during the anneal step between bismuth
and silicon at the film-substrate interface, resulting in an amorphous Bi>03-SiO; impurity
phase [339]. On the other hand, sapphire substrates were found to be chemically stable with
respect to growth of the bismuth-based Aurivillius phases at the high temperatures required
for Aurivillius phase crystallisation. In this work, both un-patterned and patterned sapphire
substrates were used as they were cost effective and readily available commercially. The thin
films that were initially deposited at 630 °C onto the patterned sapphire substrates by DLI-
CVD were conformal to the substrate topography and were amorphous, as shown in Figure
5.2. To obtain the crystalline m =5 B6TFMO phase, a post-deposition anneal step at 850 °C
was carried out. The 850 °C post-deposition anneal is required to crystallise BETFMO due to
the limitations of the DLI-CVD kit, where the maximum temperature it can operate safely at
is 710 °C. Therefore, a two-step process is required to form crystalline B6TFMO. First a
deposition step at 630 °C, where an amorphous film is deposited, followed by a subsequent
anneal step at 850 °C to crystallise the material. Since sapphire (hexagonal lattice parameter
of a = 4.758 A (+22.31 % mismatch)) does not allow for epitaxial matching with BEGTFMO
(pseudo cubic lattice parameter of a, = 3.89 A), polycrystalline grains of BETFMO crystallised
in their natural layer-by-layer fashion. While the underlying substrate steers the orientation
of film growth, there is a tendency for the polycrystalline Aurivillius phase grains to crystallise
independently from both the underlying un-patterned and patterned sapphire substrates,

discussed in more detail below.
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Figure 5.2 AFM image of an amorphous B6TFMO thin film on patterned sapphire deposited

via DLI-CVD with 100 injections at a process temperature of 630 °C.

In Figure 5.3 (a) and (c), as expected, similar film characteristics for BEGTFMO grown on
un-patterned sapphire substrates are observed, when compared to those observed for the
800-injection deposited B6TFMO films in Chapter 4. In this study, the films had an average
thickness of 88 + 16 nm, as determined from measurements of nineteen STEM image data
points over a ~9 um long lamella section. An average RMS roughness value of 20.9 + 2.9 nm
was measured from five 5 um x 5 um AFM scans of the film surface. A typical area is shown
in Appendix Il Figure 1l.1 (e). The B6TFMO films deposited on un-patterned sapphire also
show the same surface features contributing to the thin film surface roughness previously
discussed in Section 4.3, such as the Aurivillius phase micro-crystallites. An example of these
features can be seen in Figure 5.3 (a) and (c). In this case, the Aurivillius phase micro-
crystallites are approximately 30 nm thick, lying on top of a ~75 nm section of the Aurivillius
phase B6TFMO film. From an approximately 9 um long lamella section taken from the
B6TFMO grown on un-patterned sapphire, seven micro-crystallites were present ranging in
height from between 20 to 50 nm. No clear micro-crystallites can be observed on the BGTFMO
films deposited on the patterned sapphire. The B6TFMO film deposited on the patterned
substrate is less uniform than those on the un-patterned sapphire. The plate-like B6TFMO
grains can be observed in certain locations overlapping each other in Figure 5.3 (b) and do
not strictly follow the orientation of the patterned sapphire substrate underneath. In other

areas, such as at the top of Dome 3 in Figure 5.5, the substrate is not fully covered by the
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B6TFMO film; the film thickness over the substrate varies from areas with no B6TFMO film
present, to areas with a thickness of over 100 nm. Analysis of the 800-injection lamella section
shown in Appendix Il Figure 1ll.2, reveals that ~11 % of the substrate had no B6TFMO
coverage, while for the thinner 700-injection lamella shown in Figure 5.4, the extent of
regions without B6TFMO coverage increases to ~16 %. Conversely, for the region shown in
Figure 5.3 (d), the entire sapphire dome surface is covered with a BGTFMO film. Here, the
B6TFMO sample deposited via DLI-CVD with 800 injections has a film thickness along the side
of the dome between ~70 to 85 nm thick. The B6TFMO film is measured to be much thinner
at the flat region in between the domes, having a thickness of ~¥40 nm. From a 9 um long
lamella of the 800 injection deposited B6TFMO, where there are three domes (Figure 5.4),
the average thickness of the film was 58 + 31 nm. This indicates that the films on patterned
substrates are overall thinner compared to films on un-patterned sapphire. This difference in
the thickness between the films on patterned vs un-patterned sapphire could be related to
the presence of surface steps on the un-patterned substrates shown in Figure 5.1 (b), which
would aid the nucleation and subsequent crystallisation of BETFMO. In similar AFM images of

the patterned substrates, steps on the sapphire surface are not visible, Figure 5.1 (a).
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Figure 5.3 SEM images of 800 injection BGTFMO on a) un-patterned, b) patterned sapphire.
Cross-section STEM image of B6TFMO on c) un-patterned and d) patterned sapphire.

By inspecting the cross-section STEM image of the domes on the patterned sapphire
shown in Figure 5.4, it can be observed that the domes are hemispherical and that the incline
on which the B6TFMO crystallises is not linear over the patterned surface. In-between the
domes and at the very top (summit) of the dome, the film can crystallise parallel to the overall
substrate at 0 ° (e.g. Dome 1 in Figure 5.5). Moving from the base of the dome towards the
dome summit, the slope of the incline decreases. For example, as shown in
Appendix lll Figure Ill.3, the slope near the base of the dome was calculated to be
approximately 1.9, while near the top of the dome the slope was calculated to be 0.4. From
examination of the cross-section STEM image of the sample in Appendix Ill Figure Ill.3, a
comparison of the B6TFMO crystals that grow in between the sapphire domes to those that
grow on top of the sapphire domes, reveals that there is up to a 60 ° difference in the angle

at which the crystals orientate.
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Figure 5.4 STEM images of a FIB lamella of a B6TFMO film deposited with 700 injections

on patterned sapphire domes.

Segments of a cross section of a 700-injection B6TFMO film on sapphire are viewed
via HAADF-STEM imaging in Figure 5.5, where the full lamella is shown in Figure 5.4. Within
Figure 5.5, it can be observed that, similarly to the 800-injection B6TFMO film in Figure 5.3,
the material does not uniformly coat the substrate surface. In Figure 5.5, it is evident that due
to the nature of the layer-by-layer crystallisation process, the Aurivillius phase poly-crystals
find difficulty in fully conforming with the curvature of the domes and the more complex
geometries at the top of the domes. As shown for the areas marked with dashed yellow circles
in Figure 5.4 and Figure 5.5 on Dome 1 and Dome 3, there are gaps in the film where no

B6TFMO is present.

While the initial DLI-CVD deposition at 630 °C (Step One) allows for a thin film to
conformally coat the patterned sapphire substrate (demonstrated by the AFM image in Figure
5.2), this conformal coat is disrupted during the post-deposition anneal step (Step Two). The
post-deposition anneal step at 850 °C is required to provide energy to the system to
crystallise. However, this annealing step also gives energy that allows for the reformation of

the thin film and changes the coverage of the film over the sapphire substrate as the
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polycrystalline grains are formed. The layered structure of the Aurivillius phases determines
the nature of the crystallisation mechanism for the material. The layered structure promotes
preferential crystallisation of grains in directions perpendicular to the stacking axis of the
layers, resulting in crystals with plate-like characteristics. When annealed at temperatures
above 800 °C on non-epitaxial substrates, the m =5 Aurivillius phase tends to have unevenly
distributed plate-like grains, with relatively large lateral dimensions and minor dimension
parallel to the c-axis [275], [287], [340]. This type of crystallisation can be advantageous for
yielding anisotropic, preferentially c-axis grain-orientated Aurivillius phase films. However, in
the absence of an epitaxial template on a complex and curved surface, such as the domes
patterned on the sapphire substrate, the crystallisation process yields independent poly-
crystallites with a thin elongated rectangle plate-like morphology that crystallise at different
a/b orientations and can result in gaps appearing within the film. In Dome 1 and 2 (Figure
5.5), some Aurivillius grains on the patterned sapphire substrate continue to elongate
independently without any substrate underneath, rather than bending with the curve of the
sapphire domes. At the top of Dome 1 (shown in Figure 5.5 and marked with a dashed green
box), the crystal grain extends approximately 300 nm beyond the top of the patterned
sapphire substrate. This grain is fixed only at one end, with the remainder of the grain to the
right unsupported by the substrate underneath. The patterned sapphire substrate
underneath is bare, with no B6TFMO film evident. While for the example shown in the dashed
red circle for Dome 2 in Figure 5.5, the patterned substrate is covered by more than one
Aurivillius phase grain. The tendency for the Aurivillius phase to crystallise as independent
plate-like grains allows for sections of the Aurivillius phase film to crystallise independently of
the substrate during the grain-growth step of crystallisation. Once the Aurivillius phase grain
nucleates and starts growing at a particular angle, the drive to continue to crystallise in a
plate-like manner is strong and the ceramic can maintain the grain growth direction without
an underlying substrate. This horizontal lamellar-type crystallisation of the grain is preferred
by the system over a situation where the grain would curve over the curved surface at the

top of the patterned dome.

While several of the crystal grains making up the film do not follow the underlying
substrate as discussed above, it can be seen for most regions of the domes (with the exception

of the summit) that the Aurivillius phase follows the substrate. For example, to the right of
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Dome 3 shown in Figure 5.4 and Figure 5.5 , it can be observed that the film follows the
orientation of the patterned sapphire substrate. Within the orange inset in Dome 3, the
crystal domain boundaries appear similar to those observed in films on un-patterned
sapphire, for example to that observed in Chapter 4, Figure 4.7 and Figure 4.10, where two

poly-crystalline grains meet, separated by a grain boundary.
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Figure 5.5 Representative cross-section STEM images of 700 injection B6TFMO on a patterned

sapphire substrate.
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5.3.2 Investigations of Influence of Substrate on Thin Film Orientation

In the following section, differences in thin film orientation between B6TFMO films grown on
patterned versus un-patterned sapphire substrates are compared. The Lotgering
factor (f) [341] gives a measure of the distribution of the crystallite orientation of a particular
sample. This factor can indicate if the crystallites within a material prefer any one orientation.
For the B6TFMO system, the thin film samples on sapphire typically prefer the (00/)

orientation. In this work the Lotgering factor is calculated by equation 5.1:

_ P-P,
T 1-p,

f 5.1

where

__ ZI(001)
T ZI(hkD)

_ ZI1(001),
0 ™ z1(hki),

and 5.2

P describes the experimental sample being analysed, where Zl(hk/) is the sum of the
intensities from all the peak reflections present in the XRD pattern and Z1(00/) is the sum of
the intensities of all (00/) reflections present (as shown in Figure 5.6). Pois representative of
a randomly orientated sample, where Zl(hkl)o and ZI(00/)o are the sum of all the reflections
and the (00/) reflections respectively. In this work, the values used for the randomly
orientated sample were obtained from data provided by Garcia-Guaderrama et al. [258] and
extracted using Vesta [296]. For the sample on un-patterned sapphire, f has a value of 0.932,
while for the sample on patterned sapphire, the value of f decreased to 0.828. This indicates
that the B6TFMO grown on patterned sapphire substrates have more crystallites orientated
in different (hkl) directions than compared to growth on un-patterned sapphire. From analysis
of the data used to generate a randomly orientated sample [258], the most intense (hk/)
reflections that might be expected to emerge in the XRD pattern of the BGTFMO on patterned
sapphire, outside of the (00/) reflections, would be the (111) ~22.9 °, the (1111) ~30.5 °, (020)
~33.7 °,(0212) ~39.3 ° and the (220) ~46.8 ° reflections.

From the XRD plots shown in Figure 5.6, it is evident that the m =5 phase is dominant
in both thin films. There are clear differences between the XRD patterns, with the B6TFMO
film on un-patterned sapphire (XRD plot shown in red) having more of the (00/) reflections
present, e.g. with the (004) and (006). Alongside this, all the (00I) reflections for the BGTFMO

film on the un-patterned sapphire substrate have an increased intensity in comparison to the
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XRD pattern for the B6TFMO film on patterned sapphire (XRD plot shown in black). While
intensity is in arbitrary units, the XRD data in Figure 5.6 was acquired under the same
conditions and on the same day of analysis, thus both intensities are comparable. It is shown
in Table 5.1 that the FWHM (full width at half maximum) values for the peaks shown for the
(00/) orientated reflections present in the BGTFMO film on patterned sapphire are larger than
that for the film on the un-patterned sapphire substrate. There are a number of factors that
can contribute to the broadening of the peaks measured for the film on patterned sapphire,
one being the thickness non-uniformity of the film (e.g. in some areas there is no film
coverage while on other areas the film is over 100 nm thick). Inclusion of intergrowths of
Aurivillius phases having different m numbers, as observed by STEM imaging within the film
on patterned sapphire (shown later in Figure 5.7), could further contribute to the larger

FWHM values obtained for the XRD peaks compared to the film on un-patterned sapphire.
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Figure 5.6 X-ray diffraction patterns of 800 injection B6GTFMO films deposited on a patterned

sapphire substrate (plot in black) and an un-patterned sapphire substrate (plot in red).

The peak shoulders observed at 20 angles of ~17.1 °, to the left of the (0010) peak and
at~26.1°, to the right of the (0014) peaks within the XRD pattern of BGTFMO on un-patterned
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sapphire (XRD plot in red in Figure 5.6) indicate the presence of m =4 intergrowth phases.
This is deduced from reference data from Hervoches et al. [150] for the BisTizFeO1s system,
which demonstrates that the (008) reflection for m =4 appears at a 20 angle of ~17.1 °,
whereas the (0012) reflection is expected at ~25.9 °. While some of the lower intensity lower
angle reflections (e.g. (004) and (006)) are not evident in the XRD patterns for BGTFMO on
patterned sapphire, two broad peaks are present which are additional to the (00/) peaks
observed for B6TFMO on un-patterned sapphire. The first additional peak has a 26 peak
centre at ~30.4 ° (the peak position ranges from 26 angles of 28.8 ° to 32.1 °) which could
potentially be due to a (1111) reflection of the m =5 B6TFMO Aurivillius phase. A second
broadened peak is observed between ~38.5 and 40 °. This peak could originate from both the
(0022) and (0212) reflection of the m =5 Aurivillius phase. The presence of secondary phase
inclusions is also considered within these XRD patterns. A possible impurity phase present in
the B6TFMO film on patterned sapphire is pyrochlore, Bi»Ti,O7. The large broad peak at ~30 °
present in the black pattern in Figure 5.6 corresponds to the intense (444) reflection at 29.6 °
of the pyrochlore phase (JCPDS 32-0118) and further reflections such as the (222) at 14.6 °
could be present, hidden by the (008) reflection of the m =5 B6TFMO phase. However, from
STEM imaging of B6TFMO films on patterned sapphire, no clear evidence for the pyrochlore
phase can be observed. STEM analysis shown in the green inset in Figure 5.5 (Dome 2), reveals
‘anatase’-type defects (discussed further in Section 5.3.3) within the B6TFMO films on
patterned sapphire. Examining the literature data of the m = 3 to 6 ‘anatase’-type structures
as collected from X-ray and neutron diffraction by Batuk et al. [175], [176], the most intense
(00/) reflections overlap with Aurivillius phase reflections, possibly contributing to their
broadening. When searching for possible contributions to the signal at the 30 ° peak position,
potentially very intense reflections from the ‘anatase-type’ phase (Bism+1Ti7F€3m-309m+11), Such
as the (017) m = 3 reflection at ~29.9 °, the (0110) m = 4 reflection at ~31.6 °, the (0111) m =5
reflection at ~30.5 ° and the (0113) m = 6 refection at ~30.7 ° could be responsible. There is
no clear evidence for any magnetic impurities in the films using XRD analysis, however it
should be noted that the noise level in any XRD scan places a limit on detectability, meaning

that the method is intrinsically unable to detect impurity levels below 1 to 3 vol. %.
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Reflection un-patterned patterned
(004) 6.918 + 0.008 -
(006) 2.163 +0.073 -
(008) 1.182 + 0.006 9.594 + 1.898

(0010) 0.978 £+ 0.019 1.694 £ 0.030
(0012) 0.700 £ 0.004 1.299 £+ 0.014
(0014) * 2.147 £ 0.068
(0016) 0.896 + 0.021 -
(0018) 1.842 £ 0.051 -
(00 20) 1.109 + 0.007 1.955 £ 0.033
(0022) 0.787 £ 0.007 *
(0024) 1.009 + 0.008 1.505 £ 0.012
(0026) 0.830 + 0.005 1.638 £ 0.039

Table 5.1 FWHM values acquired from XRD patterns shown in Figure 5.6. The FWHM was not
calculated for reflections marked with an * due to the peaks exhibiting additional shoulders,

thus potentially yielding inaccurate FWHM values.

5.3.3 Investigations of Boundary Defects, Stacking Fault Defects and Intergrowth Phases

The curved nature of the sapphire dome surfaces, together with the preference for the
Aurivillius phase grains to grow in a plate-like manner, leads to the poly-crystalline BGTFMO
grains crystallising at a variety of orientations over the substrate. The poly-crystalline grains
at these curved regions, both along the incline of the dome and when meeting at the summit
of the dome, can result in many grain boundaries meeting within the films. On the left-hand
side of Dome 1 (yellow inset within Figure 5.5), there is a point at which multiple poly-
crystalline grains meet. On the domes where different orientated grains meet, low-angle
domain boundaries are present. These low angle domain boundaries are potentially regions

where increased migration of volatile Bi** out of the film has occurred during the high
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temperature anneal step. Within the green and blue insets of Dome 2, there are different
defects associated with a local decency in Bi3*. One type, called ‘anatase’-type planar defects
[175], [176] are shown in Figure 5.5 and another type, called of out-of-phase boundary (OPB)
defects [166] are shown in Figure 5.5 and Figure 5.7. These types of defects have been
previously described in Sections 1.6.3 and 4.3.4 and are common near low-angle grain
boundaries of layered structured materials. In the blue inset, along the grain boundary, the
‘anatase’- type planar defect has replaced small segments of the [Bi,0]%* interlayer.
However, for the region highlighted by the green inset, nearly the entire crystal grain appears
to be made up of perovskite unit cells interleaved between bismuth poor ‘anatase’- type

interfaces, instead of the fluorite—type [Bi,0,]** interlayer.

Examples of OPB defects can be observed in Figure 5.7 (b). The yellow arrows mark
the positions where OPB defects have propagated next to a low angle domain boundary
(shown within the orange dashed box). OPB defects most commonly occur at the [Bi,0,]**
layer in the Aurivillius phases, sometimes associated with stacking-faults within the
perovskite layers. Within the region inside the dashed navy box in Figure 5.7, projected down
a (110) orientation, an example of a very brief stacking fault defect (two to three perovskite
unit cells in width)can be seen, where the crystal phase changes from an m =4 structure to
an m =3 structure, back to the m =4 phase. The stacking fault here arises at the meeting
between two of the perovskite layers. There is bending down of the [Bi,02]** layer above the
fault and two perovskite layers (from an m = 4 section) meeting one another and merging into
a single perovskite layer (changing to an m = 3 section), then an OPB defect brings this section

of the material back to the m = 4 phase.

STEM and TEM imaging indicates that the type of Aurivillius phase varies considerably
throughout the B6TFMO film on patterned sapphire. In some regions, such as orange box
from of Dome 3 in Figure 5.5, the Aurivillius phase is made up of mainly m =5 perovskite
layers with occasional m = 4 or 6 intergrowths. However, in other regions such as the BGTFMO
region shown in Figure 5.7 (b), large deviations from the m =5 phase are present. Where the
material seems to be mainly be comprised of the m =3 or m =4 phase, withm=2and m=5
intergrowths also present. It is well established that the Aurivillius phases are inclined towards
nanoscale structural disorder due to their complex layered nature and small thermodynamic

driving force for formation of any individual phase [146]. Some reports have utilised this in

175



order to deliberately form mixed Aurivillius phase superlattices [145], [342]. For example, the
composition BigTisFeO,7, where the overall phase is m = 3.5 due to the structure being made
up of alternating m =3 and m = 4 perovskite blocks. However in general, these intergrowths
are often not well controlled and veer towards structural disorder rather than ordered
systems [343]—[345]. Often this disorder can be instigated and tuned via parameters such
as stoichiometric ratio control and appropriate selection of the A or B-site cation [165], [344],
[346] or the substrate [166] selected for deposition. While the films of B6TFMO are not
epitaxially matched to the underlying sapphire substrates, the continuously changing angle at
which the B6TFMO crystallites orientate over the patterned substrate leads to an increase in
grain boundaries where more than two grains meet, as shown in Figure 5.5 e.g. within the
yellow inset in Dome 1. It is possible that extra disorder is created in the film on patterned
substrates from these grain boundaries, resulting in regions with more structural defects and

intergrowths.
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Figure 5.7 Representative cross-section STEM images of 500 injection B6TFMO thin film on

patterned sapphire substrate projected down (100) (a) and down (110) (b).

177



5.3.4 Investigations of Nano-scale Ferroelectric Behaviour

In this section the use of DART-PFM to investigate how the patterned sapphire substrate
influences the orientation of the B6TFMO grains and the characteristics of ferroelectric
domains within BGTFMO [234], is described. It should be noted that for BETFMO on sapphire
the films are preferentially c-axis orientated due to natural layering, there is no preferred in-
plane orientation, as the films are not epitaxially matched to the sapphire substrate. The
objective of this work was to investigate whether deposition of B6TFMO films along an
inclined surface could enable major polarisation, (which is typically within the plane, parallel
to a flat substrate surface), to be orientated towards the vertical direction. The studies
demonstrate that the samples are all naturally self-polarised, with both films having a clear

lateral piezoresponse (LPFM) and a vertical piezoresponse (VPFM).
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Figure 5.8 Representative LPFM and VPFM images of 800 injection B6TFMO thin films on

patterned and un-patterned sapphire substrates probed at 2 Vac.
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As intended by employing patterned sapphire, BETFMO grains are inclined towards an
upright geometry on the domes, therefore apart from regions between the domes, the grains
do not lie parallel to the substrate. On the patterned sapphire however, many of the poly-
crystals do not fully conform with the dome architecture. Some grains are orientated up to
~60 ° away from the substrate as shown near the base of the dome in Appendix Ill Figure
l11.3, while other crystallites, for example close to the top of the dome, are orientated ~25 °
away from the substrate. In work on even-layered m = 4 BisTizFeo.5C00.5015 flakes [328], tilting
of the flakes resulted in a polarisation being measured in the out-of-plane direction, which
would not be expected for perfectly flat flakes. By taking the laterally measured polarisation
as 40 uC/cm? when the film is parallel to the substrate i.e. 0 °, if the crystal grain was moved
to be perpendicular to the substrate i.e. 90 °, now the vertically measured polarisation would
appear to be 40 uC/cm?. Considering this, an estimate indicates that for a crystallite tilted at
a ~25 ° angle, there could be an out-of-plane response of ~11 uC/cm? measured. While for a
crystallite tilted at ~60 °, an out-of-plane response of up to ~27 uC/cm? could be expected.
However, while the patterned sapphire substrate is successful for enabling the majority
deposition of Aurivillius phase B6TFMO poly-crystallites at angles of up to 60 ° tilted vertically
away from the sapphire substrate plane, the VPFM response nevertheless still appears
weaker than the LPFM response in all cases investigated. Representative LPFM and VPFM
measurements shown in Figure 5.8, taken at a 2 Vac probing voltage and at the same location
on the film, demonstrate that the lateral response still appears as the dominant response in
the film. Due to large differences in the topography of the unpatterned and patterned
B6TFMO films, as caused by the substrate surface (shown in Figure 5.1) and given the
difference in the thickness of the films, (58 £ 31 nm and 88 + 16 nm for BGTFMO on patterned
and un-patterned sapphire respectively), it would not be fair to compare relative
piezoresponse values between B6TFMO films on the un-patterned and patterned sapphire
substrates. Another factor to take into consideration is the difficulty the PFM probe
experienced in accessing deeper recesses in the sample and the sides of the domes when
tracking over the B6TFMO surface on patterned sapphire. This could also contribute to the
lower piezoresponses observed for the film on the patterned substrate. This PFM tracking

issue is discussed in more detail below.
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As demonstrated via the SEM and cross-section STEM imaging of the B6TFMO films
on patterned sapphire (Figure 5.3), the B6TFMO film does not perfectly conform to the
surface of the substrate. The angle at which the BGTFMO crystallises can vary unpredictably
over the sapphire substrate. In Figure 5.9, the ferroelectric grains of the BGTFMO films at
different regions of the sapphire domes are examined in more detail. In the red inset Figure
5.9 (f), an area between two domes is imaged. At the centre of the image (darker region), the
substrate is horizontal (flat). At either side (brighter regions), the thin film grows up along the
sides of the domes. In the LPFM amplitude and phase scans for the red inset, Figure
5.9 (g) and (h), the ferroelectric grains appear to be going up along the incline of the dome in
columnar shaped grains. Comparing the area within the red inset (Figure 5.9 (f)) to the area
within the green inset shown in Figure 5.9 (k), (which scans the top (summit) of the dome)
fewer distinct domains within the corresponding PFM images shown in Figure 5.9 (I) and (m)
are obseved. The domains at the summit of the dome are overall larger than those in the red
inset and the elongated character of the ferroelectric domains is not present for domains
within the green inset. For both regions, VPFM imaging using a probing voltage of 3 Vac shows
a relatively weak piezoresponse, further indicating that the patterned sapphire does not
improve the measured vertical PFM response. Consequently, while the domes on the
patterned sapphire substrate have an impact on the direction of B6TFMO film deposition,
with grains tending to follow the incline of the domes, the results demonstrate that the

overall dominant piezoresponse for BGTFMO lies within the lateral plane.
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Figure 5.9 LPFM and VPFM images of 800 injection B6GTFMO thin films on patterned
sapphire substrates. Here the LPFM images were probed at 1 Vac while the VPFM
images were probed at 3 Vac. Red Inset: Demonstrates the LPFM and VPFM response
at a region in between two of the sapphire domes. Green Inset: Demonstrates the

LPFM and VPFM response at a region at the summit/centre of a dome.
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Due to the high resolution of scanning probe techniques in the z direction (typically
capable of measuring height differences of less than 0.1 nm) [347] they are very useful at
detecting nanoscale topography height variations. However, given that the dimensions of the
domes have a height equal to 1.6 um and a base width equal to 2.5 um, it is more difficult for
the PFM probe to track the surface of the films on the patterned sapphire compared with the
flatter surface of the films on the un-patterned substrates. Precautions were taken to try and
improve the image quality, such as slowing the scan speed. However, evidence of how the
probe struggled to maintain proper sample tracking when imaging down the sloped sides of
the dome and between the domes can be observed in the VPFM amplitude and phase images
in Figure 5.8, and can been seen more closely in Appendix Ill Figure Ill.4. The difficulty
experienced by the PFM probe while tracking and measuring the B6TFMO features on the
patterned sapphire domes could be a contributing factor to the overall lower piezoresponse

measured using both LPFM and VPFM for the B6TFMO on patterned sapphire.

5.3.5 Investigations of Ferromagnetic Behaviour

Previous studies demonstrate that partitioning of the magnetic cations towards the central
perovskite layers in B6TFMO is key to driving long-range ferromagnetic order in B6TFMO
[164]. The ferromagnetic properties can potentially arise from superexchange and double-
exchange interactions through Fe3* (hs) -O-Mn** or Mn3* (hs) —-O-Mn** respectively (where
hs stands for high-spin). BGTFMO films on patterned and un-patterned sapphire substrates
were investigated within this contribution to assess how the orientation of the BGTFMO poly-

crystalline grains influences the measured magnetic properties.

Magnetic hysteresis loops (MH curves) were obtained for the 800 injection BETFMO
films on un-patterned sapphire and patterned sapphire by performing magnetisation versus
magnetic field measurements at temperatures between 2 K and 300 K, as shown in Figure
5.10 (a) and (b). Both films depict clear ferromagnetic hysteresis through the MH curves over
the entire temperature series (2 K to 300 K), indicative of clear ferromagnetic behaviour,
which perseveres for both types of B6TFMO film at RT. MH curves of the two types of thin

film before normalising for the volume of the B6TFMO present are shown in
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Appendix Il Figure 1II.5. The BGTFMO sample on the patterned sapphire substrate appears
to have an increased ferromagnetic signal before normalising for BGTFMO sample volume.
The increased magnetisation can be attributed to the patterned sapphire substrate having a
greater surface area for the thin film to grow on in comparison to the un-patterned sapphire
substrate and thus has a larger volume of B6TFMO film on its surface. 10 mm x 10 mm
substrate pieces were used for the magnetic measurements yielding a surface area of 100
mm? for the un-patterned substrate. However, for the patterned sapphire substrate, the
surface area is calculated to be 252 mm?. Average thicknesses were calculated from ~9 um
long cross-section STEM images of both types of films, taking into consideration that the film
on the patterned sapphire is not completely conformal and the film on un-patterned sapphire
has additional B6TFMO micro-crystallites across its surface (these micro-crystallites were not
evident in the B6TFMO films on patterned sapphire). For the B6TFMO film on patterned
sapphire, an average thickness of 58 + 31 nm was calculated using 26 points along 3 domes,
while an average thickness of 88 + 16 nm was calculated for the BETFMO on un-patterned
sapphire using 19 points. Thickness in conjunction with the width and length of the sample
piece was used to calculate film volume. This corrected value was used to allow for an
accurate comparison of the magnetic properties of the B6TFMO films in emu/cm3, shown in

Figure 5.10.

As is characteristic of the expected ferromagnetic behaviour from B6TFMO, the
remanent magnetisation (Mg) values of the B6TFMO films on un-patterned sapphire and
patterned sapphire substrates decrease as the temperature increases in both cases. As seen
in Appendix 11l Table Ill.1 at 2 K the Mg values were 1.63 emu/cm3 and 1.87 emu/cm? for the
thin films un-patterned and patterned sapphire respectively. At 300 K, these values decreased
to 0.40 emu/cm? and 0.43 emu/cm?3 for the films on un-patterned and patterned sapphire
respectively. These values are quite similar, but a potential factor that could contribute to the
slight difference in the measurements could be the directionality of the magnetic response of
the material and the inclined geometry of the B6TFMO films on un-patterned sapphire. It is

not yet known if the magnetisation measured in B6GTFMO systems is anisotropic or isotropic.
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Considering that the Mgrand Hc values of magnetic materials are extrinsic properties,
they can be readily influenced by many factors, for examples, the surface roughness, grain
size and orientation. Thus, one must be careful when comparing Mg measurement values
from films with similar compositions but different methods of deposition. Often the
saturation magnetisation (Ms) value of a material can offer a more reliable value for
comparison. The Ms values from the unsaturated MH loops for both B6TFMO films on un-
patterned sapphire and patterned substrates at 100, 200 and 300 K could not be accurately
calculated for comparison due to the relatively high diamagnetic contribution from the
underlying substrate and the sample holder used for SQUID measurements. Accurate
subtraction of the diamagnetic contribution from the ferromagnetic contribution can be
challenging for relatively low moment samples, such as the B6ETFMO samples in this work. A
slight inaccuracy in subtraction of the diamagnetic contribution, necessary to observe the
ferromagnetic characteristics of the B6TFMO film, could lead to unsaturated loop
characteristics at high magnetic fields and can result in the value of Ms changing significantly.
However, the M; values for the two films from the saturated loops at 2 K can be accurately
extracted and compared where they were measured to be 28.0 emu/cm? and 32.0 emu/cm?
on un-patterned and patterned sapphire respectively. Previous studies [162], [163] on
BieTi2.sFe1.5:Mnoes01s deposited by CSD had a 2 K Ms value equal to 18 emu/cm?3. The CVD-
grown B6TFMO samples in this study on patterned and un-patterned sapphire both have
higher M; values at this temperature. Then again, a previous BisTiz.99Fe1.46Mng.s501s thin film
deposited via a similar DLI-CVD process by Faraz et al. [163] showed significantly enhanced
magnetic properties, with a RT magnetisation value of Ms equal to 215 emu/cm?3. Note that
while the Ms values in this contribution are measured at 2 K, compared to Faraz et al.'s [163]
RT measurements, typically Ms does not increase with temperature (it usually decreases with
increased temperature). Therefore, it can be considered that the films in this work have lower
magnetisation. The high Ms values reported from Faraz et al. [163] were considered to be a
result of the structural homogeneity of the thin films deposited via DLI-CVD. For those
previous samples, XRD and TEM data demonstrate the thin film is mainly comprised of the

m =5 Aurivillius structure.

The inclusion of m < 5 Aurivillius phases in the thin films within this contribution could

play a role in the origin of lower Ms values within this work. Another factor to consider is the
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concentration of Mn in the thin film, which is discussed below. From previous high-resolution
atomic scale characterisation of B6TFMO films, it has been established that the presence of
Mn is crucial for the ferromagnetic properties observed in the material [164].
Keeney et al. [164] have demonstrated that Mn cations have a preference to position towards
the centre of the perovskite layers, where there is a 17 to 20 % increase in the B-site
proportion of Mn cations going from the outer perovskite layers to the centre perovskite
layers. Nearest-neighbour (NN) and next-nearest-neighbour (NNN) coupling interactions
between magnetic cations above the percolation threshold is necessary for a material to
demonstrate long-range magnetic order. When NN and NNN interactions are permitted
between particular magnetic cations, Density Functional Theory (DFT) studies show that the
NN interaction provides a much larger magnetic contribution vs. a contribution from NNN
interactions [159]. The B-site magnetic cation concentration (Fe and Mn) for all the films
discussed is between 40 to 45 %, which is higher than the predicted percolation threshold of
31 % that permits NN coupling interactions [348], [349]. However, even at the percolation
threshold sometimes there are not enough NN superexchange reactions to allow
ferromagnetism to be present at RT in the material. The preference for Mn and to a lesser
extent the Fe cations (3 to 5 %) to partition to the centre perovskite layers means that there
is increased potential for NN coupling between the magnetic cations. Calculations by
Birenbaum et al. [350] have also indicated that the magnetic Curie temperature increases
when the concentration of magnetic ions increases, thus increased magnetic cation
concentration within the central layer above the percolation threshold would lead to an
increase in the magnetic ordering temperature [351]. Therefore, the increased percentage of
magnetic cations at the centre of the perovskite layers can lead to an increased RT
ferromagnetic response in BGTFMO. The composition of the B6TFMO films in the previous
studies [162], [163] was calculated via elemental analysis using STEM-EDX over a number of
different grains in the films, where the percentage of Mn at the B-site is calculated to be
13.6 % for the CSD sample and 11 % for the DLI-CVD sample. In this work, the predicted
concentration of Mn at the B-site from the DLI-CVD 800 injection deposition is 9.6 %. The
percentage of Mn predicted to be at the B-site for this work is lower than previous reports
and considering the large impact that the Mn cations have on the RT magnetic properties of
B6TFMO, this lower Mn B-site contribution could be a contributing factor to the lower Ms

values reported in this work compared to some previous BGTFMO samples. Moreover,
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previous experimental work [352] on m =4, BisTiz.sFe1.1Mo.1015 and BisT29Fe1.1015 epitaxial
films has demonstrated that a decrease in the concentration of magnetic cations can lead to

magnetisation only existing below RT.

The magnetisation versus temperature measurements shown in Figure 5.10 (a-b),
further confirm the clear ferromagnetic behaviour of the B6TFMO films grown on both un-
patterned sapphire and patterned sapphire substrates. ZFC-FC measurements were carried
out, where a relatively low field of 100 Oe was applied for the measurements. The ZFC-FC
curves separate below 280 K and 310 K for BGTFMO on un-patterned and pattered sapphire
respectively, indicating the point at which the ferromagnetic to paramagnetic phase
transition occurs [162]. The ZFC-FC curve splitting is 30 K higher for the BGTFMO films on
patterned sapphire compared to films on un-patterned sapphire, since the magnetic moment
is higher for the B6TFMO films on patterned sapphire (Appendix lll Figure 1Il.5). Therefore,
the ferromagnetic phase can persist and be measured at higher temperatures. The clear
splitting of the ZFC-FC curves confirms that both types of film are ferromagnetic at RT. The
positive remanence value measured for the films is shown in Appendix Ill Table 1ll.1, which
decreases with increasing temperature. These results further confirm the ferromagnetic

character of the BGTFMO thin films.

5.4 Conclusions

The initial DLI-CVD procedure at 630 °C enabled the conformal deposition of amorphous films
onto the domed structures of the patterned sapphire. However, the preference for the
Aurivillius phase to crystallise in a plate-like manner hindered the fully conformal formation
of an Aurivillius phase thin film over the patterned sapphire substrate after the 850 °C post-
deposition anneal step required for the formation of the crystalline m =5 phase. The dome-
shaped features on the patterned sapphire substrates have an overall impact on the B6ETFMO
film orientation, with most of the grains tending to follow the incline of the domes. The
Lotgering factor, used to describe the texture of materials, decreases from 0.993 for the
B6TFMO film on un-patterned sapphire to 0.828 on patterned sapphire. XRD analysis of the

samples revealed that non-(00/) reflections were present in the film on patterned sapphire,
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which could be attributed to reflections of inclined a-b polycrystals such as the m =5 (1111)
reflection. STEM imaging of the B6TFMO films showed that regions comprised of structural
defects and intergrowths of Aurivillius phases having lower number of perovskite layers were
abundant in the films on patterned sapphire. These intergrowth regions and ‘anatase’-type
defects could also contribute to the broader peaks and additional XRD reflections shown for

the B6TFMO film on the patterned sapphire substrate.

Given the geometry of the PFM cantilever, it was found difficult to gain access to the
inclined grains and to fully probe the piezoresponse of the B6TFMO films on patterned
sapphire. From the PFM studies using DART LPFM and VPFM, the out-of-plane piezoresponse
still appears weaker than the in-plane piezoresponse. Consistent with the samples grown on
un-patterned sapphire substrates, the BGTFMO films on patterned sapphire substrates were
shown to demonstrate RT ferromagnetic / ferroelectric multiferroic behaviour. The
magnetisation values for both films were very similar with the values for BETFMO on
patterned sapphire being slighter higher compared to B6TFMO on un-patterned sapphire.
This research further supports the findings that BETFMO has RT ferromagnetic properties and
that even when changing the topography of the underlying substrate, BGTFMO still maintains

its RT multiferroic properties.
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6 Optimisation of Sub-50 nm Epitaxial B6GTFMO Thin Films Grown
by DLI-CVD

In this chapter, all research is the work of the author, with the exception of the following
contributions from collaborators: M. Schmidt (Tyndall-UCC) prepared cross-section lamella of
the samples and carried out the scanning transmission electron microscopy. D. Dutta (Tyndall-

UCC) acquired the atomic force microscopy images using the Bruker Dimension Icon tool.

6.1 Introduction

Future memory storage devices utilising room temperature, non-volatile
magnetoelectric multiferroic materials have been road-mapped [353] as promising
architectures for memory scaling beyond current technologies. Aurivillius phase
BisTixFeyMn,018 (B6TFMO), with a general formula (Bi202)(Am-1BmO3m+1) circumnavigates
fundamental contra-indications for multiferroic conditions by combining the chemistries
required for ferroelectricity ( A-site (Bi**) and B-site (Ti**)) and ferromagnetism (B-site Fe3*,
Mn3*/4*) [163], as shown in Chapter 5 of this thesis. BETFMO films that are 100 nm thick have
shown promising room temperature ferroelectric and ferromagnetic properties with
saturation magnetization (Ms) values of up to 215 emu/cm?® and in-plane saturation
polarization (Ps) values of > 26 uC/cm? [163]. These impurity free, room temperature
multiferroic BETFMO films have been successfully grown using direct liquid injection chemical
vapour deposition (DLI-CVD) on non-epitaxial, sapphire substrates [162], [163] however due
to the non-epitaxial nature of the films there is a lack of control over the film orientation.
Furthermore, the two-step (deposition and post-anneal) process for film growth on sapphire

does not allow for the synthesis of continuous B6TFMO films that are less than 80 nm.

To grow thinner, conformal and continuous films of BETFMO required for integration
into commercial memory devices, epitaxial substrates must be employed. Epitaxial substrates
often help extend the range of crystal growth conditions through what is known as epitaxial
stabilisation [354], where the physical constraints imposed by epitaxy alters the

thermodynamic and kinetic energies needed for crystal nucleation and growth [166]. The
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introduction of epitaxial strain into a material system can also aid in tuning different
functional properties of a material. For example, ferromagnetism has been reported for
BioTisFes0y7 (m = 8) thin films grown on epitaxial SrTiOs3 substrates [200], where it is believed
that the compressive strain (0.3 %) and modification of the lattice symmetry imparted by the
substrate influences Dzyaloshinskii-Moriya (DM) exchange interactions, leading to a large
enhancement of the ferromagnetic order within the system. It has also been predicted by
Birenbaum et al. [348] that epitaxial strain tuning of Aurivillius phase thin films can tailor
ferroelectric polarisation and aid in controlling the magnetic cation distributions through the
perovskite layers of the structure. A further example of this can be found in earlier work on
sub-10 nm films of BETFMO, where the piezoresponse was found to increase with an increase

in tensile epitaxial strain [171] .

The epitaxy imposed by perovskite substrates such as SrTiOs; (100) (STO),
Lao.26Sro.76Alo.61Ta0.3703 (100) (LSAT) and NdGaOs (001) (NGO), enables the growth of
conformal sub-10 nm films of B6TFMO [171], [191]. However, epitaxial growth tends to be
confounded by the presence of impurity phases, not present in films deposited on non-
epitaxially matched sapphire substrates. Initial work by Keeney et al. [171] used both a two-
step deposition and anneal method and a single-step DLI-CVD deposition (at 700 to 710 °C),
to produce continuous (5 to 20 nm thick) B6TFMO thin films over the substrate surface. Use
of this single-step process delivered B6TFMO films having a significantly reduced volume
fraction of surface impurities to (3 to 4 vol. %) compared with films prepared by a two-step
process involving deposition and a high temperature (850 °C) post-anneal (11 to 12 vol. %).

During the development of a new deposition process for B6TFMO, it is obviously
important to try to reduce and eliminate impurity phases and carry out careful evaluations of
the material composition when synthesised via a new method. Impurity phase inclusions can
greatly impact material properties. For example, even trace levels (<0.1 vol. %) of magnetic
impurity phases would greatly alter the measured magnetic properties associated with the
B6TFMO phase [273]. In this work, the impact of growth process, substrate strain and bismuth
excess on the B6TFMO film growth was explored in order to ascertain parameters important

for the reduction of impurity phases in sub-50 nm B6TFMO films.

In this chapter, initially, the single step growth is compared to the two-step process as

used in previous chapters of this thesis. Then there are investigations on how the strain
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imparted by the underlying substrate affects the properties of B6ETFMO thin films deposited
during a single step DLI-CVD deposition at 700 °C. Next, how changing the bismuth excess
during deposition influences the synthesis and growth of Aurivillius thin films on a single
substrate, LSAT (100) is addressed. Finally, the ferroelectric properties of the ~45 nm thick
B6TFMO thin films are characterised. By switching to epitaxial substrates, BGTFMO films can
be grown with a controlled orientation. Furthermore, use of epitaxial substrates allows for
potential strain-induced enhancement of the material’s multiferroic properties, as utilised for
other materials for example BiFeO3[136] and (CaySri-y)1.15Tbh1.85sFe207 [272]. In this work sub-
50 nm epitaxial BGTFMO films are developed, at thicknesses relevant to applications as

piezoelectric actuators, sensors and energy harvesters [355]—[358].

6.2 Methods

Aurivillius phase thin films, BisTixFeyMn,018 (B6TFMO; x = 2.84 t0 2.98; Y = 1.42 to 1.50;
Z =0.59 to 0.68) were synthesised by DLI-CVD via a horizontal flow AIXTRON AIX 200/4FE AVD
(atomic vapour deposition) system [284], [285]. The films were deposited using conditions

with a variable bismuth excess to investigate the influence on thin film purity and crystallinity.

Substrates with an epitaxial match to B6TFMO (SrTiOs (100), Lao.26Sro.76Alo.61Ta0.3703
(100), NdGaOs3 (001)) along with sapphire (c-m (0001)) which is not epitaxially matched to
B6TFMO were used for deposition. Substrates were cleaned via a sonication with acetone,
rinse with isopropyl alcohol followed by a rinse with deionised water and were dried using N2
gas.

The majority of the samples were deposited using a single step process, where for
each bismuth excess, the substrates were loaded together into the reactor chamber during
the same growth run. Therefore, for each bismuth excess run, the films discussed were
synthesised under the exact same growth conditions and the underlying substrate was the
varying factor. In this study, four different bismuth excess values were used for the single step
process, 50.6 %, 17.7 %, 5.0 % and 1.8 %. The 0.100 mol dm™ bismuth, iron and titanium
precursors in toluene solution, Bi(thd)s, Fe(thd)s and Ti(O-iPr)z(thd). (where thd = 2,2,6,6-

tetramethyl 3,5-heptanedionate and O-iPr = isopropoxide), were purchased from Epivalence
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Ltd. The 0.025 mol dm™ manganese precursor was prepared by dissolving Mn(thd)s (99 %,
STREM chemicals) in anhydrous toluene (99.8 %, Sigma-Aldrich) under N3 in a glovebox. The
low vapour pressure precursors were injected using nitrogen pulses into the Trijet Vaporizer
of the DLI-CVD system, where they entered the reactor growth chamber via lines maintained
at 220 °C. The precursor volumes were controlled electronically by setting the opening time
for each injection to be between 1.8 and 11.2 ms, depending on the relevant precursor. A
continuous injection mode was employed where the injections were pulsed at a frequency of
1 Hz. 400 injections of each precursor were pulsed. Precursors were mixed with reactive O;
gas during the growth run. A total gas flow of 3000 sccm (standard cubic centimetres per
minute) was maintained in the growth chamber comprised O, run gas and Ny carrier gas
where the O; flow was 1000 sccm. The reactor chamber was set at a pressure of 10 mbar
while the temperature of the rotating susceptor-heated sample holder was heated to 700 °C
using infra-red lamps. These conditions were maintained for the entirety of the deposition

process.

The second type of growth process was carried out using a two-step deposition and
anneal in a similar procedure to that used in Chapters 3, 4 and 5 of this thesis. Here, the thin
film deposition via DLI-CVD in Step One was carried out similarly to what is described above
but at a temperature of 630 °C with a 19.3 % bismuth excess. In Step Two, the samples were
post-annealed in atmosphere for 1 hr at 850 °C to produce crystalline Aurivillius phase films

via the two-step growth process.

A commercial Bruker Dimension Icon with the PeakForce Tunnelling AMF (PF-TUNA)
module was used for conductive atomic force microscopy (C-AFM) measurements.
Conductive single crystal diamond (Adama Innovation AD-40-AS) probes were used to scan

the sample.

Piezoresponse Force Microscopy (PFM) was performed using an MFP-3D™ Asylum
Research instrument. PFM was conducted in lateral (LPFM) and vertical (VPFM) Dual AC
Resonance Tracking (DART-PFM) modes [234]. The DART-PFM method of measuring boosts
the measured signal while reducing instrumental crosstalk. Drive amplitudes of 1.0 Vac and
1.0 to 2.0 Vac were used for measurement of the piezoresponse in LPFM and VPFM modes
respectively. Two types of probes were used, the Oxford Instruments AC240TM-R3
electrilevers (Ti/Pt coated silicon probes, Al reflex coated, 25 nm tip radius, 70 kHz resonant

193



frequency)) and the Adama Innovation AD-2.8-SS super sharp single crystal diamond probes
(< 5 nm tip radius, 75 kHz resonant frequency). The AD-2.8-SS probes were used for getting
higher resolution images of the smoothest B6TFMO films in this work due to the small tip
radius. The drive frequencies used for the Oxford Instruments probes were in the range of
552 to 646 kHz for the LPFM measurements and 194 to 237 kHz for the VPFM measurements.
The drive frequencies used for the AD-2.8-SS probes were in the range of 479 to 655 kHz for
the LPFM measurements and 255 to 331 kHz for the VPFM measurements. A frequency width

of between 6 and 10 kHz was used for the measurements, depending on the thin film type.

X-ray diffraction (XRD) measurements were performed using an X’pert Diffractometer
(Cu Ka radiation A = 0.1541876 nm) (45 kV, 40 mA). The typical 20 scan range was from 5 ° to
50 ° with a step size of 0.006 °. In this chapter, the XRD diffraction patterns were indexed

using reference data from Garcia-Guaderrama et al. [258] for the m =5 Aurivillius phase.

A FEI DualBeam Helios NanolLab 600i Focused lon Beam instrument was used to
prepare the lamella cross sections of the BGTFMO films. Transition electron microscopy (TEM)
cross sections were prepared by depositing C and Pt as electron-beam induced layers,
followed by an ion-beam induced C layer for protection. The lamellas were thinned at
0.28 nA/30 kV with final polish at 47 pA/5 kV. TEM imaging was carried out using a JEOL JEM
2100 in bright field mode at 200 kV.

6.3 Results and Discussion

6.3.1 Comparison of a Two-step Thin Film Deposition and Anneal Process to Single-step

Deposition for BeTFMO Film Growth on Epitaxially-matched Substrates

Previous chapters employed a two-step process for BGTFMO synthesis with thicknesses of
~90 nm, involving deposition and a post-anneal on sapphire substrates that are not epitaxially
matched to B6TFMO. In order for thin film growth by DLI-CVD on substrates that are not
epitaxially matched to B6TFMO, initial deposition of an amorphous phase at a temperature
of 630 °Cis needed, followed by a post-deposition high temperature anneal step at 850 °C to

avoid the formation of phases such as pyrochlore. By depositing at temperatures lower than
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the crystallisation temperature, the resultant amorphous film can be transformed into an
impurity free Aurivillius phase films during the post-deposition crystallisation anneal step.
While this two-step procedure utilising non-epitaxially matched substrates provides impurity
free BGTFMO samples (as shown in Chapters 4 and 5 e.g. Figure 5.6), without an epitaxial
underlying template, the production of continuous films is limited to thicker samples
(~90 nm). As is shown in Appendix IV Figure IV.1, continuous B6TFMO films with a target
thickness of 45 nm (400 DLICVD injections) are not formed. Rather, using non-epitaxial
substrates, islands of BETFMO layers are formed where gaps to the underlying substrate can

be observed.

Converse to the above bulk crystallisation of amorphous films on non-epitaxial
substrates, crystallisation of epitaxial films during growth occurs as material is deposited on
the surface. Given the large differences in surface diffusion coefficients compared with bulk
diffusion coefficients, temperatures for the crystallisation of epitaxial thin films are often
lower than those needed for crystallisation of their bulk counterparts [166]. Therefore, a
target for the current chapter is to examine the effectiveness of epitaxially matched
substrates using deposition processes that enables production of continuous B6TFMO films

at crystallisation temperatures lower than 850 °C.

Herein, a comparison of the two-step technique (630 °C deposition and 850 °C anneal)
to the single-step process (700 °C) is performed to determine which deposition technique
produces the best quality B6TFMO thin films on epitaxially-matched LSAT substrates. For both
the deposition methods, 400 injections were used to synthesise ~45 nm films. Three thin films
on LSAT are compared to each other in Figure 6.1. The XRD patterns for BGTFMO synthesised
using the two-step technique (red line) and single-step methods (blue and black lines) on LSAT
in Figure 6.1 (a) reveal that the m = 5 structure is the dominant phase. Further analyses of the
XRD pattern for the B6TFMO films using the modified Scherrer equation [359] applicable for
orthorhombic structures, indicates that the crystalline quality is lower for the film grown via
the two-step technique compared to films grown via the single-step technique. The Scherrer
equation calculates a quality factor, Q, of 2.47 + 1.88 for B6TFMO on LSAT synthesised using
the two-step technique, which is lower than Q calculated for the films deposited using the
single-step method on LSAT with 1.8 % and 17.7 % bismuth excess (the blue and black lines
in Figure 6.1), where Q is 3.69 + 1.48 and 3.12 + 1.60, respectively.
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Figure 6.1 Results for BGTFMO thin films on LSAT. a) XRD patterns comparing the two-step process
with a 19.3 % bismuth excess (xs) (red line) to films prepared by a one-step growth process at
700 °C where bismuth excess of 17.7 % (black line) and 1.8 % (blue line) were used. b) 5 x5 um?
AFM image of the BETFMO surface on LSAT after two-step deposition and c) 1 x 1 um? image from
the same sample. 1 x 1 pm?2 AFM images of the films synthesised using a single-step process are

shown in d) with 17.7 % bismuth excess and e) with 1.8 % bismuth excess.
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Five factors could potentially contribute to the decreased Q factor and the XRD peak
broadening observed for the samples prepared by the two-step process: 1) reduced crystallite
size, 2) reduced film thickness, 3) sub-unit cell structural defects, 4) the inclusion of
intergrowths of differing m-numbered Aurivillius phases, or 5) the inclusion of secondary
phase impurities. Using Gwyddion software [314], lateral dimensions for the crystallites were
approximated from 2 x 2 um? AFM images (Appendix IV Figure IV.2) of the B6TFMO film
deposited via the two-step method and compared with the film deposited using the single-
step method with a 1.8 % bismuth excess. The lateral dimensions of the crystallites within the
B6TFMO film grown via the two-step method were found to be smaller with values of
0.0104 + 0.0096 um? when compared to the crystallites within the films grown by the single-
step process, where the crystallite size is on average 0.0216 + 0.0158 um?. Furthermore,
results from thirty thickness measurements across a ~5 pum TEM cross-section of the B6ETFMO
film deposited via the two-step method and a comparison with measurements with the
deposited via the single-step method with 5.0 % bismuth excess determined that the film
prepared by the two-step method is slightly thinner on average (37 + 6 nm) compared to the
film prepared by the single step method (44 £ 6 nm). Combination of effects from the smaller
crystallites and thinner film would contribute to the broader peaks observed for the BETFMO
deposited via the two-step method. TEM images shown in Figure 6.2 reveal that B6TFMO
films deposited by the two-step method contain areas with structural out-of-phases boundary
(OPB) defects as marked in the yellow inset in Figure 6.2 (b). Associated with the OPB defects
are intergrowths of differing m-numbered Aurivillius phases where the number of perovskite
layers between bismuth oxide layers can vary between m =4 to 6. The presence of these
defects and thus the disorder in the periodic structure of the crystal could further contribute
to peak broadening with the material. In Figure 6.2 (c), there two different regions, one area
(green box) lasting 2 to 4 Aurivillius phase unit cells in thickness in the c-axis direction, at the
substrate film interface and a second region (red box) which is lighter in colour and makes up
the rest of the film in the image. The lighter region at the top of the film does not appear to
be made up completely of Aurivillius phase material. In this region, the layers where [Bi»02]**
is usually present for the Aurivillius phase appears to be thicker than would be expected,
indicating that possibly here the ‘anatase’-type interlayer defects (as discussed previously in
Section 1.6.3 and 4.3.4), are present instead. From comparing a variety of TEM images

acquired for approximately 8 um long thin film-sections for samples deposited via the single-
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step and two-step methods, there appears to be more structural disorder to the thin film
grown via the two-step method as seen in Figure 6.2. While faults such as OPBs were present
for both single-step and two-step deposited films, in this study the only areas where the
‘anatase’-type defects were observed were in the films deposited via the two-step method.
It is expected that at the higher temperatures needed for the two-step deposition, e.g. the
850 °C anneal, there would be a higher tendency for bismuth migration than for the single-
step deposition which uses temperatures as high as 700 °C, due to the enhancement in
bismuths diffusion coefficient above 710 °C [360]. However, it should be noted that this is just
a preliminary finding and due to the localised manner of imaging TEM cross-sections, more

sample sections would need to be examined to confirm this.
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Figure 6.2 Representative TEM images of a BGTFMO thin film on LSAT

synthesised via a two-step process.
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The surface of the B6GTFMO film grown on LSAT via the two-step method is relatively
smooth with a RMS roughness value of 1.714 nm compared to the smoothest film (1.8 %
bismuth excess) from the single-step samples which has an RMS roughness value of 3.236 nm
as measured from Figure 6.1. However, while the samples grown via the two-step method
have overall smoother surfaces, it should be noted the surface of these films are not
consistent over the entire sample. In Figure 6.1 (b), a random surface particle (possibly an
impurity) can be seen in the right hand of the image in the dashed yellow circle, with a height
of ~10 nm above the rest of the film. Examples of the non-uniform surface resulting from the
two-step deposition and anneal can be observed for BGTFMO on STO and NGO substrates
shown in Appendix IV Figure IV.3. The inclusion of secondary phase impurities could also
potentially contribute to the decreased Q factor and the XRD peak broadening observed for
the samples prepared by the two-step process. Further discussion on possible impurity phases

within the films will be discussed later in Section 6.3.3.

Overall, it appears as though the single-step deposition method for B6TFMO allows
for the synthesis of epitaxial films with less structural disorder and more consistent surfaces
when compared to those grown via the two-step method. Furthermore, the single-step
deposition method can be considered advantageous over the two-step deposition and anneal
method for synthesising BGTFMO, due to the simplified procedure and the 150 °C reduction
in the temperature required for thin film crystallisation. Therefore, the single-step process is

the focus of the remainder of this chapter.

6.3.2 Impact of Substrate-induced Biaxial strain on B6TFMO Thin Film Growth

Figure 6.3 (a) shows that deposition at 700 °C using the single-step method on sapphire
substrates leads to the formation of impurity pyrochlore phases, Bi;Ti.O7, with the (444) peak
evident at a 20 value of 29.8 ° (JCPDS 32-0118) [361]. Therefore, non-epitaxial sapphire
substrates are clearly not amenable with the single-step process. To optimise the single-step
deposition process, the suitability of differing types of epitaxially matched substrates were
tested. Three types of perovskite substrates were chosen for the epitaxial growth of sub-
50 nm thick BGTFMO, namely (100) STO, (100) LSAT and (001), NGO. To calculate the lattice
mismatch between the Aurivillius phase and the epitaxial substrates, the pseudo-cubic lattice
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parameter (ap) of B6TFMO was calculated. A method to calculate this parameter was

developed by Newnham and Armstrong [149] using the below formula,
a, = 13315 + 0.6r4 + 2.36 A 6.1

where ra is the eight-fold coordinate radius value of the A-site cation (Bi3*) and rg is the six-
fold coordinate radii values of the B-site ions (Ti**, Mn3* and Fe3*). The radii values used to
calculate the pseudo-cubic lattice parameter were acquired from Shannon’s work [277]. A
comparison of the lattice parameters of these substrates to the pseudo-cubic lattice
parameter of BETFMO (ap = 3.89 A) reveals that STO (a = 3.905 A) is the substrate which has
the closest lattice matching along the a-direction. Between STO and B6TFMO the strain is
tensile, and the mismatch is +0.39 %, while LSAT (a = 3.868 A) and NGO (a,” = 3.858 A)
provide compressive strains of -0.57 % and -0.82 % respectively. Tensile strain would cause
B6TFMO to expand laterally, hence, to maintain the total volume of the unit-cell, the lattice
would shrink along the c-axis. For substrates imparting a compressive strain, the opposite
effect would occur, with the lattice stretching along the c-axis to compensate and maintain
unit-cell volume. Within this study, all the XRD peaks were calibrated using the substrate
peaks. Examination of the XRD patterns for the thin films grown on epitaxial substrates in
Figure 6.3 (a), determined that an m =5 Aurivillius phase is present. There is also evidence
for epitaxial strain within each of the films. Inspection of the (0012) reflection shows that the
peak position shifts slightly depending on the substrate used. The (0012) reflection of
B6TFMO on STO has the highest position at a 20 value of 21.99 °. The reflection is positioned
at 21.76 ° for B6TFMO on LSAT and at 21.64 ° for BGTFMO on NGO. The increase in the (0012)
position from NGO to LSAT to STO correlates with the strain imparted on the BGTFMO film as

it experiences compressive stress to tensile stress.
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Figure 6.3 a) XRD patterns of B6TFMO films deposited on differing substrates (indicated
within the legend) during the same deposition run where a 5.0 % bismuth excess was used
with a process temperature of 700 °C. AFM images of B6TFMO thin films with a 5.0 % bismuth
excess on different substrates, b) LSAT, ¢) STO, d) NGO and e) sapphire. Orange circles show

examples of impurity phases on surface.
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Thin film deposition is generally considered to occur by three main growth modes:
Volmer-Weber (island growth), Stranski-Krastanov (island-by-layer growth) [362] and Frank
van der Merwe (layer-by-layer growth) [363]. The Frank van der Merwe/layer-by-layer growth
is highly desired for deposition of epitaxial films, as it can allow for the deposition of thin films
with a controlled and uniform thickness along with atomically smooth surfaces. Layer-by-
layer growth occurs when the bonding between the deposited atoms is weaker than their
bonding to the substrate surface. Thus, when nucleation occurs, a single layer (e.g. for a
simple perovskite this corresponds to a single unit cell) coalesces laterally as the surface
coverage increases and the film continues to grow in this layer-by-layer fashion. However, for
more complex layered materials, such as the Aurivillius phases, the material may coalesce
laterally as surface coverage increases for a fraction of the unit cell rather than the full unit

cell and grow via a layer-by-layer fashion via partial unit cell layers [193], [364].

CVD studies of the lower order (m = 3) Aurivillius phase, BisTi3012, on epitaxial STO
deemed that growth occurred via the Stranski-Krastanov mode [165], [365]. However,
Deepak et al. [165] discovered that with the addition of Fe to the m = 3 Aurivillius phase, the
layer-by-layer mode takes command for BisTizsFeos5012 films. The m =3 Aurivillius phases
grow on perovskite substrates with epitaxial relation (001) [001] BTO, BTFO || (001) [001] STO
and (100) [010] BTO, BTFO || [110] STO. In the m = 3 system, the addition of Fe increases the
a and b parameters of the unit cell [150], [366], thus decreasing the lattice mismatch between
the Aurivillius phase structure and underlying substrate, and promoting the layer-by-layer
growth mechanism. It therefore follows, that by tweaking the composition or phase of an
Aurivillius material, the growth mechanism may be tuned by altering the lattice parameters
of the material. The growth of even m = 4, 6 and 8 layered Aurivillius phases on NGO and STO
grown via pulsed laser deposition [199], [200] further show the that Aurivillius phases can
have a preference to grow via the 2D layer-by-layer mechanism when equilibrium conditions

are satisfied.

Previous CVD approaches for m =3 Aurivillius phases used a sequential growth
mechanism (each precursor is injected separately in sequence, mimicking the Aurivillius
structure [165], [308]) in order to achieve layer-by-layer growth. The films in this work were
deposited using a concurrent injection method (all the precursors are injected into the

chamber at the sample time as a mixture) under high supersaturation conditions. Analysis of
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the surface morphology of the B6TFMO films deposited under 5.0 % bismuth excess in Figure
6.3 (b-d) and examination of the cross-section of the 5.0 % bismuth excess film, as shown
later in Figure 6.5 (a), clearly demonstrates that the epitaxial growth mode for m =5 films
under high supersaturation conditions proceeds via 2D nucleation and a layer-by-layer
growth mechanism [363] without the need for the more complex sequential deposition
method. Multiples of laterally grown half unit-cell BETFMO building blocks progressively unite
with increased lateral coverage to form a flat film prior to the growth of subsequent layers.
AFM images of B6TFMO films deposited during the same growth run are shown in Figure 6.3
(b) to (d), where 2D islands are visible on the film surface. These 2D islands are similar to
those shown before by Gradauskaite et al. [193] and Keeney et al. [191], [367] for other
Aurivillius phase samples and indicate an intermediary stage in the growth of B6TFMO.
Overall, it appears as though epitaxial substrate strain does not have a large impact on the
size of the crystal grains or the 2D islands observed in Figure 6.3 (b) to (d), given that there is
no significant difference between the morphologies of the Aurivillius grains for the B6TFMO
films on STO, LSAT or NGO. However, in Figure 6.3 (e), it is shown that when a non-epitaxial
substrate is used, continuous B6TFMO films cannot be grown, nor are any 2D island features

present.

The impact of substrate strain on the formation of secondary phase impurities was
also investigated. AFM images indicate that substrate strain influences the levels of secondary
phases. This is evident on the B6TFMO surfaces for samples prepared under these growth
conditions utilising a 5.0 % excess bismuth. Examples of these second phase impurities can be
seen in the orange circles in Figure 6.3. They typically appear on top of Aurivillius phase 2D
islands, where their diameter can be seen to vary between ~0.05 to 0.4 um with heights of
about 5 to 10 nm above the 2D islands. The XRD pattern for the film with the highest
percentage of surface impurities, B6GTFMO on STO (red line), is shown in Figure 6.3 (a) and
demonstrates a broad peak at a 20 value of ~¥32.4 °. This peak potentially corresponds to the
(222) cubic /a-3 bixbyite reflection (JCPDS 08-0010) [368]. This secondary-phase magnetic
impurity has been observed previously in Keeney et al.’s [171] thinner, sub-10 nm films that
were grown via a two-step deposition and anneal process. The density of secondary phase
impurities on the surface varies significantly, depending on the substrate used. For these

films, the volume percentage (vol. %) of the surface covered by impurities is the lowest for
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B6TFMO on LSAT at 1.7 vol. %, while for BBTFMO on NGO and STO, surface impurity levels
are 5.5 vol. % and 6.7 vol. %, respectively. RMS roughness values for the images of the films
shown in Figure 6.3 are 4.351 nm for BGTFMO on LSAT, 5.981 nm for BGTFMO on NGO and
9.559 nm for B6TFMO on STO. The decreased RMS roughness value for the BGTFMO thin film

on LSAT is attributed to the lower volume of impurities on the film surface.

To comprehend why strain has an impact on the formation of the surface impurities
as shown in Figure 6.3, the bi-axial epitaxial relationship between B6TFMO and the underlying
substrates must be considered. In this study, epitaxial growth of the B6ETFMO films on LSAT,
NGO and STO, was confirmed by the shift observed in the (00/) reflection positions. When
investigating which epitaxial substrate used is the best match for B6TFMO, it should be
considered that orthorhombic B6TFMO grows on the substrates with an epitaxial relation
(001) [001] B6TFMO| | (001) [001] substrate and (100) [010] B6TFMO| |[110] substrate [165].
By theoretically calculating the length of the (110) a-b parameter of the substrates, it is
predicted that LSAT would have the smallest lattice mismatch to the B6TFMO substrate at
approx. -0.2 % where STO and NGO would have larger lattice mismatches of approx. 0.8 %
and approx. -0.5 % in the a-b direction respectively. While investigating the bi-axial
relationship between B6TFMO and its underlying substrate reveals that LSAT is the most
lattice matched (compared to STO if just the parameter is considered). The trend of the strain
for the substrates remains the same with STO leading to tensile strain in B6TFMO and LSAT
and NGO causing compressive strain. Thus, it is possible that the lattice matching between
the LSAT substrate and the B6TFMO film promotes the growth of the Aurivillius phase more
favourably compared to growth on the STO and NGO substrates. It follows that this may help
reduce the formation of surface impurities in BETFMO and explain why the B6TFMO film on
LSAT had the lowest volume of surface impurities (1.7 vol. %) compared to the films on STO

and NGO.
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6.3.3 Influence of Utilising a Bismuth Excess during Aurivillius Phase Thin Film Growth via

DLI-CVD

The above section explored the influence of substrate-induced biaxial strain on B6TFMO
growth and it was determined that LSAT (100) substrates were optimal for growing ~45 nm
thick B6TFMO films using a single step DLI-CVD deposition at 700 °C. In this section, the

influence of bismuth excess on B6TFMO film growth is investigated.

XRD patterns of Aurivillius phase thin films deposited via DLI-CVD at 700 °C with
between 1.8 to 50.6 % bismuth excesses employed during deposition are shown in Figure
6.4 (a). For all the films synthesised, the desired m =5 Aurivillius phase was the main crystal
phase identified. However, there is evidence for lower phase m =4 intergrowths as shown
through broadening of the base of the (0010) and (0024) reflections, along with the

appearance of prominent shoulder peaks as marked by the green asterisk [150], [258].

From AFM images (Figure 6.4 (d) and (e)) of B6TFMO films deposited with 5.0 % and
1.8 % excess bismuth, it is shown that the surface is mainly made up of Aurivillius phase 2D
islands. From the line profile analysis performed in Appendix IV Figure 1V.4 (c-d) and the
regions marked with red rectangles within the TEM image in Figure 6.5 (b), it is determined
the Aurivillius phase 2D islands are typically between 2.5 to 10 nm in height. This corresponds
to Aurivillius phase structures of between 0.5 and 2 unit cells (u.c.) in thickness. TEM images
demonstrate that step heights at the edge of the Aurivillius 2D islands can originate from
differing multiples of half-unit cell and are not always equal in thickness. For example, the
Aurivillius phase 2D islands on the left of Figure 6.5 (b) demonstrate a step height equivalent
to 0.5 u.c. thick structures above the underlying film. However, the edge at the right side of

the 2D island has a step height of 1 u.c. above the thickness of the underlying film.

For films deposited under a higher bismuth excess, for example 50.6 % (black line in
XRD plot) and 17.7 % (red line in XRD plot) excess, a large, broad peak within the XRD pattern
(Figure 6.4 (a)) is observed at a 26 value of ~32 °. In both films, this peak has a broad base
(with a width of ~3 °) and the peak becomes less intense as the bismuth excess decreases. For
the B6TFMO films with 50.6 % bismuth excess, this peak has a FWHM value of ~1.67 + 0.01.
The broad peak within the B6ETFMO film with 17.7 % bismuth excess has a FWHM value of
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~1.60 * 0.01. For the films with 5.0 % and 1.8 % bismuth excess, the reflection is no longer
present. The position of this peak, its broad nature, and its disappearance when a lower
bismuth excess is used indicates the presence of a Bi,O3 impurity phase. Bi;Os demonstrates
peaks at 20 positions of 31.6 ° for the (200) reflection of the cubic Fm-3m cubic 6-Bi,O3 phase
(JCPDS 77-2008) [369]. Inspection of the films with 50.6 % and 17.7 % bismuth excess by AFM
imaging (Figure 6.4 (b) and (c)), exposes large cubic features which dominate the film surface
topography. These resemble the 6-Bi,Oz impurity features (Impurity 1) seen in work by Alexe
et al. [288]. From AFM analysis of the films shown in Appendix IV Figure IV.4, these features
can reach thicknesses of up to 100 nm high on the sample with a 50.6 % bismuth excess. The
AFM images of the films with lower bismuth excess presented in Figure 6.4 (d) and (e), show
that the large cubic surface features indicative of the Bi,Os impurities are not present. A
second type of impurity phase (Impurity 2) can be observed in the films with bismuth excess
of 17.7 %, 5.0 % and to a lesser extent with 1.8 % excess. From an area analysis of both types
of impurities shown in Figure 6.4, the impurities cover approximately 36 % (Bi»03), 21 vol. %
(a combination of Bi,O3 and smaller impurity phase), 1.7 vol. % and 1.0 vol. % of the B6TFMO
film surface for the samples prepared with 50.6 %, 17.7 %, 5.0 % and 1.8 % bismuth excess,
respectively. This clearly shows that as the bismuth excess decreases, overall volumes of

impurity phases on the material surface decrease.
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Figure 6.4 a) XRD plots of B6TFMO films on LSAT with varied bismuth excess (xs) used during
deposition. b) to e) AFM images of the four films where the bismuth precursor excess used
was 50.6 % (b), 17.7 % (c), 5.0 % (d) and 1.8 % (e). Here examples of Impurity 1 are in blue
circles in (b) and (c), while examples of Impurity 2 are in purple circles in (d) and (e).
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TEM imaging of a cross section of the film deposited with a 17.7 % bismuth excess
(presented in Figure 6.6 (a) and (b)), shows a large Bi»Os impurity (green inset), alongside
smaller impurity phases (red inset). From the images of the cross sections, it is shown that the
impurities lie only on the surface of the material and not within the main Aurivillius phase
film. The impurities tend to form on top of the Aurivillius phase 2D islands. As indicated by
the TEM images of the film lamella, the Bi>Os impurities (Impurity 1) appear to have an
average height of 61 + 14 nm, while the smaller impurities (Impurity 2) have an average height
of 22 £ 7 nm. From higher resolution AFM scanning (Figure 6.6 (c)) of the sample with a 5.0 %
bismuth excess, it appears as though the second smaller impurity is comprised of two
components. One segment (Impurity 2a), which tends to be positioned at the centre of the
Aurivillius phase 2D island, is accompanied by a second component (Impurity 2b) that is
situated diagonally from the centre of the Impurity 2a. From the height profiles taken of these
features and shown in Appendix IV Figure IV.4 and Figure IV.5, it is shown that Impurity 2a
at the centre of the Aurivillius 2D island is taller than the Impurity 2b component to the
corner. XRD analysis (Figure 6.3 (a)) of the B6TFMO film deposited with 5.0 % bismuth excess,
where only Impurity 2 type is present in the film, reveals a peak at 32.4 °. This indicates the
centre impurity phase (Impurity 2a) potentially corresponds to the (222) cubic /a-3 bixbyite
reflection (JCPDS 08-0010) [368]. In previous work by Keeney et al. [171] on thinner BGTFMO
films, when the bixbyite impurity was detected, it was accompanied by a smaller amorphous

BixTiyO, material, which appears similar to Impurity 2b in Figure 6.6 (c).
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|
LSAT (100)

Figure 6.5 TEM images of the B6TFMO film deposited on LSAT using a 5.0 % bismuth excess.
The Aurivillius 2D islands that make up the surface topography are clearly seen in a) and b).
The differing heights of the surface features within the red rectangles were measured. These
heights are typically between 2.5 nm and 10 nm, corresponding to the thickness of 0.5 to 2
B6TFMO unit cells. ¢) Impurity free section of the Aurivillius film (overall m = 5) with out-of-

phase boundary defects present.
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Figure 6.6 a) and b) TEM images of a B6TFMO film deposited with 17.7 % bismuth excess. Two

types of surface impurities can be observed. In the green inset in a) a large Bi»Os impurity
(impurity 1) that is ~70 nm in height is visible, while within the red inset in b) a smaller
triangular shaped impurity about ~25 nm high is present (impurity 2). High resolution AFM
imaging in c) of B6TFMO film deposited with 5.0 % bismuth excess shows the smaller impurity

is made up of two components (Impurity 2a and Impurity 2b).
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For B6TFMO thin films grown using the single step deposition process with 400
injections at 700 °C on LSAT, it is evident that as the bismuth excess is lowered and becomes
close to the actual stoichiometric value, the volume of impurities on the thin film surface
decreases. The films deposited using a 1.8 % bismuth excess are the smoothest, with an RMS
roughness value of 3.2 nm as taken from Figure 6.4 (e) compared to 4.4 nm, 18.5 nm and

29.1 nm for the 5.0 %, 17.7 % and 50.6 % bismuth excess films respectively (Figure
6.4 (b) to (d)).
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Figure 6.7 XRD plot showing peaks corresponding to the (0012) reflection and the LSAT

substrate taken from B6TFMO films on LSAT with varied bismuth excess.

Focusing more closely on the (0012) reflection of the m =5 B6TFMO phase in Figure
6.7, it is shown that superlattice reflections become clearer as the bismuth excess percentage
is lowered. This indicates that for the thin films deposited with a lower bismuth excess of
1.8 % and 5.0 %, there is a periodic arrangement of alternating m phases crystallographically
aligned within the BGTFMO film [309] (visually evident in the TEM image in Figure 6.5 (c)). The
fact that superlattice reflections are observed for the films with lower bismuth excess could
be a result of the reduced number of secondary phase surface impurities. This is further
investigated using the modified Scherrer equation [359] applicable for orthorhombic

structures, which is useful for assessing the crystalline quality of a material. In this work, the
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quality factor was calculated using the (0010), (0012) and (0022) reflections. The quality
factor, Q, is 3.69 + 1.48, 3.41 + 1.68, 3.12+1.60 and 2.78 + 1.76 for the B6TFMO films
deposited with 1.8 %, 5.0 %, 17.7 % and the 50.6 % bismuth excess films respectively. This

indicates that the quality factor increases as the bismuth excess decreases.

In this work, it is observed that for a single step deposition via DLI-CVD at 700 °C, a
bismuth precursor value that matches the requirements of a stoichiometric B6TFMO
composition produces films with the lowest volume of impurity phases. This is in contrast to
previous works using a two-step deposition and anneal method [163] or the single step
deposition of thinner sub-10 nm films [171], where large 20 to 50 % bismuth excesses were
employed. Perhaps the different bismuth requirements for the deposition of different
thicknesses of B6TFMO films is affected by the surface area of the films. Bismuth desorbs
from the surface of materials during growth and considering that the surface of the sub-10 nm
films is a much larger component of the film than the sub-50 nm films, the thinner films may
need a higher bismuth excess to compensate for this. The fact that bismuth desorbs from the
surface of B6TFMO at high deposition temperatures (above 710 °C [360]) indicates that the
amount of bismuth used in a deposition run can often be critical to the successful growth of
B6TFMO and its material properties. When growing B6TFMO, the role of the surface becomes
more and more important as film thickness decreases. The larger relative surface area of the
sub-10 nm films compared to the relative surface area of the sub-50 nm films mean a higher
percentage of the bismuth in the underlying film can escape compared to the sub-10 nm films

[370].

6.3.4 Investigations of Ferroelectric Properties at the Nanoscale

DART-PFM was performed on the B6TFMO films to investigate the nano-scale piezoelectric
properties of the BGTFMO thin films grown by the one-step deposition process. From the PFM
images in Figure 6.8 (a) to (f), it is determined that the large impurity phases found on the
film deposited with 17.7 % bismuth excess (and found similarly in the films deposited with
50.6 % bismuth excess) do not demonstrate a piezo-response, although but the underlying

B6TFMO film is piezoelectric. While previous studies from Alexe et al. [288] showed that
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similar impurities demonstrated conductive characteristics, electrical conductivity could not
be measured from conductive AFM (C-AFM) measurements (Appendix IV Figure IV.6) of the
B6TFMO film deposited using a 50.6 % bismuth excess (the film with the highest surface
density of Bi,Os impurities). Note however that the lack of conductive response for the C-AFM

measurements could be associated with the insulating nature of the underlying substrate.

A strong in-plane PFM response is measured using lateral piezorespose force
microscopy (LPFM) of the smooth impurity free region, as shown in Figure 6.8 (g to I) for the
B6TFMO film deposited with 1.8 % bismuth excess. A much weaker vertical piezoresponse
was measured by PFM in the vertical direction (VPFM). The clear in-plane response obtained
is expected for an Aurivillius phase material due to crystal symmetry considerations [154].
The ferroelectric domains measured on these films appear relatively small compared to those
found on films synthesised by the two-step method on ¢-m sapphire (0.23 + 0.03 um?),
Chapter 4, Section 4.3.5. For the B6TFMO film grown on LSAT using a 1.8 % bismuth excess,
the average ferroelectric domain size was 0.0031 + 0.0026 um? (calculation from two 1 x
1 um? images). From a closer inspection of the surface features of the film shown in Figure
6.9 (b and c), it can be observed that there are multiple configurations of ferroelectric
domains on the surface of the B6TFMO film. It is possible that due to the thin nature of the
Aurivillius phase surface 2D islands, which are often between 2.5 to 10 nm in height, in some
areas the piezoresponse measured could be complicated by the mixing of different piezo
signals coming from both the Aurivillius phase 2D island and the underlying Aurivillius phase
film. One possible route that could be taken to investigate the underlying domain structure
would be to perform AFM-based nano-milling followed by PFM measurements. AFM-based
nano-milling (sometimes called AFM-based nano-machining) is a technique, which uses a
sufficiently hard and stiff probe combined with an appropriate loading force to shave away
the top surface of a thin film in a controlled manner. It is proposed that this technique could
be used to gently remove the Aurivillius surface 2D islands to investigate domain

configurations of an even and smooth material surface [367], [371], [372].
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Figure 6.8 In—plane LPFM and out-of-plane VPFM images of B6TFMO thin films on LSAT
deposited with a) to f) 17.7 % and g) to 1) 1.8 % bismuth excess. The probing voltage (Vac) is
1.0V.
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Figure 6.9 (a to c) In—plane LPFM and (d to f) out-of-plane VPFM images over 350 x 350 nm?
areas of a B6TFMO thin film on LSAT deposited with a 1.8 % bismuth excess. The probing
voltage (Vac) is 1.0 V.

Previous studies by Gradauskaite et al. [193] on 0.5 u.c. bismuth based Aurivillius films
deposited on NGO have displayed anisotropic in-plane ferroelectric domain patterns.
However, above these thicknesses, uniaxial ferroelectric anisotropy is lost, attributed to the
weak interlayer coupling between the perovskite layers in the Aurivillius scaffold [158]. In
Aurivillius structures which display ferroelectric anisotropy, this is stabilised by a latticed
mismatch. However, as the film increases in thickness, the strain imparted by the substrate
lessens and anisotropic ferroelectric domains are eventually lost. While the films in this study
are considerably thicker ~45 nm (9 u.c.), PFM experiments were performed on the B6TFMO
films to investigate whether ferroelectricity is anisotropic within the thin films. These
experiments were carried out with the cantilever aligned parallel to the [010] substrate
direction, as shown for the film deposited with 1.8 % bismuth excess on NGO in Figure
6.10 (a to f). The PFM measurements were then immediately repeated on the same sample

after it was rotated by 90 °, such that the cantilever was aligned parallel to the [100] substrate
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direction as shown in Figure 6.10 (g to I). As would be expected for films of this thickness,
ferroelectric anisotropy is not present, and this is also the case for films on LSAT and STO as

observed in Appendix IV Figure IV.7 and Figure IV.8.
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Figure 6.10 LPFM and VPFM, DART-PFM height, amplitude and phase images of B6TFMO
films on NGO (100) deposited with a 1.8 % bismuth excess and probed at 1 Vacand 2 Vac, for
LPFM and VPFM measurements respectively. Images (a) to (f) were performed with the
cantilever scanning direction parallel to the [010] NGO axis. The samples were subsequently
rotated 90 ° for images (g) to (l), where the cantilever scanning direction was parallel to the
[100] NGO axis. These images demonstrate the isotropic distribution of in-plane and out-of-

plane domains in films ~ 45 nm thick for BGTFMO on LSAT (100).
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6.4 Conclusions

The influence of deposition method, substrate and percentage bismuth excess were
investigated to optimise the growth of BGBTFMO films with a thickness of ~45 nm. Epitaxial

substrates were needed to grow continuous B6TFMO films at sub-50 nm thickness.

The two-step deposition and anneal of B6TFMO using a 630 °C deposition
temperature and a post-anneal at 850 °C requires a bismuth excess of ~20 % to mitigate
bismuth loss at the post anneal stage. However, using the two-step deposition and anneal

resulted in thin films that had a non-uniform surface.

During a single-step deposition process at 700 °C, the Aurivillius phase grows via a 2D
nucleation and layer-by-layer Frank van der Merwe growth mode. Due to the lattice matching
of the (010) plane of the underlying substrate with either the a or b lattice parameter of
B6TFMO, it was found in this study that LSAT was the optimum candidate of substrate to grow
B6TFMO films with minimum levels of impurities, when compared to NGO or STO. A 5.0 %

decrease in surface impurities was found for films grown on LSAT when compared to STO.

For films grown via a single-step process at 700 °C, lowering of the bismuth excess
used and keeping it closer to the quantity required for compositional stoichiometry appears
to be optimal for reducing impurities. For BGTFMO films deposited with 17.7 % and higher
bismuth excess, Bi,Os; secondary phase impurities were abundant. For the B6TFMO films
prepared by the single-step process in this study, those deposited with 1.8 % bismuth excess
on LSAT substrates displayed the lowest volume of surface impurities, at 1.7 % vol. PFM
measurements demonstrate the films have a strong in-plane ferroelectric response with
isotropic domains, where surface Aurivillius phase 2D islands, formed during an intermediary
step during 2D layer-by-layer growth, appear to complicate the measured surface

piezoresponse.

Further optimisation is required on these films to completely eliminate the impurity
phases, perhaps by lowering the deposition temperature, altering the magnetic cation
concentrations or moving towards a sequential, layer-by-layer chemical vapour deposition

approach. Nonetheless, this work progresses the understanding of the parameters required
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to optimise the epitaxial growth of B6TFMO via DLI-CVD and their ferroelectric behaviour at

nanoscale.
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7 Conclusions and Outlook

The research within this thesis delves into a deeper understanding of the fundamental
mechanisms driving the multiferroic behaviour within Aurivillius phase BGTFMO using atomic
and nano-scale characterisation techniques in conjunction with DFT calculations. Alongside
this, further knowledge into how substrate and deposition conditions influence the growth
and ferroelectric and ferromagnetic properties at the macro- and nano-scale was

accomplished.

B6TFMO is an intriguing, yet not fully understood material. First synthesised in
2013 [162], it has been proven to be a true single phase room-temperature magnetoelectric
multiferroic [163], [273]. While previous EDX studies [164] revealed the importance of
magnetic cation partitioning towards the centre of the perovskite layers within the Aurivillius
structure, in this thesis, atomic resolution electron microscopy in conjunction with DFT
calculations are used to correlate the fundamental electronic structure of B-site cations with
local chemical bonding environments in BGTFMO. Discrete changes in the crystal field splitting
of the Ti** cations were detected using HAADF-STEM EELS, where the eg-tog splitting, A, was
found to increase going from the outer to the centre perovskite layers of the Aurivillius
structure. The atom resolved projected density of states produced via DFT calculations
elucidated that this splitting is driven by the distortion of the perovskite unit cells created by
the [Bi,02]%" interlayer and is felt more strongly in octahedra which situate closest to the outer
[Bi,0,]%* layers. Further imaging revealed the complicated nature of the BOs perovskite
octahedra through the material. Through iDPC imaging, the competition between the tilting
of the BOs octahedra and the extent of the tetragonal distortion felt by the perovskite unit
cells can be appreciated, with DFT indicating that the tilting of the octahedra helps to
minimise electrostatic potential and stabilise BETFMO. The findings from the first results
chapter, Chapter 3, on naturally layered B6TFMO, indicate that tilting of the perovskites is
required to allow the magnetic iron and manganese cations to locate next to each other
within the centre perovskite layers and thus could be necessary to enable long-range
magnetic interactions and subsequent multiferroic behaviour in B6eTFMO. The learnings from

this work could be applied more widely to the development of heterostructure materials and
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layered perovskites, where tilt engineering has been shown to enhance multiferroic

properties [272].

Recent studies [192] have demonstrated the presence of unusual polar topologies
within B6TFMO close to regions where structural defects, such as out-of-phase boundaries
(OPBs), occur. Tantalisingly, this could open up B6TFMO to a host of new applications, such
as energy-efficient nanoelectronics, ultrahigh speed data processing, ultra-compact memory
storage applications and domain wall-based memory devices. While polar topologies can be
observed naturally in BGTFMO without the need for an artificial interface or external strain
engineering, for the topologies to become useful for future technologies, a greater
understanding and control of them is needed. The use of substrates with differing mis-cut
angles was employed in Chapter 4 to deliberately introduce structural defects in the B6TFMO
growing layers to examine whether there was enhancement in the formation of nominally
charged 180 ° domain walls and polar vortices. Through both macroscopic (XRD) and
microscopic (HAADF-STEM and PFM) measurements, it was found that increasing the mis-cut
of the sapphire substrate was successful for impacting the structural and ferroelectric
properties of BGTFMO. Broadening of the FWHM for reflections such as (006), (008), (0018)
and (0020) occurred as the substrate mis-cut increased from 0.2 ° to 10 °, indicating a higher
defect density within the B6TFMO films grown on higher mis-cut substrates. PFM
measurements show the density of the ferroelectric domains increase with an increase in
defect density due to increase in the substrate mis-cut angle. HAADF-STEM imaging also
uncovered examples of charged domain walls and exotic polar vortices facilitated by OPBs
within the samples when two OPB defects are spaced ~5 nm apart. This work successfully
demonstrates that polar vortex domain walls and charged domain walls are promoted within
layered multiferroics by tailoring the underlying substrate that the film is grown on. This work
provides insight into methods for controlling defect levels and demonstrates how topological
defects within BGTFMO can be tailored. Future work would build on the knowledge gained on
mis-cut sapphire substrates and apply to the tailoring of novel topologies within B6TFMO
films grown on epitaxial substrates with an off-axis substrate mis-cut. By employing step-flow
growth across a vicinal substrate series with a controlled density of atomic steps, terrace
width and step height, designed to introduce OPBs into the growing layer, could in turn enable

regulation of the density and inclination of charged DWs within epitaxial BGTFMO films.
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Furthermore, while the results here concern a naturally layered multiferroic, the learnings
gained from using substrates with a slightly off-axis substrate cut and with a controlled
density of atomic steps, could also be applied to enhancing polar vortex domain walls and

polar skyrmions in artificial heterostructured materials.

In Chapter 5, the growth and properties of B6TFMO films on patterned sapphire were
explored, with the aims of encouraging inclination of the a-axis of BGTFMO towards an upright
geometry to increase access to the major a-axis polarisation. While initially the DLI-CVD
deposited films were conformal, the preference for the Aurivillius phase to crystallise in a
plate-like manner meant that after annealing, the B6ETFMO was not fully conformal over the
substrate. However, the majority of the B6TFMO grains followed the incline of the dome-
shaped features on the patterned sapphire substrates. An XRD comparison of the BGTFMO
films on patterned sapphire with those on un-patterned c-m sapphire, revealed that increased
levels of non-(00/) reflections were present in the film on patterned sapphire. This indicated
an increase in inclined a-b polycrystals present for BGTFMO deposited on the patterned
sapphire substrate. Due to the inclined nature of the BGTFMO grains on patterned sapphire,
it was challenging to fully probe the piezoresponse. Nevertheless, it was concluded that the
out-of-plane piezoresponse of the samples is weaker than the in-plane piezoresponse. Studies
of the magnetic properties of the films demonstrated that the B6TFMO samples were
ferromagnetic at room temperature. It was found that the B6TFMO film on patterned
sapphire had comparable magnetic properties to the films deposited on un-patterned
sapphire in this study. These findings support B6TFMOQ’s status as a room temperature
multiferroic and indicates that the topography of the underlying substrate does not have a
significant impact on the measured magnetic signal. While a two-step deposition on non-
epitaxial substrates did not support the conformal growth of B6TFMO on patterned
substrates, utilising epitaxial patterned substrates could provide a route to deposit conformal
films. Epitaxial substrates can allow for the use of lower temperatures [166], [354] to grow
conformal crystalline BTFMO thin films via a single-step DLI-CVD method. Investigating a
wider range of shapes/sizes for the 3D features on the surface of the patterned substrate in
future work, along with a single-step method for film growth on epitaxial substrates could

encourage vertically accessible out-of-plane polarisation in BEGTFMO films.
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Finally, in Chapter 6 research on B6TFMO in this body of work moves onto optimising
a process for the deposition of sub-50 nm films on epitaxial substrates. The deposition
process was altered from a two-step to a single-step method to grow continuous films via a
2D layer-by-layer growth mechanism. Two parameters within the single-step deposition were
varied to improve the purity of the BGTFMO films: bismuth excess and substrate strain. It was
discovered that for films deposited via the single-step deposition, maintaining the amount of
bismuth used during the deposition process to that required stoichiometrically helps to avoid
Bi»Os impurities. Lattice matching B6ETFMOQ’s a or b lattice parameter to the (010) plane of the
underlying epitaxial substrate also aided in reducing surface impurities on the epitaxially
grown films. While the films were not optimised to be completely impurity free, PFM
measurements demonstrate the films have a strong in-plane ferroelectric response with
isotropic domains. Further optimisation of the B6TFMO films could perhaps be achieved
through means such as lowering deposition temperature, altering the magnetic cation
concentrations or moving towards a sequential, layer-by-layer chemical vapour deposition
approach. Another possible route to be explored for the growth of thinner BETFMO films
could be via van der Waals epitaxy. While traditional epitaxial growth has enabled the
development of thin film growth, ensuring a lattice match between the substrate and a
proposed film has limited the number of heterostructures that can be fabricated. Van der
Waals epitaxy involves the use of a 2D material as the substrate and/or the epitaxial layer.
The materials used in van der Waals epitaxy have no dangling bonds, therefore when growth
occurs, no covalent bonds are formed between the substrate and the epitaxial layer. The
layers are bound by the much weaker van der Waals forces. This weaker bond at the beginning
of the film growth could allow for strain free growth of Aurivillius phases and potentially
navigate the formation of impurity phases within the thin film growth that can be observed

when using traditional epitaxial substrates [171].

To summarise, this thesis demonstrates that the appropriate combination of
chemistry, internal strain and octahedral tilting is key to generating room temperature
multiferroic properties within BGTFMO and that its room temperature multiferroic properties
persist with changing substrate topographies. The wider technological potential of
multiferroic BGTFMO has been demonstrated by showing that control of structural defects

can facilitate unusual polar topologies, which will be useful for nanoelectronic device
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applications. Moreover, progress has also been made with optimisation of the epitaxial
growth of B6TFMO via DLI-CVD, which is necessary for its integration into commercial
memory devices and potential use in a variety of other applications such as piezoelectric

actuators, sensors and energy harvesters.
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Appendix - Supporting Information for Chapter 3
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Figure I.1 Atomic resolution STEM EELS spectra of outer, intermediate and centre perovskite
regions of 5 layer BGTFMO. a) and b) Ti L, 3-edge, c) and d) O K-edge, e) and f) Mn L, 3-edge, g)

and h) Fe L, s-edge.

The most intense component of the O K-edge in the data collected in Figure 1.1 (c-d), which
is not zero-loss aligned, is at an energy of ~522 eV and gives information on the unoccupied
O 2p states, which hybridise with the B-site metal cation 3d states. First, an energy splitting
of ~2 eV in the O K-edge is observed. This is due to the weak hybridisation between the
transition metal cation 3d tyg orbitals (lower peak) with the O 2p orbitals, and the more
strongly hybridised 3d eg orbitals (higher peak) with the O 2p orbitals. This splitting could also
have a contribution from the interactions between the O 2p and Bi 5d/p states [373], [374].
The second broad feature at ~532 eV in the spectra of the O K-edge is attributed to the O 2p
hybridisation with the 4s and 4p states in the metal cations along with covalent bonding in Bi.
This analysis did not differentiate any significant changes to the O K-edge structure in the EELS
spectra as measured from the outer, intermediate or centre perovskite layers and taking into
account that B6GTFMO is a complex multi-cation oxide, it would be difficult to deconvolute the
individual contributions of Ti, Mn and Fe to the O K-edge structure. In previous works [162],
[164], [192], it has been demonstrated that the presence of Mn is key to the ferromagnetic
behaviour observed within BGTFMO. EELS analysis in this work (Figure 1.1 (e-f)) confirms the
previous EDX observations of the partitioning of Mn cations towards the centre perovskite
layers. Previous Density Functional Theory (DFT) calculations [192] indicate that
magnetization values in B6TFMO are highly dependent on the increased nearest neighbour
magnetic interactions resulting from this Mn partitioning. Considering the
Goodenough-Kanamari rules, [75], [375], [376] ferromagnetic coupling could be created
through Fe3*-O-Mn* (d°/d® configurations) superexchange or Mn3*-O-Mn* (d*/d?
configurations) double-exchange interactions. Ferromagnetic coupling is also possible via
semicovalent exchange interactions of Mn3*-0-Mn3* (d*/d* configurations). Ideally, EELS
analysis would enable determination of the oxidation state of Mn within BGTFMO in order to
determine the precise mechanism for ferromagnetism [377], [378]. However, due to the low
concentration of Mn (~1.7 %) within BEGTFMQ’s total composition, the Mn Ly 3-edge had a
relatively low intensity compared to Ti, Fe and O signals within the data sets. The low signal

to noise ratio within the Mn L, 3-edge meant that the structural features characteristic of the
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different Mn oxidation states could not be observed and it was not possible to determine the
exact oxidation state of the Mn cation. The Fe cation oxidation state was confirmed by the
presence of a shoulder at ~699 eV just after the edge onset in the Lz signal. This initial feature
is ~1 eV before the maximum peak, at ~700eV, and the shape seen in Figure 1.1 (g-h) is

characteristic of Fe3*and is consistent with the literature [379]-[382].
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Data Set Label | Outer Tid+ L3 eg Peak (eV) | Centre Tid+ L3 eg Peak (eV) | Change in A (eV)

210610K2 111 453.77 453.87 0.1
210610K2 11ii 453.8 453.87 0.07
210520K2 7 450.24 450.44 0.2
210520K2 7ii 450.36 450.44 0.08
210520K2 8 450.65 450.88 0.23
210520K2 8ii 450.61 450.88 0.27
210520K2 121 458.06 458.15 0.09
210520K2 12ii 458.06 458.15 0.09
211002K2 121 458.44 458.51 0.07
211002 K2 12ii 458.33 458.51 0.18
211002K2 161 458.75 458.83 0.08
211002 K2 16i 458.71 458.83 0.12
211201K22.5321i 458.35 458.38 0.03
211201K22.532ii 458.26 458.38 0.12
211201K2529i 457.86 458.00 0.14
211201K2529ii 457.83 458.00 0.17
211201K2531i 458.14 458.24 0.1
211201K2531ii 458.14 458.24 0.1
US1002.513 A 460.12 460.26 0.14
US1002.513 Aii 460.04 460.26 0.22
US1002.513Bi 460.2 460.28 0.08
US1002.513Biii 460.14 460.28 0.14

Average 0.13 eV

5t. Dev 0.06 eV

Table 1.1 Data from which the average change in crystal field splitting (A) for the Ti** Ls-edge

is calculated. Eleven EELS data sets were used to calculate the average A value. Each data set

had two eg values for the outer perovskite layer and one eg value for the centre layer,

therefore for each data set, two A values were obtained (twenty two data sets were obtained

in total). The tog peak value remains the same for the EELS spectra moving from the outer to

the centre perovskite layers while the eg peak value changes. The change in A moving from

the outer to the centre perovskite layers for the Ti** L3 peak was calculated by subtracting the

outer perovskite layer Ti** L3 e; peak value from the centre perovskite Ti* Lz eg layer value.
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Figure 1.2 Further examples of plots from EELS data sets to support Figure 3.2 (d) in the main

text. These plots demonstrate the change in peak energy of the Ti L3 eg peak from re-binned

EELS spectra as a function of distance through the perovskite layers of BETFMO.
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Figure 1.3 a) STEM-HAADF image of five-layered B6TFMO overlaid with polarisation vector
mapping represented by the red arrows. Once the A- and B- site positions of the atoms are
determined, the polarisation vectors (red) were obtained from the reverse of the B-site cation
displacements using TEMUL toolkit [254]. The average B-site displacement within a perovskite

) o

cell for “outer”, “intermediate’” and “centre’” B-sites were calculated along the b-axis (Ax)
and c-axis (Ay) direction and are plotted in b). The overall average magnitude from each type
of perovskite layer (outer, intermediate, centre) for the B-site cations displacements in the
c-axis (Ay) direction were outer: 0.426 + 0.142 A, intermediate: 0.184 + 0.095 A and centre:
0.054 + 0.062 A. Average values for B-site cation displacements along the b-axis (Ax) were

outer: 0.199 + 0.006 A, intermediate: 0.268 + 0.009 A and centre: 0.243 + 0.009 A.
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Figure 1.4 This is supplementary information to Figure 3.3 in the main text (Configuration: a).
All of the Ti-O bond lengths in A and PDOS calculations for all of the Ti atoms of the

Bi24Ti11FesMn307; configuration are shown.
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Figure 1.5 Another configuration (Configuration: b) of atoms and magnetic moments with
differing locations for the B-site cations to that shown for the configuration (Configuration: a)
in Figure 3.3/Figure 1.4. The fully optimized structure (both lattice parameters and atomic
positions) calculated for this configuration of BisTiiiFesMn307, is shown. The calculated
lattice parameters for a, b, and c are 5.53 A, 5.63 A, and 49.93 A, respectively. Similar to the

previous configuration, it is observed that Ti/Fe/Mn atoms are displaced along the negative
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b-axis, producing a dipole moment, thus net ferroelectric polarization lies along the b-axis. It
is noticed that Ti/Fe/Mn atoms move along the c-direction upward and downward (significant
displacement of the Outer Ti atoms) in an antipolar arrangement toward the [Bi»0,]?* layers,
which would result in a net zero dipole along the c-direction if the horizontal mirror plane was
allowed to persist. (Right) The atom resolved PDOS are shown, where positive (negative)
PDOS represents up (down) spin channels. The Fermi energy (Ef) is set at O eV. The
configuration is in a ferrimagnetic state with net magnetic moment of 33.892 s per unit cell,
where Fel, Fe2, Fe3, Fe4, Fe5, Fe6, Mnl, Mn2, and Mn3 atoms contribute 4.341 s, 4.322 s,
4.365 pg, 4.351 us, 4.348 g, 4.306 us, 3.596 ps, -3.348 pg, 3.809 us, respectively. Positive
(negative) signs of the magnetic moment represent up (down) spin states. Other atoms
contribute very little to the overall magnetic moment. Note that Configuration b is slightly
(0.18 meV/atom) lower in energy relative to Configuration a. In fact, there are many possible
atomic and magnetic configurations for Mn and Fe atoms to be placed in real samples. While
there are two possible configurations presented within this study, it is proposed that the
antipolar Ti displacement along c-direction within each perovskite block will be observed

irrespective of the atomic and magnetic configurations of Mn and Fe atoms.
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Figure 1.6 lllustration of individual tilt modes found in three-layered Aurivillius phases.
Structures from Guo et al. [16] are used to visualise these octahedral tilt modes. a) P4/ncm
structure demonstrating the out-of-plane anti-phase tilting in the a-b plane, associated with
the irrep X3 mode. b) Cmce space group, where the irrep X3 mode provides a rotation around
c at the centre perovskite layer. c) P4/nbm space group, where the irrep X;{ mode has an

anti-phase rotation around c, in the outer perovskite layers next to [Bi,0,]**.
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Experimental Configuration a Configuration b
B6TFMO B6TFMO B6TFMO

d © 00 e)OOO 1,000 ¢000,

11

Ca,Bi,Tis0y5 Sr,Bi,TisO4q Pb,Bi,TisO 15 Ba,Bi,TisO;g

Figure 1.7 Images used to approximate tilt angles associated with out-of-plane anti-phase
tilting of perovskite octahedra, correlated with the irrep X3 mode. Given that positions of the
perovskite A-site bismuth atoms coincide with positions of apex oxygen atoms, accurate
0O-B-0 (B-site to oxygen) bond angles could not be determined from the 2D iDPC images. To
approximate tilt angles for the perovskite octahedra, a 2D diamond shape (yellow) shown in
(a) was created to match the positions determined for the apex and equatorial oxygen atoms
of the BOs octahedra (when viewed down the [100] projection). To allow a comparison of tilt

angles from experimental and theoretical data, the yellow diamond was overlaid onto iDPC
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images (a), atomistic structures simulated by DFT ((b), (c)) and atomistic structures
determined from neutron diffraction data from literature ((d) to (g)) [156]. One Aurivillius unit
cell is comprised of two five-layered perovskite blocks. In order to enable the desired
Bi2aTi11FesMn307; stoichiometry, two different half-unit cell arrangements of the Ti, Fe and
Mn cations are required for the DFT structures simulated in (b) and (c). These two different
arrangements are represented by the half-unit cell blocks labelled (i) and (ii). A manual fit to
the underlying octahedra was applied using the position of the oxygen atoms as a guide. The
yellow diamond is considered to be at a 0 ° tilt angle when equatorial oxygen atoms lie along
the same horizontal plane. Octahedral tilting results in deviations from 0 ° and values
determined for the outer, intermediate and centre perovskite layers are displayed in Table

1.2
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Tilt (°)
DFT Configuration: a DFT Configuration: b
Layer  [Experimental T - - -
B6TFMQ | C2BieTi201s Sr:BiaTi:014 PD,BiaTi0ss Ba:BiaTiaOy B6TFMO[100]i | BG6TFMOI[100]ii | B6TFMO [100]i B6TFMO [100] ii
[100] [100] [100] [100] [100]
Column 1|Column 2| Column 1 |Column 2| Column 1| Column 2 |Column 1| Column 2
QOuter
Outer 5 +7 +4 +2 +1 (top) -4 -2 3 -4 -6 2 -5 1
Intermediate
Intermediate +11 +10 +5 +4 +2 (top) -1 -1 -2 -2 13 -11 8 -8
Centre 116 111 +4 6 12 Centre 0 0 1 1 -14 11 -6 6
Intermediate
(bottom) 1 1 2 2 6 -4 4 1
Quter
(bottom) 4 2 3 4 2 6 3 3

Table 1.2 Octahedral tilt angles along the <010> direction for experimental B6TFMO are
approximated from iDPC images in Figure 1.7 (a), and compared to structures of five-layered
Aurivillius phases A;BisTisO1s determined from literature neutron diffraction data [156]
(Figure 1.7 (d to g)) and DFT simulated configurations (Figure 1.7 (b) and (c)). This table shows
the degree of tilt for the BOs octahedra away from 0 ° for the irrep X3 tilt mode (out-of-plane
(parallel to c) anti-phase tilting of the octahedra with respect to each other in the a-b plane).
Values for the experimental BGTFMO [100] are averaged as measured from Figure 1.7 (a)
which can be also seen in Figure 3.4 (g) of the main text. The average was calculated from the
four columns as observed in Figure 1.7 (a), where the value for the outer and intermediate
layers were each averaged over eight values (four from the top layer and four from the
bottom layer). In this table, a minus value (—) indicates a tilt towards the left while a plus value
(+) indicates a tilt towards the right. With the exception of Figure 1.7 (b) and (c) (Configuration:
a and Configuration: b), the tilting direction alternates between right and left (+/-) for the
structures shown in Figure 1.7 as one moves through the perovskite layer in both the c-axis
and b-axis direction. The DFT configurations which include Mn, Fe and Ti at the B-sites are
more complex than the neutron diffraction crystallographic file structures from
Ismunander et al. [156] (having only Ti at the B-sites) and have two distinct columns (marked
1 and 2 in Figure 1.7 (b) and (c)), where the tilt angles differ due to the differing arrangement
of the B-site cations within the Aurivillius half-unit cell. DFT Configuration: a and the neutron
diffraction data have perovskite blocks where there are only three unique layers across the
five perovskite sites. The two outer layers (top and bottom) have an equivalent arrangement
of B-cations and the two intermediate layers (top and bottom) have an equivalent
arrangement of B-cations. Therefore, the two outer and two intermediate octahedra in the

five-layered perovskite block have the same degree of tilt, but with differing direction, as
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indicated by the +/- sign. In DFT Configuration: b there are five unique layers in the perovskite
block at the centre of the unit cell (Figure 1.7(c) ii, Figure 1.8 and Figure 1.9). The two outer
layers (top and bottom) are not equivalent nor are the two intermediate layers (top and

bottom), therefore five tilt values are obtained for this structure.
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Figure 1.8 The positions of all oxygen and B-site atoms can be accurately measured from the

DFT simulated structures. This figure displays bond angles at each B-site cation (Ti/Fe/Mn)

between two B-O bonds along the c-direction for both calculated atomic configurations. In

general, the bond angle deviates from 180 ° due to displacement of Ti/Fe/Mn atoms as well

as octahedral tilting along the a-direction. The Ti/Fe/Mn-O bond lengths are shown. As

discussed in the main text, short (ls) and long (i) bonds along the c-direction are observed

going from the centre layer to the outer layer. The displacement (d;) of Ti/Fe/Mn is defined

along the c-direction as (li - Is)/2, shown in red text in the figure. In agreement with

experimental STEM data, d; of Ti/Fe/Mn increases going from the centre layer to the outer

layer.
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Figure 1.9 The positions of all oxygen and B-site atoms can be accurately measured from the
DFT simulated structures. This figure displays bond angles at each oxygen (0)-site between
two B-0 bonds along the c-direction for both calculated atomic configuration. Without any
distortion or tilting, the angle should be 180 °. Overall, the angles deviate from 180 °

significantly (by 12.87 ° to 27.58 °) along the b-direction at the centre layer. Note that
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Configuration: a and Configuration: b have different atomic arrangements of Ti/Fe/Mn atoms,

which results in different magnitudes for the tilt angles.
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Il. Appendix - Supporting Information for Chapter 4
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Figure 1.1 Simulated XRD patterns showing the (00/) reflections, produced for m =4, 5 and 6

Aurivillius phases using DIFFaX software package [1].
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20 peak position 20 peak position projected
Reflection simulated from DIFFaX from VESTA

m=5 . .

(002) 3.5785 3.5785
(004) 7.1604 7.1604
(006) 10.749 10.749
(008) 14.349 14.349
(0o010) 17.963 17.963
(0012) 21.595 21.595
(0014) 25.249 25.249
(oo1e) 28.929 28.929
(0018) 32.640 32.640
(0020) 36.387 36.387
(0022) 40.175 40.175
(0024) 44.008 44.008
(0026) 47.895 47.895

Table 1.1 Peak positions of reflection values for the m =5 Aurivillius phase structure as

displayed in Appendix Il Figure 1.1 A comparison is shown between peak position values

simulated using DIFFaX vs reflections obtained from a VESTA projection of the experimental

CIF data file from XRD data from Garcia-Guaderrama et al. [258]
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Figure 1.2 Schematic showing positions of m=4 and m =6 intergrowth within an m=5
Aurivillius structure as simulated in Figure 4.4 (a) in the main text. Here a) represents
structure corresponding to the plot “far apart” where the intergrowths are 19.5 unit cells
apart. b) represents the structure which corresponds to the plot “close” with the intergrowths

1.5 unit cells apart.

The outputs in Figure 4.2 (b) and Figure 11.2 represent how the stacking of the layers
are ordered when simulating XRD patterns using DIFFaX. A unique, fixed sequence of layers
can be defined and in this work a variety of stacking orders were calculated. Each row in Figure

4.2 (b) and Figure 1.2 represent a unit cell of the structure.
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Figure 1.3 5 pum x 5 um AFM images of the bismuth based films after the initial DLI-CVD
deposition at 630 °C but before the post anneal at 850 °Con a) 0.2 °, b) 10 ° mis-cut sapphire

substrates with RMS values of 42.92 nm and 32.32 nm respectively.
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Figure 1.4 a) X-ray diffraction patterns of BGTFMO films deposited on sapphire substrates
with vicinal surfaces having mis-cut angles of 0.2 ° (plot shown in black), 0.5 ° (plot shown in
red), 3.5 ° (plot shown in blue), 6 ° (plot shown in green) and 10 ° (plot shown in purple).
10 um x 10 um AFM images of the B6TFMO films on b) 0.2 °,¢c) 0.5°,d)3.5°% e)6°andf) 10°

mis-cut sapphire substrates.
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B6TFMO thin films were also grown on 3.5 ° and 6 ° mis-cut sapphire substrates under the
same conditions as described in Chapter 4 Section 4.2. After XRD analysis the patterns from
the 3.5 °, 6 ° and 10 ° sample were found to be very similar and just one (the B6TFMO film on
10 ° mis-cut sapphire) was selected alongside the B6TFMO films on 0.2 ° and 0.5 ° sapphire

substrates for STEM analysis.

150

100

°
Angle (deg)

-100

-150

Figure 1.5 HAADF STEM images of B6TFMO thin film on 0.5 * mis-cut sapphire where
polarisation displacement vectors of the B-site cation are mapped using TEMUL toolkit [2]. In
this figure, the colour of the arrow indicates the direction polarisation is pointing in, with
yellow (orientated 0 °) pointing towards the right and blue (orientated 180 °) pointing towards
the left. In the inset to the right, the size of the arrow correlates to the magnitude of the
displacement of the B-site cation. The dashed yellow line gives an approximate location of
charged domain walls within the image and the large arrows indicate an approximate overall
direction for the ferroelectric domains present. Inset: enlarged image of a nominally charged

180 ° Tail-to-Tail domain wall.
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Figure 11.6 HAADF STEM imaging of an area with ‘anatase’- type planar defects replacing the
[Bi,02]%* interlayer within a B6TFMO thin film on 0.2 ° sapphire. The ‘anatase’- type defect
can be seen in more closely in the green dashed inset. In the red inset the polarisation
displacement vectors of the B-site cation are mapped using TEMUL toolkit [254]. In the red
inset, the colour of the arrow indicates the direction it is pointing in, with yellow (0 °) pointing
towards right and blue (180 °) pointing towards the left, while the size of the arrow correlates
to the magnitude of the displacement of the B-site cation. Within this image ‘anatase’-like

oa_n
S

interlayers made up of stabilised by BOs octahedral forming -shaped tunnels are
interleaved between perovskite unit cells. Further nanorod precipitates, circled in blue are
also present within the perovskite blocks where the B-site cations next to the precipitates are

highly strained with the polarisation vectors pointing towards the defect.

Using polarisation vector mapping of the B-site cations around the nanorod precipitate shown
in Appendix Il Figure I1.6, the polarisation vectors of the B-site cations do appear to be
displaced away from the nanorod participate. With the polarisation vectors at either side of
the precipitate pointing towards its core. These nonstoichiometric nanoregion defects
resemble the type described by Li et al. [383] which promote hedgehog and anti-hedgehog
states of the types seen in polar and magnetic skyrmions. This indicates that defect

engineering can potentially tailor the creation of future multiferroic skyrmions in B6TFMO.
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Appendix - Supporting Information for Chapter 5

Figure Ill.1 Representative tapping mode AFM images of 800 injection B6TFMO films after
deposition at 630 °C via DLI-CVD and post anneal at 850 °C. (a) to (d) are images of the film
on a patterned sapphire substrate with domes and (e) to (g) are images of a BEGTFMO film

deposited on an un-patterned c-m sapphire substrate.
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FIB coatings
B6TFMO

Sapphire

Figure 1.2 STEM image of a FIB lamella of a B6TFMO film deposited with 800 injections on

patterned sapphire domes.
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0.5 um

FIB coatings
6TFMO.

Sapphire

Figure 1ll.3 STEM image of a 500 injection B6TFMO film on a patterned sapphire dome,
showing an example of two angles at which B6ETFMO can crystallise at. Near the bottom of
the dome, the growth angle to the substrate (demonstrated by the yellow line) is ~60 °. Here
the slope of the line is 1.9. Near the top of the dome, the angle to the substrate is ~25 °, where

the yellow line has a slope of 0.4.

Amplitude

© Pout—of-plane

Figure IlIl.4 Vertical mode PFM (VPFM) images of 800 injection B6TFMO thin films on
patterned sapphire substrates probed at 2 Vac. Within the dashed red inset is an area where
the tip was unable to track the piezo response properly, as indicated by horizontal scanning

artefacts.

252



-10000

—2K
- 100K

| 200K

——300K

J——
'_,_‘;-4,1*".:;:\? e
P P e
A gt st
F

BETFMO on
c-m sapphire

gisREsily
=20 +

B0, ey

PR Ss
P
. o

.

e

i

!
-5000 0 5000 10000

Magnetic Field (Oe)

b)

Moment (1 emu)

6047 T T ]
50 4 —— 2K r_»_,../- = L
" ——100K . e
] « 200K i = . 1
304 300K . - 1
20 4 j[ﬁ‘fﬁjﬂ '_L.__
10] B6TFMO on ’ ]
0 patterned sapphire
-10 ]
-20 i 1
o it ]
-40 e . ]
S0 T ]
601 T L T T T T T =
-10000 -5000 0 5000 10000

Magnetic Field (Oe)

Figure IIl.5 Magnetisation versus magnetic field (MH) measurements of B6TFMO on a) un-

patterned c-m and b) patterned sapphire substrates before the thin film volume has been

considered for the magnetisation values.

Table lll.1 Magnetic parameters for 800 injection B6TFMO thin films on un-patterned

B6TFMO on un-patterned c-m sapphire B6TFMO on patterned sapphire
Temperature Mg Hc Temperature Mg Hc
K emu/cm? Oe K emu/cm? Oe
2 1.63 401 2 1.87 238
100 0.54 173 100 0.74 105

200 0.55 163 200 0.60 89

300 0.40 111 300 0.43 62

c-m sapphire and patterned sapphire substrates.
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Figure IV.1 a) and b) 20 x 20 um? AFM images of two different regions of a non-continuous
B6TFMO film on sapphire deposited at 630 °C and post annealed at 850 °C for 1 hr. c) to e)
LPFM measurement using a probe voltage (Vac) of 1.0 V over a 5 x 5 um? region from the same
sample. c) topography, d) amplitude and e) phase images. The in-plane piezo response can be
visualised in d) and c) and the non-responsive substrate can also be identified by the dark
amplitude response and noisy phase signal in between the grains. f) XRD pattern of the non-

continuous B6TFMO film on sapphire, indicating the overall m =5 phase of the material.

Figure IV.2 Gwydion software was utilised to approximate the lateral dimensions for B6ETFMO
crystallite from AFM images such as the ones shown above, where a) represents the BGTFMO
film grown via a two-step deposition method on LSAT while b) represents a BGTFMO grown
via a single-step deposition method, where for a) and b) the bismuth excess used was 19.3 %

and 1.8 % respectively.
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Figure IV.3 B6TFMO films on epitaxial substrates synthesised via the two-step method. The
XRD pattern of the thin films are shown in a), where the patterns correspond to BGTFMO on
LSAT (black line), STO (red line) and NGO (blue line). AFM images of the film surfaces on b)
LSAT, c) STO and d) NGO.

AFM measurements of the B6TFMO thin films on LSAT, STO and NGO show that similarly to
the single-step technique, LSAT appears be the optimum candidate of substrate for epitaxial
growth of BGTFMO, given that film coverage is the most continuous of the three substrates
investigated. The RMS roughness of the B6TFMO films from Appendix IV Figure IV.3 were
measured to be 1.71nm, 592 nm and 2.31 nm for growth on LSAT, STO and NGO

respectively.
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Figure IV.4 Topography images along with line profiles of the surface features on B6TFMO
thin films on LSAT with different percent bismuth excess used during deposition. a) and b) 5
X 5um? scans of B6TFMO films deposited with 50.6 % and 17.7 % bismuth excess,
respectively, where large Bi,O3 impurities dominate the surface topography. c) and d) 2 x
2 um? scans of B6TFMO films deposited with 5 % and 1.8 % bismuth excess where the
Aurivillius phase dominates the surface topography with much smaller volumes of impurities
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Figure IV.5 AFM image of BGTFMO deposited with a 5 % bismuth excess. b) Line profiles of
the heights of three features on the thin films surface from image a) Where line 1 represents
Impurity 2a and line 2 represents Impurity 2b as in the main text. Line 3 could represent the

initial stages of Impurity 2a or potentially the start of another Aurivillius 2D Island.
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Figure IV.6 Conductive AFM images of the 50.6 % bismuth excess film on LSAT where a) is the

height topography, b) is the contact current and c) is the average peak current.
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Figure IV.7 Lateral LPFM and vertical VPFM , DART-PFM height, amplitude and phase images

of B6TFMO films on LSAT (100) with a 5 % bismuth excess probed at 1 Vacand 2 Vac, for LPFM
and VPFM measurements respectively. Images (a) to (f) were performed with the cantilever
scanning direction parallel to the [010] LSAT axis. The samples were rotated 90 ° for images
(g) to (I) where the cantilever scanning direction was parallel to the [100] LSAT axis. These
images demonstrate the isotropic random distribution of in-plane and out-of-plane domains

in films ~45 nm thick for B6TFMO on LSAT (100).
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Figure IV.8 Lateral LPFM and vertical VPFM , DART-PFM height, amplitude and phase images
of B6TFMO films on STOT (100) with a 5 % bismuth excess probed at 1 Vacand 2 Vac, for LPFM
and VPFM measurements respectively. Images (a) to (f) were performed with the cantilever
scanning direction parallel to the [010] STO axis. The samples were rotated 90 ° for images (g)
to (I) where the cantilever scanning direction was parallel to the [100] STO axis. These images

demonstrate the isotropic random distribution of in-plane and out-of-plane domains in films

~45 nm thick for BEGTFMO on STO (100).
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