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Abstract 

Advanced soft magnetic materials are required to match high-power density and switching 

frequencies made possible by advances in wide band-gap semiconductors. Magnetic materials 

capable of operating at higher operating frequencies have the potential to reduce the size of 

power converters significantly. Amorphous magnetic alloys lack long-range atomic order and 

consequently exhibit high electrical resistivity, no macroscopic magnetocrystalline anisotropy 

and no microstructural discontinuities, e.g., grain boundaries or precipitates, on which 

magnetic domain walls can be pinned. Consequently, they show excellent performance in DC 

and AC magnetic fields due to their low hysteresis and eddy current losses. Much work on this 

class of materials has been carried out, yet there are some critical issues in design, fabrication 

and optimisation that need to be addressed.  

First, one of the main challenges is producing amorphous alloys with a lower content of 

non-magnetic elements. The alloys comprising more abundant magnetic elements show low 

amorphisation capability, so non-magnetic metals have been added to these alloys to tackle this 

issue. However, adding these elements can significantly reduce the saturation magnetisation 

and increase the cost of alloy. To overcome these hurdles, kinetic, thermodynamic and 

topological parameters have been exploited to predict and tune the amorphisation capability of 

Co-Fe-B alloys. Based on this, seven alloys with very attractive magnetic properties have been 

designed and fabricated by melt spinning. Five out of seven alloys are amorphous, highlighting 

the efficiency of the design procedure, among which there is an alloy with ultra-low coercivity, 

2.9 A/m. This substantiates the efficiency of the amorphous alloy design policy. Additionally, 

the crystallisation behaviour of alloys correlates significantly with their amorphisation ability. 

In this regard, the eutectic mode of crystallisation can be a sign of higher amorphisation ability, 

whereas alloys that crystallise through other mechanisms can offer lower amorphisation ability. 

Two in-situ crystallised alloys offer low power loss and high saturation magnetisation.  The 

surface crystallised alloy exhibits not only very low coercivity but also surprisingly 20% lower 

power loss compared to the best amorphous sample. The mechanism behind this observation 

is investigated in more detail. The surface crystallisation can be used to induce anisotropy and 

decrease the power loss of melt-spun ribbons, eliminating the need for magnetic annealing. In 

addition, it has been shown that the amorphisation capability of an alloy can be tuned, based 



on the as-mentioned parameters in order to produce an in-situ nanocrystallised alloy with 

remarkable Bs = 1.57 T. The precipitation of the kinetically-favoured metastable Co7Fe3 

nanocrystalline phase in the amorphous matrix is responsible for the high Bs of this alloy. The 

atomic structure of the amorphous matrix is evaluated based on Mössbauer spectroscopy, and 

the distribution of the hyperfine magnetic field implies that cobalt atoms form clusters and 

boron atoms undergo only short-range ordering. Therefore, designing alloy compositions using 

the as-mentioned predictive parameters can give one the opportunity to manipulate the 

microstructure of alloys to greatly benefit from their optimised properties.  

To further lower the cost of amorphous alloys, ultra-thin soft magnetic amorphous ribbons 

are fabricated via a single-step rapid-quenching process. The ribbons, with the thicknesses of 

5.5 µm, fabricated by a high speed melt spinner offer ultra-soft magnetic properties. It is shown 

that in-situ thinning process results in a substantial reduction in the cost of the material. It also 

eliminates the need for post-processing steps, providing the opportunity for mass production 

of high-performance soft magnetic amorphous ribbons at a relatively low cost. 

Despite the low hysteresis and eddy current loss of amorphous metals, the measured losses, 

especially at high frequencies, are often in excess of these classical loss contributions. To gain 

a better understanding of this observation, the measured total power loss is resolved into 

hysteresis, eddy current, and anomalous losses. It is found that the main contributor to the 

power loss is the anomalous loss that can be reduced substantially through annealing in a 

transverse magnetic field at temperatures lower than the ribbons crystallisation temperature. It 

has been shown that transverse magnetic annealing not only alters the mechanism of 

magnetisation, from domain wall motion to magnetisation rotation, but it results in domain 

pinning due to the increased number of domains by decreasing their width. The latter promotes 

the magnetisation rotation mechanism. These effects account for a 75% decline in the total 

power loss in the melt-spun ribbons, making them desirable candidates for power converters 

working at mid- and high frequency.     

In addition, soft magnetic nanocomposites can be produced through annealing the 

amorphous ribbons, with a specific composition, at temperatures higher than crystallisation 

temperature. The nanocrystallisation of Co23B6, with network-like FCC structure, in the 

amorphous matrix, leads to substantial progress in DC and AC magnetic properties of ribbons. 

These metastable complex phases with 116 atoms per unit cell are not well understood. 

Therefore, it is essential to investigate the kinetics and thermodynamics of this kind of phase 



transformation in order to identify the substantial effects of the resulting phase on magnetic 

properties. This has been done using CALPHAD and nucleation theory. As a result of 

transverse magnetic annealing leading to the combined effects of nanocrystallisation and 

coherent magnetisation rotation, the anomalous loss declines by 70% in the ribbons annealed 

at 525 °C. Therefore, this soft magnetic nanocomposite can be utilised as the core of efficient 

power convertors. 
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 Introduction 

 

Ultra-fast progress in technology has been pushing materials science boundaries towards 

Advanced Materials. These are systematically designed, fabricated and post-processed 

materials that deliver the properties needed for demanding applications [1]. Such materials 

offer a distinct superiority in performance when compared to conventional materials. To gain 

such an advantage, one method can be the fabrication and/or post-processing of materials under 

non-equilibrium conditions. Therefore, a variety of non-equilibrium techniques have been 

developed to address this demand. Rapid Solidification Processing (RSP) is amongst these 

techniques [2]. 

Alloys with no long-range atomic order have been fabricated via RSP methods from the 

gas or liquid phases. In these fabrication procedures, the solidification takes place so rapidly 

that the atoms are frozen in their liquid configuration. In other words, as a fundamental aspect 

of all rapid solidification methods, the heat released during solidification must be transferred 

with sufficient rapidity to a heat sink to preclude crystallisation [3]. Based on the structure and 

different properties of rapidly solidified materials, the atoms can undergo short-range ordering, 

but there is no long-range atomic order [4]. Although there have been many studies in the field 

of amorphous metals from 60 years ago [5–9], this field of research is relatively novel 

compared to the history of metals. 

Humanity has started to use metals, with mainly crystalline atomic structure, since 8000 

years ago. Historically, the fabrication of a range of non-crystalline metallic alloys, via vapour 

deposition, was first reported by Kramer et al. in 1934 [10]. In the same year, Brenner et al. 

[11] claimed the electrodeposition of amorphous alloys containing nickel or cobalt and 15 at.% 

of phosphorus from phosphite solutions. They confirmed the amorphous structure of the 

fabricated alloys by observing only one broad diffuse peak in the X-ray scattering pattern. This 



Chapter 1 14 

 

class of alloys have been used for many years as wear- and corrosion-resistant coatings. 

Afterwards, Duwez et al. [5] produced Au75Si25 with a liquid-like structure in 1960. Regarding 

the non-crystalline ferromagnetic alloys, the fabrication of CoP alloy was first reported in 1965 

[12]. Subsequently, Duwez’s group splat-quenched Fe-C-P and Pd-Co-Si alloys with attractive 

soft ferromagnetic properties [13,14]. The research and development on amorphous magnetic 

alloys have subsequently increased dramatically [15]. Since then, a large variety of non-

crystalline metals have been developed. 

It seems that technological advances have outpaced progress in materials science, so that 

the performance of materials can limit their technological applications. Therefore, new 

materials and processing methods should be developed to meet the ever-increasing high-tech 

criteria. From the first studies on non-crystalline alloys, it was recognised that they exhibit 

properties attractive for structural, chemical and magnetic applications. Furthermore, they were 

important in showing a characteristic that was not universally expected at the time, namely that 

crystallinity is not a prerequisite for ferromagnetism [15]. With their excellent soft-magnetic 

properties, Fe- and Co-based melt-spun ribbons were among the first non-crystalline materials 

to be exploited on a large commercial scale. In addition, their physical, mechanical, and 

corrosion-resistant properties can also be highly attractive. They may not be applicable on the 

largest scales associated with structural steels, but on the scales associated with personal items 

such as sports equipment down to micro- and nano-devices, they have so much to offer [2,15]. 

As the goal of this study is to design the composition, characterise and optimise the properties 

of soft magnetic rapidly solidified alloys, first, the parameters related to the amorphisation 

capability of the alloys are explained, and then the soft magnetic properties of such alloys are 

scrutinised in more detail. 

1.1 Glassy and amorphous alloys 

Glass can be defined as a solid with a frozen-in liquid structure. It is also referred to as a 

‘supercooled liquid’, which can be fabricated using RSP methods [16]. Accordingly, to 

understand the formation of the glass, the alterations in some physical properties during the 

cooling procedure should be evaluated. In this regard, Figure 1 illustrates the variation of the 
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specific volume of an alloy as a function of temperature. The specific volume of the molten 

alloy declines when it is cooled down. At the solidification/melting point, Tm, there is an abrupt 

drop in the specific volume of the alloy down to the value characteristic of the solid crystalline 

alloy (black line). Further decrease in temperature below Tm results in a slow reduction in the 

volume of the metal, depending on its thermal expansion behaviour [17–19]. 

Prior to crystallisation, instead of the as-mentioned sudden decline in the specific volume, 

a liquid typically undercools. It means that the liquid state can be maintained at temperatures 

well below the melting temperature before crystallisation can begin (purple line in Figure 1). 

The activation energy barrier of the formation of the solid nuclei is the main reason for 

undercooling, and this barrier is smaller when the undercooling is larger. The actual value of 

undercooling varies for different metals, but generally, the value is at best only a few tens of 

degrees [17–19].  

Even in the undercooling region, the volume still declines to the point that the liquid gets 

frozen in. This state can be defined as when the viscosity of the liquid reaches a value of 1012 

Pa.s. [2]. The temperature at which the liquid undergoes this state is traditionally named glass 

transition temperature, Tg. It should be mentioned that the glass transition temperature can be 

changed by changing the cooling rate. Therefore, Kauzmann et al.  [20] preferred to call this 

phase transition a ‘glass transformation interval’ [17–19]. Based on this observation, higher Tg 

can be achieved by increasing the cooling rate (Figure 1). In the as-mentioned procedure, the 

size of the undercooling region, Tm - Tg, can be deemed as the main parameter to distinguish a 

glass-forming alloy. Furthermore, more details on the other effective parameters are given in 

the next section.   

Different terms have been used for the solid with a lack of crystallinity. Non-crystalline, 

amorphous and glassy all refer to the solid state atomic arrangement in which there is no long-

range order. These terms have been used interchangeably, which resulted in some confusion. 

To avoid this ambiguity, it is better to differentiate such names in this thesis. First, non-

crystalline material can refer to any solid material that does not possess crystallinity. As a more 

general term, it can include amorphous and glassy materials [2]. In addition, in contrast to 

amorphous alloys, the glassy materials exhibit glass transition temperature and the 

undercooling region.  
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 Amorphisation capability  

In order to produce non-crystalline alloys, it is essential to understand the effective parameters 

leading to glassy/amorphous phase formation from the liquid. The ability of a metallic liquid 

to transform into a glassy state can be defined as glass forming ability (GFA). In addition, if 

the resulted phase is amorphous, this parameter can be called amorphisation capability (AMC). 

In this regard, GFA evaluation of bulk metallic glasses (BMGs) has received much attention in 

the last forty years [21–24]. BMGs are those non-crystalline solids obtained by continuous 

cooling from the liquid state, which have a section thickness of at least a few millimetres. It 

should be mentioned that the major criteria that have been developed to evaluate the non-

crystalline phase formation behaviour in bulk metallic glasses (BMGs) are equally applicable 

to the amorphous alloys, so GFA and AMC terms can be used interchangeably [2].  

Low cooling rate

High cooling rate

Crystal

Glass

TmT2
gT1

g

V
o
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Figure 1. Specific volume as a function of temperature for a non-glass forming (black line) and a glass 

forming alloy (purple line), reproduced from [2]. 
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From the early years of research on non-crystalline alloys produced by RSP methods, 

several empirical criteria have been proposed to explain the AMC of alloys. The most 

fundamental and, at the same time, simple criterion proposed is the minimum cooling rate at 

which the liquid can be vitrified, which depends on the alloy composition. However, as an 

experimentally determined parameter, producing the alloys in different cooling rates and 

evaluating their microstructure would be not only time-consuming, but having a variety of 

cooling rates would be an involved process as well. Thus, other theoretical, semi-empirical and 

empirical criteria have been proposed to explain glass formation in a variety of alloy systems 

[21,25,26]. 

As a case in point, Inoue [22] had formulated three basic empirical rules to predict the 

formation of BMGs based on the extensive data on the synthesis of BMGs for over a decade. 

These rules can be listed as follows: 

i. the alloy must contain at least three components. The formation of glass becomes easier 

with the increasing number of elements in the alloy system 

ii. the constituent elements should have a significant atomic size difference. It is suggested 

that the atomic size differences should be above ∼12% among the main constituent elements 

iii. the heat of mixing among the (major) constituent elements in the alloy system should 

be negative 

These rules have helped researchers to design alloy compositions with higher GFA. 

However, some glass forming alloy systems do not follow Inoue’s rules. For instance, the 

formation of binary BMGs have been reported in Ca–Al [27], Cu–Hf [24], Cu–Zr [28], Ni–Nb 

[29] and Pd–Si [30] alloy systems. Thus, in addition to the as-mentioned general rules, a variety 

of new criteria have been discovered and developed. These criteria can be categorised as 

follows [31–38]: 

1. Topological criteria: These criteria are based on the geometrical arrangement of 

atoms, bonding, and atomic size effects. The electronegativity of the constituents, first 

and second Inoue’s rules, and atomic mismatch factors can be considered as topological 

criteria [7,39–41]. The latter is explained in more detail in Chapters 2 and 3, in addition 

to Appendix A.  

2. Thermodynamic criteria: These are on the basis of thermodynamic properties of 

the system, e.g., liquidus temperature and equilibrium crystalline phases after 
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crystallisation [39,40,42–44]. Among these criteria, liquidus temperature is taken into 

account to predict AMC of alloys in Chapters 2 and 3, in addition to Appendix A, where 

the equilibrium crystalline phase is considered as another parameter to evaluate AMC. 

3. Thermal criteria: In these parameters, the thermal properties of the alloy system, 

e.g., reduced glass transition temperature, are taken into account [27,31,34]. This 

parameter is taken into account in AMC analysis of Fe-Si-B alloys in Appendix A. 

4. Kinetic criteria: These parameters are related to the cooling rate in an RSP 

method relative to the kinetics of crystallisation. The heat of mixing, as Inoue’s third 

rule, can be considered as one of the kinetic parameters [41,46,47], which is explained 

in more detail in Chapters 2 and 3. 

5. Other criteria: Recently, there have been some studies showing the correlation 

between the magnetic properties and the electronic structure of the glassy alloys with 

their GFA [48,49].    

It has been established that AMC of different alloy systems can be analysed or predicted by 

evaluating a set of criteria from different categories [50]. 

It should be noted that thermodynamics can predict the product of phase transformations 

in different alloy systems but in equilibrium conditions. In this regard, local atomic 

arrangements are essentially determined by the thermodynamics of interatomic interactions. 

Therefore, by calculating the Gibbs free energy of different possible phases in an alloy system, 

the most stable phase is the one with the minimum Gibbs free energy. The system is supposed 

to be under the equilibrium condition in such calculations. However, the RSPs include different 

procedures which are far from equilibrium, e.g., rapid heat removal by the spinning wheel, 

rapid solidification front velocity in copper mould casting, or high energy solid-state treatment 

in ball milling. In some of the as-mentioned processes, the time needed for diffusion to 

transform the melt to the equilibrium crystalline state exceeds the time needed to reach the 

metastable state. Hence during RSPs, the kinetics of the fabrication process itself can override 

the tendency of the atoms for ordering [15]. Thus, having the knowledge of the basic 

thermodynamic properties of the alloy can be useful to predict the AMC, but those properties 

related to the kinetics of crystallisation during RSP should be taken into account, as well. AMC 

of alloy systems in Chapters 2 and 3, in addition to Appendix A, has been predicted using a 

combination of structural, thermodynamic and kinetic criteria. 
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1.2 Nanocrystalline alloys 

When the size of crystals, at least in one dimension, in a polycrystalline alloy is less than 100 

nm, the alloy can be called nanocrystalline. These materials show unique properties because a 

large volume fraction of atoms is located at the grain boundaries [3,51]. This class of alloys 

can be fabricated mainly using two different strategies. One approach can be quenching the 

melt at a rate that is not high enough to vitrify the alloy. More details on this method are 

provided in Chapter 3. In the second approach, the amorphous precursor can be heat-treated 

above its crystallisation temperature with a long-range diffusion-controlled crystal growth 

which is the focus of Chapter 6 [52]. In this case, the amorphous matrix has a different 

composition compared to that of the parent amorphous alloy [3]. The atomic diffusion, leading 

to crystal growth during heat treatment can be restrained by increasing the heating and cooling 

rate. In addition, Yoshizawa et al. [53] discovered that minor addition of Cu and Nb results in 

nanocrystallisation of 10-15 nm FeSi grains in FeSiB-based glasses after heat treatment. The 

nanocrystalline alloys can be distinguished by their relatively high resistivity, mechanical 

strength, and saturation magnetisation. They also exhibit low magnetocrystalline anisotropy. 

With such properties, the nanocrystalline alloys have great potential as soft magnets [54]. Some 

of these properties will be explained in more detail in the following sections. 

1.3 Magnetic properties of rapidly solidified alloys 

Several studies have been carried out on magnetic amorphous and nanocrystalline alloys. They 

have been attracting considerable interest due to their excellent soft magnetic properties to be 

used in diverse applications. As a case in point, the amorphous ribbons can be mainly utilised 

as the core of transformers [55–58]. In addition, this type of material has been increasingly 

used as the fundamental component of magnetic actuators [59], magnetic sensors [60], flux 

concentrators [61], and magnetic shieldings [62] (Figure 2). 
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Figure 2. Application examples of rapidly quenched soft magnetic materials in (a) a magnetically 

shielded room, (b) toroidal inductors, and (c) closed-loop current sensors. 

 

Amorphous alloys can be classified in several ways. The ones of magnetic interest are 

based on either 3d transition metals (e.g., Fe, Co, Ni) or rare-earth metals (e.g., Nd, Sm). The 

former types are generally soft magnetic materials, while the latter alloys can be considered as 

semi-hard to hard magnets [15]. Amorphous alloys can also be classified into two categories: 

metal-metalloid and metal-metal alloys. In the former, the 3d transition metal atoms constitute 

about 80% and the metalloid atoms (typically B, C, P, and Si) about 20% [15]. The metal and 

metalloid atoms may be of one type or a combination of different metals and metalloids. As 

mentioned before, the difference in the atomic radii can help amorphisation, so the metalloid 

atoms, with a much smaller radius than that of Fe, Co, and Ni act as glass formers. The 

introduction of the metalloids also decreases the liquidus temperature of the alloy, which helps 

amorphisation to take place [63]. On the other hand, there is no such compositional restriction 

in the case of metal-metal type non-crystalline alloys. The second metal component, which is 

from early transition metals of 4d or 5d type (e.g., Zr, Nb, Hf), can be as small as 9–10 at.% or 

as large as nearly 50 at.% [2,15]. Therefore, in both classes, the composition of the alloy can 

be widely manipulated to achieve the desired ferromagnetic properties for a specific application 

[64]. In the following sections, first, the ferromagnetic materials, hysteresis phenomenon, and 

then the magnetic properties of amorphous alloys are reviewed. 



Chapter 1 21 

 

 Ferromagnetism 

A ferromagnetic material has spontaneous magnetisation even in the absence of an external 

field. Exchange interactions between atomic moments result in the long-range ordering, which 

is responsible for magnetisation [15,65]. The spontaneous, long-range magnetisation exists just 

below the magnetic ordering temperature, Curie temperature TC. Above TC, thermal 

perturbations deteriorate the spontaneous magnetic order, and the material behaves like a 

paramagnet. Weiss was the first to postulate the existence of magnetic domains as regions over 

which all moments are parallel to each other. Based on the modern theory of magnetism, the 

minimisation of internal energy is the main reason for the formation of domains. If there were 

no domains in a ferromagnetic material, a large region with constant magnetisation would 

produce an enormous stray field and requires a lot of magnetostatic energy. To reduce the 

energy, this region can split up into smaller magnetised regions called magnetic domains, 

which results in diminishing the stray field. Domain walls are separating domains, so the 

orientations of the magnetic moment change abruptly through the width of the domain wall, 

which can range from 5 nm to several hundred nanometers on going from hard to soft magnetic 

materials. The domains are magnetised in different directions, so the summation of the 

magnetisation vectors of the domains in the sample would be zero [15]. 

 Origin of ferromagnetism in the amorphous state 

To understand the origin of ferromagnetism in amorphous alloys, the theory of the 

ferromagnetic order should be explained. Based on quantum mechanics, the interaction 

between spins leads to ferromagnetism [66], so in a ferromagnetic material, the macroscopic 

moment is a result of the parallel alignment of several spins in one direction. This alignment is 

due to the exchange coupling between neighbouring electrons, which can be formulated as:  

𝐻 =  −
1

2
∑ 𝐽ij. 𝑆i. 𝑆j (1) 

where H denotes the Hamiltonian operator, and 𝐽ij stands for the exchange integral. In addition,  

𝑆i and 𝑆j are the spin operators of two neighbouring electrons [66]. It is worth mentioning that 
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the exchange couplings between all neighbour pairs are taken into account in Eq. (1). In 

ferromagnetic materials, the exchange integral is positive, so the Hamiltonian operator 

becomes minimum when the spins of the electrons are parallel and pointing to the same 

direction. However, in the anti-ferromagnets, the exchange integral is negative, so the 

orientation in which spins are parallel but pointing to opposite directions is energetically 

favourable. Then, volume magnetisation can be defined as the vectorial sum of all magnetic 

moments relative to the entire volume of the ferromagnetic body. Consequently, the 

fundamental characteristics of magnetic materials such as magnetic moments and Curie 

temperature mainly depend on the interaction in the atomic scale. Thus, the absence of long-

range order does not deteriorate the large scale magnetic properties of amorphous alloys. In 

addition, the decreased values of saturation magnetisation and Curie temperature of 3d-

transition metal-based amorphous alloys can be the consequence of the presence of 

nonmagnetic glass-formers in the structure [15,63]. Thus, the effect of the absence of long-

range order on the magnitude of the local magnetic moment is negligible [15]. In addition to 

high saturation magnetisation, amorphous and nanocrystalline alloys also show high relative 

permeability, low coercivity and high electrical resistivity. These properties are the best properties 

of any soft magnetic material. The exceptional soft magnetic properties of these classes of alloys 

are characterised and analysed in the rest chapters of this thesis.  

 Magnetic Hysteresis and Magnetisation Reversal 

As an essential characteristic, when a cyclic magnetic field is applied to a ferromagnet, it shows 

hysteresis behaviour. This behaviour is the result of the irreversible nonlinear response of 

magnetisation, M, to an applied magnetic field, H [67]. The detailed mechanism of 

magnetisation of a ferromagnetic material can be explained accordingly.  

Figure 3 depicts the magnetisation curve, including four sequential steps. At H = 0, the 

ferromagnetic material is in a virgin state, where the domains are magnetised in different 

directions [15]. By applying a weak magnetic field (0 < H < HR, HR < 0.1Hc), the domains, 

with the largest component of M along with H, would grow by domain wall motion (region I). 

At this stage, the initial slope of the loop can be defined as initial permeability, μi. It should be 

mentioned that the magnetisation would generate a magnetic field inside a magnetic material, 
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B, which can be formulated as B= μ0(H+M). By increasing H (0.1Hc < H < Hc), B increases 

sharply, and as a result, the permeability reaches its maximum value, μmax (region II). In this 

region, magnetisation occurs through large irreversible Barkhausen jumps. By the end of stage 

II, the domains within which the magnetisation direction is along H has grown to their 

maximum size. The remained unaligned domains are narrow domain regions such as closure 

domains, with non-zero components of magnetisation at right angles to the applied field 

direction. In region III, when Hc < H < Hk, mainly rotational processes in addition to minor 

domain wall motions change the magnetisation direction of these domains towards the applied 

field. The magnetisation in these domains must be rotated into the field direction to minimise 

the potential energy. More energy is needed in this stage as the magnetisation should rotate 

away from the easy axis. In region IV (H > Hk), magnetisation approaches its saturation (Ms) 

which occurs by microscopic reversible rotations in the areas around defects where spin states 

are inhomogeneous. At saturation, all magnetic domains are aligned with the applied field 

direction, and magnetisation is maximal and Bs = μ0(H + Ms)  [15,68]. 

After reaching Hmax, the field starts to decline (Hk < H <Hmax), implying that the domains 

rotate back to their easy direction. As mentioned before, this rotation is mainly a lossless 

reversible process, which is equivalent to non-hysteresis rotation; however, by a further 

decrease in H (0 < H < Hk), the domain wall jumps from a local energy minimum to the next, 

which is a lossy irreversible procedure. Actually, the lines of the B-H loop diverge when the 

field is decreasing, owing to the as-mentioned lossy processes (Figures 3 and 4). At H = 0, the 

ferromagnet is in a metastable remanent state with a non-zero magnetisation, MR. In other 

words, increasing H in the opposite direction to the magnetisation triggers the process of 

magnetisation reversal, which can be evaluated by the point at which M = 0, known as 

coercivity, Hc, in which domains are oriented to cancel net magnetisation (Figure 4). This 

parameter can be used to evaluate the magnetic softness/hardness of the material. It should be 

mentioned that it is more difficult to magnetise a ferromagnet with a high Hc (hard magnets) 

compared to the ones with low Hc (soft magnets). Thus, by applying a cyclic magnetic field, 

the ferromagnetic materials respond in a way that can be illustrated as a B-H loop (Figure 4) 

[15]. Different features of B-H loops are analysed and compared for different samples in the 
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rest chapters. Therefore, as Hc is the core of many discussions in this thesis, the effect of 

different parameters on Hc can be summarised in the following section. 

Hk Hc HR 

Rotations Microscopic rotations 

Irrev. Rev.

movements 

B

H 

DW 

I        II                 III                                IV

 

Figure 3. Schematic magnetisation curve including four subsequent mechanisms of magnetisation 

process, reproduced from [68]. 

 Magnetic anisotropy 

Low magnetic anisotropy is the fundamental condition for a material to have the properties of 

a good soft magnet with a narrow hysteresis loop (Figure 4). Magnetic anisotropy can be 

defined as the energy density required to rotate the magnetisation vector out of its energetically 

preferred orientation which is called the magnetic easy-axis. Taking into account its origin, 

there are several types of anisotropy, such as shape (arisen from geometrical characteristics of 

the ferromagnetic material), magnetoelastic (arisen from the internal coupling between elastic 

and magnetic properties), and exchange (arisen from the interaction among magnetic 

atoms/species within the material) anisotropies [15]. There are several types of anisotropy, such 

as shape, magnetoelastic and exchange anisotropies. Nonetheless, among these different types, 

the magnetocrystalline anisotropy, as an intrinsic property, can have the greatest contribution. 

Thus, the magnetisation process is different when the field is applied along with different 
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crystallographic directions, so the anisotropy reflects the crystal symmetry. This type of 

anisotropy stems from the crystal-field interaction, spin-orbit coupling, or interatomic dipole-

dipole interaction [67]. In the polycrystalline structure with the structural length (grain size) of 

D, each of the grains have their preferred magnetic orientation. Therefore, the magnetisation 

behaviour of the material depends on the local magnetocrystalline anisotropy constant, K, of 

the grains. 

Ms

Hc

M
 o

r 
B

H 

MR

 

Figure 4. Magnetic hysteresis loop of a soft ferromagnetic material. 

 

There are different methods to minimise magnetocrystalline anisotropy. First, it is 

established that the materials with large grains and/or cubic atomic structures demonstrate 

lower anisotropy. In addition, a textured structure with an easy axis parallel to the direction of 

the magnetic field, like silicon steels, can be another example of low-anisotropy materials [64]. 

However, in the case of materials with a small correlation length, the mechanism of 
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magnetisation with respect to magnetocrystalline anisotropy is different. This mechanism can 

be explained through the random anisotropy model in section 1.3.5.1. 

 

 Coercivity  

As an extrinsic property, coercivity is a function of the structure of the material. In other words, 

any structural features which influence the domain wall motion can change the coercivity. To 

have a better understanding of this parameter, it is useful to analyse the movement of a domain 

wall with respect to its interaction with the structure. In this regard, the gradient of the potential 

energy of a moving domain wall determines the ease or difficulty of its motion. The application 

of a magnetic field exerts pressure on a 180° domain wall, equal to 2MsHcosθ, where θ is the 

angle between the applied field and the magnetisation directions [3]. By applying this pressure, 

a domain wall can reversibly move in its potential valley. By increasing the intensity of the 

applied field, the potential energy of a domain wall exceeds the maximum intensity that it can 

have in the current valley. If the pressure is such as to move the wall to a position of larger wall 

energy density, the field pressure will be opposed by the wall energy density gradient, dσdw/dx. 

Thus, the domain jumps irreversibly, which implies that its potential energy reached the peak 

of the next potential valley. These irreversible jumps cause the hysteresis behaviour and 

determine the significance of the coercivity [3,68]. Accordingly, the greater the fluctuations in 

wall energy with position, the higher the field needed to move the wall, so Hc is proportional 

to (2/Ms).dσdw/dx. On the other hand, if the potential energy of a domain wall was independent 

of its position in the structure, the wall could move by applying a relatively weak field. 

However, structural defects can result in the dependence of wall energy on its position in the 

structure, so in most materials higher field is needed to move domain walls [15]. This effect 

can lead to domain wall pinning.  

Structural defects should have two conditions to be able to pin the domain wall. First, they 

should show very different magnetic properties compared to the matrix. In addition, their 

dimensions must be comparable to the domain wall width [15]. For very small defects, the wall 
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energy gradient varies linearly with defect size divided by domain wall width [3], indicating 

that the defect cannot pin the domain wall. 

Based on these conditions, there can be several pinning centres in the structure. For 

instance, defects in different dimensions, e.g., line (dislocations), planar (grain boundaries), 

and bulk defects (inclusions) can pin the domain walls. On a larger scale, local anisotropies in 

the grains also can hinder the motion of domain walls. This effect will be discussed in more 

detail in the following section. Additionally, surface features, e.g., roughness or scratches, can 

also act as pinning centres, especially in the case of melt-spun ribbons. As many of these 

structural features can be characterised in a ferromagnet, in the case of domain wall pinning, 

they function simultaneously. However, depending on the structure of the material, some of 

these mechanisms can be considered as dominant mechanisms [3]. 

As far as structural features effective on pinning procedure are concerned, there are not 

many pinning centres in the amorphous structure, e.g., there are no grain and grain boundaries. 

In addition, as these alloys are fabricated through quenching the melt, there is not enough time 

for diffusion and precipitation of crystalline phases. Thus, amorphous materials are structurally 

homogenous, which implies that the size of possible defects, 2-3 nm, is much less than the size 

of the wide domain walls, 5-10 nm for Co-based and 20-40 nm for Fe-based alloys [3]. 

Therefore, the domain can easily move in the amorphous structure, resulting in low coercivity 

and high permeability of these materials. However, the coercivity of nanocrystalline alloys can 

change in a wide range depending on the magnetocrystalline anisotropy of individual grains, 

grain size and the structure of grain boundaries [3]. The dependence of coercivity on grain size 

is explained through the random anisotropy model in the following section. In addition, 

coercivity is a DC magnetic characteristic that is also effective on AC magnetic behaviour of 

the material through hysteresis loss which is discussed in the 1.3.3 section. 

1.3.5.1 Random anisotropy model 

Magnetic anisotropy as a result of long-range atomic order is not obviously the case in 

amorphous alloys. Hence, no fundamental anisotropy constant attributed to a specific 

amorphous alloy, of a particular composition, has been defined. Nevertheless, the same local 
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field which leads to magnetocrystalline anisotropy in crystalline alloys contributes to the soft 

magnetic properties of non-crystalline materials on a scale of a few nanometers [69]. However, 

the local atomic order of amorphous magnetic alloys, which varies randomly in direction, gives 

rise to a random anisotropy that plays an essential role in their magnetic properties. As the local 

atomic order in amorphous alloys varies randomly, the orientation and strength of the so-called 

local field depend on its position, which is the reason why this type of anisotropy has been 

called random anisotropy. Although this kind of anisotropy might be averaged out in some soft 

magnetic materials, the mechanism of averaging and the magnitude of this anisotropy on the 

macroscopic magnetic behaviour of this class of materials should be evaluated [15].  

The random anisotropy model stems from minimising two competing mechanisms in the 

free energy equation. The first mechanism, exchange interaction, promotes long-range 

correlation in the magnetisation direction, and the second one, magnetic anisotropy, favours 

short-range fluctuations in the magnetisation direction [64]. It is assumed that the 

ferromagnetic material is composed of structural building blocks, with the size of D, in which 

the magnetic anisotropy axes is in the same direction, e.g., grains in nanostructured materials. 

The exchange interaction is effective in orienting the local magnetisation of the structural 

features towards the direction of the magnetic field on a scale smaller than L0, which can be 

calculated as [64]: 

𝐿0 = 𝜑0√𝐴/𝐾1 (2) 

where K1 is the local anisotropy constant, A as the exchange stiffness constant represents the 

intensity of exchange interactions among the local magnetic moments, 𝜑0 = 𝛼√8/(3𝛽), 

including α and β as dimensionless factors, where α corresponds to the average angle between 

the easiest axes of adjacent exchange-coupled regions, and β is related to the symmetry of the 

random anisotropy axis, so φ0 is a dimensionless parameter of the order of one. This basic 

ferromagnetic correlation length (L0) represents the characteristic minimum scale below which 

the direction of magnetisation cannot vary appreciably. It determines, for example, the 

magnitude of the domain wall width for grains larger than L0. The ferromagnetic correlation 

length for Co-based and Fe-based alloys are 5-10 nm and 20-40 nm, respectively. It can be 

concluded that amorphous, with D ≈ atomic scale, and nanocrystalline, with D ≈ 5–40 nm, 
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alloys fall into the regime where the structural correlation length (D) is smaller than 

ferromagnetic correlation length (L0) and exchange interactions can average the local randomly 

oriented anisotropies of nanograins (Figure 5) [64]. 

Based on the random anisotropy model, the magnetisation direction is kept constant by 

exchange interactions in the volume of 𝑉ex = 𝐿ex
3  in which Lex is exchange correlation length. 

The average anisotropy over the randomly oriented anisotropies of the N = (Lex/D)3 grains in 

the exchange-coupled volume is determined by statistical fluctuations. The average anisotropy 

constant 〈𝐾1〉 hence scales as [64]: 

〈𝐾1〉 = 𝐾1/√𝑁 = 𝐾1. (𝐷/𝐿ex)3/2 (3) 

Figure 5. Coercivity, Hc, versus structural correlation length, D, for a variety of soft magnetic 

amorphous, nanocrystalline and crystalline alloys, reproduced from [99–101]. 
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By replacing 𝐾1 in Eq. (2) with 〈𝐾1〉,  Lex can be calculated as: 

𝐿ex = 𝜑0√𝐴/〈𝐾1〉 (4) 

Thus, based on these calculations, when D < L0, the anisotropy can be averaged out by 

exchange interactions, and as a result, Lex can be calculated in which L0 < Lex, implying that 

the exchange interactions are effective over a larger area. Therefore, the average anisotropy 

constant 〈𝐾1〉 for the local anisotropy constant K1 can be calculated as [64]:  

〈𝐾1〉 = 𝐾1(𝐷/𝐿0)6 (5) 

When anisotropies of structural features are averaged out through random anisotropy 

model, coercivity and initial permeability, μi, can be calculated as: 

𝐻c =  𝑝c

𝐾1𝐷6

𝐽s𝐿0
6  (6) 

𝜇i =  𝑝μ

𝐽s
2𝐿0

6

𝜇0𝐾1𝐷6
 (7) 

where Js is the average saturation polarisation of the material, pc and pμ are dimensionless pre-

factors of the order of unity, and μ0 is the vacuum permeability. Therefore, based on Equation 

6, coercivity increases abruptly with grain size when the grain size is less than the 

ferromagnetic correlation length. It is worth mentioning that, due to the effect of exchange 

interactions in averaging out the anisotropy constant, the renormalised exchange length, Lex, is 

almost two orders of magnitude larger than the basic ferromagnetic exchange length L0 [15]. 

This effect can be reflected in the domain size of amorphous materials. Based on this, in 

amorphous metals, the weak local anisotropies, like short-range ordered regions, can barely 

disturb the exchange interactions between magnetic moments, and, as a result, this kind of 

materials have domain sizes in the micrometre scale, which is confirmed by the magnetic 

domain images in Chapters 4, 5 and 6. This effect can be illustrated in the dependence of Hc on 

the structural correlation length (Figure 5). In this regard, amorphous materials with the 

smallest structural correlation lengths, in the scale of atomic distance, offer the lowest 
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coercivities. In the nanocrystalline materials, the anisotropies can be averaged out when D < L0, 

but with an increase in D, Hc varies as the sixth power of the grain size based on Equation 6 

[70]. Then, the coercive force reaches its maximum value when Lex/D decreases toward unity, 

where the orientation of the local anisotropies constrains the magnetisation vector more 

effectively. The 1/D dependence of coercivity for large grain sizes reflects the conventional 

rule that good soft magnetic properties require very large grains (D > 100 μm) through which 

domain walls can move easily without being hindered or pinned [15]. 

 

 AC magnetic properties 

Amorphous materials mainly target power conversion applications at higher frequencies. An 

increase in switching frequency reduces the required energy to be stored in power converters. 

This satisfies the need for a smaller footprint, better manufacturability, and higher 

performance power electronics [57]. However, devices, passive components, and circuit 

designs are required which can operate efficiently at the necessary frequencies [71]. In this 

regard, the efficiency of the device comprised of the magnetic material is one of the most 

frequently stated problems with high-frequency passive components. In other words, the 

advances in power conversion technologies have outpaced the progress in soft magnetic 

materials. This has made this class of magnetic materials the main pitfall in the miniaturisation 

of devices [72,73]. In this respect,  although amorphous and nanocrystalline alloys usually 

exhibit excellent soft magnetic properties under quasistatic conditions; however, these 

characteristics degrade rapidly with increasing frequency [15]. This degradation can be 

estimated by evaluating the magnetic loss of these materials, which will be explained in more 

detail in Chapters 2, 5 and 6. 

The magnetic loss can be defined as the summation of different energy dissipation 

mechanisms taking place when a magnetic material is subject to a time-varying external field 

H(t), by which magnetic flux density of B(t) is induced. Because of the inherent irreversible 

nature of magnetisation processes, part of the energy injected into the system by the external 
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field is irrecoverably transformed into heat. In a cyclic field of frequency f, the loss per cycle, 

that is, the energy per unit volume converted into heat, is given by [68]: 

 

𝑊 = ∫ 𝐻
𝑑𝐵

𝑑𝑡
𝑑𝑡 (8) 

Magnetic losses are often expressed per cycle (P = f × W), in which case they have units 

W/m3 or W/kg. As mentioned before, during the magnetisation process, various mechanisms 

can contribute to magnetic loss. A major issue in the evaluation of magnetic materials is 

understanding and predicting their complex loss behaviour with respect to these mechanisms. 

In this regard, the total power loss (Pt) can be separated into three different mechanisms, 

namely hysteresis loss (Ph), eddy current loss (Pec) and anomalous loss (Pa) [63,72,74]: 

1.3.6.1 Hysteresis loss 

Hysteresis loss is related to the irreversibility of the quasistatic B-H loop. The area inside the 

B-H loop is the energy per unit volume lost per cycle in magnetising the material, which is 

called hysteresis loss. Several models have been proposed to calculate different constituents of 

power loss [75–78]. In AC applications, the hysteresis loss can be calculated as the frequency 

times the loop area [15]. An empirical method can also be used to estimate the hysteresis 

loss [72]: 

where Bac represents the applied AC flux density, and Bs is the saturation magnetic flux density. 

As can be seen in Eq. (10), the smaller the coercivity, the smaller is the hysteresis loss. This loss 

is a result of the interaction between the applied alternating magnetic field and the 

microstructure of the material. As it is described in the 1.3.3 section, the domain wall motion 

can be hindered or pinned by different types of defects, and by increasing the pressure of the 

𝑃t = 𝑃h + 𝑃ec + 𝑃a (9) 

𝑃h = 4𝑓𝐵ac
2

𝐻c

𝐵s
 (10) 
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magnetic field on the pinned domain wall, it can jump over the defect through the Barkhausen 

mechanism. Local eddy current arises from each of such jumps as the abrupt change in the magnetic 

induction takes place. The local eddy current is the main mechanism responsible for heat 

dissipation in metallic systems. The amount of heat depends on the height of the energy barrier 

created by the pinning obstacle. Thus, the hysteresis loss is the sum of the heat dissipated during 

all Barkhausen jumps in a magnetic material [68]. 

1.3.6.2 Eddy current loss 

The coercivity increases when the B-H loop is measured at high frequencies which can be due 

to other mechanisms of power loss rather than just hysteresis loss. Based on Faraday’s law, 

when the magnetic flux changes at higher frequencies, a voltage is induced in the magnetic 

material. Then, the direction of the induced voltage is such that the resulting current opposes 

the initial flux change based on Lenz’s law [15]. Such currents flow in the cross-section of the 

magnetic core perpendicular to the magnetic induction vector and are named eddy currents 

[79].  

Alternating current cannot be distributed homogenously in a conductor. Also, when it 

comes to a magnetic material exposed to an AC field, the intensity of the field is maximum on 

the surface and decreases with greater depth inside the material, which can be defined as skin 

effect. The limitation in the penetration depth of the flux arises from eddy currents. 

Accordingly, the skin depth δ can be estimated as the depth where B falls to 1/e of its value at 

the surface [15,67,68]: 

where ρ is the resistivity, 𝜇𝑟 denotes the relative permeability of the material, 𝜇0 is the 

permeability of free space, and f is the AC frequency in hertz. As a case in point, electrical 

steel, Fe94Si6, shows electrical resistivity of 50 μΩ.cm and relative permeability of 20000. The 

skin depth of this type of material is 0.36 mm and 3.6 μm at 50 Hz and 500 kHz, respectively 

[67]. If the skin depth is appreciably smaller than the sample dimension, perpendicular to the 

𝛿 = √
𝜌

𝜋𝜇r𝜇0𝑓
 (11) 
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dimension of the applied field, then a significant volume fraction of the magnetic material is 

unresponsive to the field, and, effectively, the permeability is reduced [15]. For this case, the 

classical eddy current loss increases significantly as frequency rises. Thus, the magnetic cores 

are generally composed of insulated magnetic particles, flakes or laminations where the 

thickness of the magnetic material is chosen to be less than δ, at the application frequency, so 

that the applied field can penetrate each one [67]. 

According to John Barranger’s model [80], classical eddy current loss can be calculated 

as: 

where t is the thickness of the lamination, δ is the skin depth, b and l are the width and length 

of the lamination, ω is the excitation radian frequency, and ρ is the resistivity of the material. 

Once the magnetic component thickness is less than one skin depth, its classical eddy current 

loss can be simplified to 

Based on these equations, the eddy current loss can be diminished by decreasing the 

thickness of the magnetic component or using highly resistive magnetic material. Both of these 

physical and electrical properties have been documented in soft magnetic melt-spun ribbons. 

In the case of the latter, the high electrical resistivity of amorphous materials (of the order of 

120 μΩ.cm), is due to the very short mean free paths of the order of one or two atomic spacings 

in the disordered structure [81]. Therefore, apart from Ferrites, magnetic cores of devices are 

not usually made of bulk soft magnetic materials [68], and the amorphous ribbons are attractive 

for higher frequency operation [3,15]. The value of the actual measured AC loss is always 

greater than the summation of hysteresis and classical eddy current losses, the sum of which 

can be called classical loss. The excess of the measured loss over the classical loss is called the 

anomalous loss [15].  

𝑃𝑒 =
𝜔2𝐵ac

2 𝑏𝛿

8𝜌𝑙
(

𝑠𝑖𝑛ℎ (
𝑡
𝛿

) − 𝑠𝑖𝑛 (
𝑡
𝛿

)

𝑐𝑜𝑠ℎ (
𝑡
𝛿

) + 𝑐𝑜𝑠 (
𝑡
𝛿

)
) (12) 

𝑃𝑒 =
(𝜋𝑡𝑓𝐵ac)2

6𝜌
 (13) 
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1.3.6.3 Anomalous loss 

As mentioned before, the increase in B-H loop area, resulting from increased frequency of the 

applied magnetic field, is understood to be not only because of classical but also excess or 

anomalous loss. The origin of the anomalous loss is eddy currents induced around the active 

walls involved in the magnetisation process [79]. Having many active domain walls in the 

structure of the material can limit the domain wall motion. However, the density of domains in 

the magnetic structure of amorphous alloys and single crystals is low due to the shortage of 

domain nucleation sites. Thus, the soft magnetic behaviour of such materials degrades when 

frequency increases. Given that the number of active domain walls can be increased by 

inducing anisotropy and/or changing the microstructure of amorphous alloys, making them 

attractive for higher-frequency applications [15]. As a case in point, the precipitated crystals in 

the amorphous matrix can act as domain nucleation sites. However, the size and anisotropy of 

the crystals should be such that their benefits in terms of decreasing the anomalous loss by 

domain wall nucleation and pinning outweigh their negative effect on hysteresis loss through 

domain wall pinning and enhanced magneto-crystalline anisotropy. Additionally, the volume 

density of the crystalline phase should be small (1-2 vol%) as the excessive portion of such 

phase leads to stresses and domain wall pinning, degrading both DC and AC properties by 

raising the hysteresis loss and declining the permeability. Consequently, the limited 

nanocrystallisation of the low-anisotropy phase that strains the amorphous matrix only weakly 

can improve both the DC and AC properties of the amorphous alloys. This effect will be 

explained in detail in Chapter 6. 

In addition, the arrangement of domain walls can substantially affect anomalous loss. As 

mentioned in section 1.3.3, magnetisation proceeds through different mechanisms. The initial 

mechanism of magnetisation, in a low intensity applied field, is domain wall movement which 

contributes to the hysteresis and anomalous loss. Through this movement, the concentrated 

flux change is induced in the narrow area of the domain wall, and the magnetic response of the 

material away from the domain wall is zero. That is why this magnetisation mechanism can be 

considered inhomogeneous. The rearrangement of the domain walls from the easy axis to the 
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hard axis of the material can change the mechanism of magnetisation more towards 

homogenous domain rotation [15]. In Chapters 5 and 6, this effect is observed and discussed 

further. Consequently, the size and arrangement of magnetic domains can determine the 

magnitude of anomalous loss. As previously stated, a finer domain structure results in a lower 

anomalous loss. This kind of loss can be neglected when the domain width is much smaller 

than the specimen thickness or when magnetisation changes homogeneously by rotation, as is 

the case for flat-type hysteresis loops with small Br/Bs ratios. The square B-H loop of soft 

magnetic materials can be changed to the flat loop by inducing anisotropy perpendicular to the 

direction along which the magnetic field will be applied.  

A model in which the statistical approach was used to investigate losses in the whole 

volume of bulk material was proposed by Bertotti [75]. According to this model, it was 

concluded that in many magnetic materials, the number of movable domain walls linearly 

increases with the frequency. Additionally, the distance between domain walls is inversely 

proportional to the number of simultaneously movable domain walls in the cross-section of the 

sample [79]. Based on this model, the anomalous loss under sinusoidal flux can be calculated 

as [68]: 

 

where S is the cross-sectional area of the material, G and V0 are variables dependant on the  

material and magnetization. The numerical constant is a function of waveform shape, for 

example for a triangular waveform, it can be set as 8.  

Based on total power loss separation, it is established that there are several important 

parameters that determine the behaviour of the magnetic material in a cyclic magnetic field, 

including  𝐵max, 𝑓, ρ, and the size of the material perpendicular to the applied magnetic field 

[15]. These parameters can be categorised, based on power loss mechanisms, as structural 

parameters effective on domain wall pinning (hysteresis loss), geometrical and electrical 

resistivity (eddy current loss), and the number of active domain walls (anomalous loss). In 

addition, as the purpose of the power loss decomposition is the evaluation of the high-frequency 

behaviour of the magnetic material, the frequency dependence of the power loss mechanisms 

𝑃𝑎𝑛 = 8.8√𝐺𝑆𝑉0/𝜌(𝐵ac𝑓)3/2 (14) 
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should be taken into account. Based on Eq. (10),  the hysteresis loss per cycle is directly 

proportional to frequency. In contrast, the anomalous loss is proportional to frequency to the 

power of 1.5 (Eq. (14)) and eddy current losses are proportional to frequency to the power of 

2 (Eq. (13)) and hence are the major contributors to the total power loss at higher frequencies. 

More specifically, the anomalous loss becomes the main mechanism of power loss with 

increasing the frequency in the melt-spun ribbons, which will be discussed in Chapters 5 and 

6.  

 Figures of merit 

Miniaturisation has been essential to a variety of latest technological advances. With the 

ongoing trend toward miniaturisation of mechanical, optical, and electronic devices, ever 

smaller power convertors are needed [82]. In this regard, the high saturation flux density and 

permeability of the magnetic material implies that a lower amount of such material is needed 

for making a power converter magnetic core with a specific value of inductance. This can result 

in a decrease in the convertors’ weight-to-performance ratio. Additionally, ultra-soft magnetic 

materials are needed to satisfy the increasing global demand for efficient electrical power 

distribution and generation. Thus, saturation flux density, permeability and coercivity of the 

magnetic materials can be considered as figures of merit, and they are evaluated for different 

kinds of such materials as follows.  

In Figure 6, ferromagnetic materials are classified based on their coercivity and saturation 

flux density (Bs). Hence these materials can be divided into soft, semi-hard and hard categories 

based on their coercivity. In this regard, hard magnetic materials exhibit coercivities above 50 

kA/m, whereas this value is below 1 kA/m for soft magnets. As illustrated in the figure, 

amorphous Co-based alloys offer Hc ≤ 1 A/m, while the magnitude of this property is one order 

of magnitude higher in the case of amorphous Fe-based alloys. Furthermore, Fe-based alloys 

exhibit 50% higher Bs compared to Co-based alloys. In general, it can be pinpointed from 

Figure 6 that amorphous alloys can be deemed as the softest magnetic materials available [83]. 

Nevertheless, Fe and FeSi, with relatively high Hc and Bs (Figure 6), in comparison with 

other soft magnets, have obtained about 80% of the market share of soft magnetic materials. 
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These materials have been exploited mostly in the generation and distribution of electrical 

energy such as inductors, transformers and motors. As the eddy current losses might limit the 

application of these alloys at high frequencies, soft MnZn and NiZn ferrites have been utilised 

for frequency ranges of 1-1000 kHz and 1-1000 MHz, respectively. Compared to other soft 

magnets, ferrites offer high Hc and low Bs (Figure 6), which confines their efficiency and 

volume to performance ratio. In addition, CoFe and NiFe alloys can be identified as materials 

with lower Hc, much higher Bs and permeability compared to ferrites. Nonetheless, the high 

value of loss in such crystalline materials is the main issue when it comes to their high-

frequency applications. Although cores made from soft magnetic metals are often assembled  
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Figure 6. Coercive field vs saturation flux density for a variety of magnetic materials, reproduced 

from [83]. 

from a stack of insulated laminations to decrease the total loss, their low resistivity and 

limitation in fabricating ultra-thin laminations still constraint their high-frequency applications. 
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To bridge this gap, amorphous and nanocrystalline soft magnets with higher resistivity and 

lower eddy current losses have been developed [64]. Based on this, Fe-Si-based magnetic 

components can be replaced with their amorphous/nanocrystalline counterparts. 

Figure 7 illustrates the effective permeability, μe (measured at 1 kHz) versus saturation flux 

density, Bs, for soft magnetic materials. FeCo-based alloys exhibit particularly interesting 

magnetic properties, with high Curie temperatures, the highest saturation magnetisations, and 

relatively good mechanical properties [84]. Nevertheless, they show lower permeability 

compared to other crystalline counterparts such as ferrites and FeSi steels. Although FeSi steels 

offer much higher Bs in comparison with MnZn ferrites, their permeability can be lower than 

ferrites and much lower than amorphous/nanocrystalline alloys. 
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Figure 7. Effective permeability, μe (at 1 kHz) vs saturation flux density, Bs, for soft magnetic 

materials, reproduced from [54]. 
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Amorphous and nanocrystalline alloys offer the highest achievable permeability and 

simultaneous high saturation flux density. These types of soft magnets allow an extensive range 

of property variation through alloying. For instance, based on the alloy system, their 

permeability can be varied continuously by more than two orders of magnitude from 1×103 to 

3×105 (Figure 7) [85]. Compared to amorphous Fe-based alloys, Co-based alloys offer higher 

permeability but lower Bs. Additionally, nanocrystallisation in the case of Fe-based alloys 

results in the enhancement of μe and Bs due to the formation of soft magnetic Fe-Si solid 

solutions, whereas the formation of cobalt borides increase the Hc of amorphous Co-based 

alloys during nanocrystallisation. The optimised properties of three nanocrystalline Fe-based 

alloys are listed in Table 1 [54]. 

In addition to the exceptional magnetostatic properties of amorphous and nanocrystalline 

alloys, their high frequency soft magnetic properties have also generated considerable interest 

in this type of materials [64]. These properties are favourable for more efficient power 

conversion [89–91]. For instance, the excellent high-frequency behaviour of these materials is 

comparable to MnZn ferrites [86,92]. It should be stated that due to lower Bs of ferrites 

compared to amorphous/nanocrystalline alloys, ferrites do not suit the requirements for 

miniaturised devices.  

Table 1. Optimised magnetic properties and nanocrystalline phases in three nanostructured Fe-based 

alloys. 

Name Alloy Optimised properties Nanocrystalline phase Ref. 

FINEMET Fe-Si-B-Nb-Cu High Bs, low Hc α-FeSi DO3 [53,86] 

NANOPERM 
Fe-M-B-Cu (M= Zr, 

Nb, Hf) 

Low magnetostriction, high 

μe 
α-Fe BCC [87] 

HITPERM 
(Fe,Co)-M-B-Cu (M= 

Nb, Hf, Zr) 
High Bs, high μe, high TC B2–FeSi, (B2)-FeCo [88] 
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1.4 Motivation and scope of thesis 

This study has enhanced our understanding of the design, fabrication, 

characterisation and optimisation of amorphous and nanocrystalline soft magnetic 

alloys, which are primarily used for power conversion 

The evaluation of amorphisation capability and crystallisation behaviour of the soft magnetic 

alloys by fundamental topological, thermodynamic and kinetic criteria can be used as a 

guideline to design the alloy compositions with optimised AMC and soft magnetic properties. 

Despite many criteria to predict the amorphisation ability of alloys, it has been challenging to 

distinguish certain alloys with high amorphisation ability. As a case in point, to calculate some 

of the criteria, the thermal properties of the amorphous or glassy alloys are needed, which are 

not predictable before the fabrication of such alloys. In addition, some of the new criteria seem 

to be limited to a few alloy systems. Therefore, a multi-faceted predictive model is needed to 

predict the AMC in different alloy systems. This model, which considers topological, kinetic 

and thermodynamic parameters, can estimate the AMC of alloys without performing any 

experiments. Using this predictive model will eliminate many laborious ‘trial and error’ 

experiments needed to find an alloy composition with high amorphisation capability. 

Moreover, such a predictive model is more crucial as the alloys made of more abundant 

elements tend to show low AMC. In such cases, nonmagnetic metals are added to these 

compositions to overcome the low AMC problem. However, the presence of such metals can 

substantially decrease the saturation magnetisation of amorphous alloys, whereas high Ms is 

essential for the miniaturisation of power convertors. In addition, using these metallic elements 

can substantially increase the cost of amorphous alloys compared to the existing competing 

materials such as ferrites. Thus, optimising the AMC of ternary alloys is both interesting 

scientifically and very valuable, as one of the most important considerations for manufacturers 

is the cost of the material involved. 

In addition, most studies have tended to focus on the magnetic properties of Fe-based 

amorphous alloys, and just a few studies have been reported on the cobalt-rich ones, which is 

the focus of Chapters 2-6. Further, having the information regarding the magnetic properties 

of different alloys in Co-Fe-B system can give the opportunity to find the compositions in 



Chapter 1 42 

 

which there is a balance between saturation magnetisation and power loss for power converter 

applications. As there hasn’t been a significant step-change in decreasing the power loss of soft 

magnetic materials, especially for high-frequency devices, there is a need for a detailed 

investigation of different mechanisms of power loss (Chapters 5 and  6) and their contribution 

to the total power loss. This can serve as a guide for researchers to optimise the microstructure 

of soft magnets based on effective parameters, which mostly contribute to the power loss of 

the material. Additionally, investigation of the Co-rich side of Co-Fe-B phase diagram by one 

of the furthest from equilibrium fabrication methods, melt spinning, as well as studying their 

crystallisation, can shed light on the thermodynamic, kinetic and structural behaviour of soft 

magnetic alloys to be exploited in a variety of applications. This behaviour of the alloys in the 

case of amorphisation capability and soft magnetic properties can be extrapolated to the other 

regions of this phase diagram and even to other alloy systems.  

The cost of rapidly quenched materials limits their application. Therefore, producing more 

cost-effective materials is also addressed in this thesis. The alloys with excellent DC and AC 

magnetic properties are fabricated in a ternary Co-Fe-B system, without using any costly 

element, in Chapters 2 and 3. This has a direct impact on the cost of melt-spun ribbons used as 

power convertors’ cores. Ultra-thin soft magnetic amorphous ribbons of Co-Fe-B-Si-Nb alloy 

have been synthesised by a single step rapid-quenching approach to acquire the advantage of 

improved material performance and lower costs over commercial amorphous alloys in Chapter 

4. It has been suggested that the in-situ thinning process of amorphous ribbons significantly 

reduces the basic material cost and eliminates the need for post-processing steps; hence it 

provides the opportunity for mass production of high-performance soft magnetic amorphous 

ribbons at relatively lower costs for high-frequency applications. Therefore, this study focuses 

on filling the gaps in the research, and as a publication-based thesis, each chapter and appendix 

include a published article or a submitted manuscript, which will be summarised one by one as 

follows.  

In the second chapter, a novel multi-faceted model based on kinetic and thermodynamic 

parameters, Calculation of Phase Diagram (CALPHAD), combined with a topological 

instability parameter, is proposed to predict the amorphisation ability of Co-based alloys. Based 

on the Prediction of the model, seven Co-based alloys are designed and fabricated via melt-
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spinning, among which five of them are amorphous. The structural, DC and AC magnetic 

properties of the alloys are investigated. A detailed Mössbauer study is performed confirming 

the alloys structural features. It is proposed that the alloy with the limited surface 

nanocrystallisation can perform better than other amorphous alloys at higher frequencies due 

to induced out-of-plane anisotropy and domain wall pinning as a result of surface 

nanocrystallisation, which constraints the anomalous loss. 

The as-mentioned model, in Chapter 3, is experimentally evaluated, in order to optimise 

in-situ nanocrystallisation of rapidly quenched CoFeB alloys, with remarkable Bs = 1.57 T, by 

designing an alloy with the moderate amorphisation ability [93]. The formation of the 

metastable nanocrystalline Co7Fe3 phase is confirmed by XRD, TEM, and nucleation theory. 

Based on Mössbauer study, it is asserted that cobalt atoms form clusters, as they attract each 

other to form ordered structures, and boron atoms undergo only short-range ordering, likely 

due to covalent bond formation governed by the size and electronegativity differences with the 

atoms in the amorphous matrix. The design of nanostructured alloys based on the proposed 

model provides a practical approach to develop novel functional alloys with the desired 

combination of coercivity and saturation magnetisation.  

After working on the design of the amorphous and nanocrystalline alloys, the fabrication 

of ultra-thin Co-Fe-B-Si-Nb amorphous ribbons is explored in Chapter 4 [94]. The ultra-thin 

ribbons, with good surface quality, show ultra-soft magnetic properties. Thus, it is concluded 

high performance soft magnetic ribbons can be produced using the in-situ thinning process, 

through high-speed melt spinning, at relatively lower costs. The ultra-thin amorphous ribbons 

are continuous without any pores over a large scale and retain excellent soft magnetic 

properties. The thickness-dependent magnetic properties of the amorphous ribbons are largely 

attributed to the surface inhomogeneities and voids produced during the quenching process. 

To gain a deeper understanding of the AC magnetic behaviour of melt-spun ribbons, the 

mechanisms that limit their power loss performance at frequencies in the range 50 kHz – 1 

MHz, have been analysed in Chapter 5 [95]. The total power loss is decomposed into hysteresis, 

eddy current, and anomalous losses. It is deduced that the anomalous loss is the main 

contributor to total power loss, and it is decreased substantially through transverse magnetic 

https://www.sciencedirect.com/topics/physics-and-astronomy/magnetic-properties
https://www.sciencedirect.com/topics/physics-and-astronomy/magnetic-properties
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annealing. The mechanism of this observation is studied in detail using magneto-optic Kerr 

effect (MOKE) microscopy and domain wall energy calculations based on magnetisation data. 

Thus, heat treatment of CoFeBSiNb amorphous ribbons in a transverse magnetic field at a 

temperature in the range of 450-500 °C can render them ideal candidates for power applications, 

with a smaller footprint alternative to ferrites. 

The aim of Chapter 6 of this research is to further the current knowledge of phase 

transformation driven soft magnetic properties of cobalt-based amorphous alloys [96]. In this 

regard, a combination of structural, magnetothermal and domain imaging techniques coupled 

with related calculations are used to evaluate AC/DC magnetic properties of amorphous and 

different nanocrystalline ribbons. The nucleation of different nanocrystalline phases, including 

Co23B6, Co2B and Co3B, during magnetic annealing at different temperatures, is also studied 

in detail using thermodynamic modelling and nucleation theory. It can be concluded that the 

limited nucleation of favourable phases with low magnetocrystalline anisotropy can optimise 

the magnetic properties of Co-rich ribbons. In addition, the knowledge of soft magnetic 

nanocrystalline Co-based systems is largely based on very limited data, and this study shows 

that this type of alloys offers an interesting engineering trade-off between the extreme 

properties of amorphous and fully crystalline soft magnets. The main conclusions of the 

dissertation and outlook for future work in described in Chapter 7.  

An evaluation of the amorphisation capability of gas atomised amorphous powders is 

outlined in Appendix A. A set of predictive criteria, similar to the ones mentioned in Chapters 

2 and 3, are taken into account to predict amorphisation ability in Fe-Si-B gas atomised 

powders. In this research, different empirical and theoretical parameters are implemented to 

propose a model to predict the amorphisation capability. No one to date has put forward such 

a comprehensive model in the case of gas atomised powders. Given a production method with 

a characteristic average cooling rate, this model can be used to design alloys with a high enough 

amorphisation ability to be gas atomised.  

In Appendix B, the high-frequency core loss performance of Fe-based amorphous and 

nanocrystalline gas-atomised powder cores is investigated [98]. The soft magnetic composite 

cores exhibit excellent loss performance due to the ultra-low coercivity obtained upon 
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nanocrystallisation, and negligible eddy currents loss, owning to efficient insulation of small 

soft magnetic particles. These cores can be used in high-frequency power conversion 

applications, such as voltage regulator (VR), and resonant converters, in the automotive 

industry and data storage centres. 

The present study aimed to explore the design, fabrication, characterisation and 

optimisation of amorphous and nanocrystalline soft magnets. Through this multi-faceted piece 

of work, alloys with optimised amorphisation capability, ultra-soft DC and AC magnetic 

properties are designed, fabricated, characterised and heat treated in order to achieve the 

optimised properties. The crystallisation and power loss behaviour of alloys are investigated in 

detail. The findings of this research have improved the knowledge about amorphous and 

nanocrystalline soft magnets from the design of their composition to their low and high 

frequencies applications as the core of power converters. 
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Abstract 

In the present study, the liquidus temperature, mixing enthalpy, and atomic mismatch factor 

are used to predict and empirically evaluate the amorphisation capability of Co-Fe-B alloys 

fabricated by melt spinning. Based on this approach, five out of seven alloys have an 

amorphous structure, confirming the capability of the proposed model in predicting the alloy 

compositions with higher amorphisation ability in a ternary alloy system in the absence of any 

costly elements, such as Nb, Mo and Zr. X-ray diffraction, TEM and Mössbauer results show 

that the other two alloys exhibit different in-situ crystallisation behaviour. In one case, only the 

free-side crystallises, whereas the crystallisation occurs through the entire thickness of the 

ribbon in the other alloy. The lower amorphisation ability exhibited by these alloys in relation 

to the predictive parameters has been evaluated. Additionally, there is a strong correlation 

between amorphisation ability and crystallisation behaviour of alloys. Alloys, which crystallise 

through eutectic mode, are more likely to exhibit high amorphisation capability, whereas 

crystallisation via the primary mechanism can be the sign of lower amorphisation ability. The 

output of the alloy design process is five amorphous alloys compositions, among which one is 

magnetically ultra-soft, Hc = 2.9 A/m; a surface crystalline alloy, with 50% lower power loss, 

at high frequencies, compared to the best amorphous ribbons, due to the in-situ induced out-

of-plane anisotropy of the crystalline phase on the surface; and a nanocrystalline sample with 

a very high saturation flux density, Bs = 1.57 T. The surface crystallisation can eliminate the 

need for inducing transverse anisotropy by magnetic annealing. Therefore, optimising the alloy 

composition through this method can be a universal strategy of composition design for the 

fabrication of alloys with excellent properties, to be utilised in both high-Ms and low-Hc 

applications.  

Keywords: Alloy design, CALPHAD, Amorphisation capability, Nanostructured alloys, soft 

magnetic properties, Rapid quenching, Mössbauer studies  

2.1 Introduction 

Wide-bandgap (WBG) semiconductors permit devices to operate at much higher frequencies. 

This reduces the size requirements for passive components as a result of the decrease in the 
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required energy to be stored in power converters. However, current soft magnetic materials 

constrain the potential of WBG-based devices [1]. The pre-requisite for soft magnetic materials 

for use in these applications are high magnetisation, low coercivity and low power loss at high 

frequencies [2]. In this regard, due to the elimination of magnetocrystalline anisotropy, the 

coercivity is drastically reduced in amorphous Fe- and Co-based alloys. Thus, melt-spun 

ribbons are gaining adoption in high-frequency power electronic devices due to their low 

losses. Despite the higher initial cost of these alloys compared to silicon steel, these advanced 

alloys can diminish the total lifetime costs of power converters on account of their low losses. 

However, the saturation magnetisation (Ms) of this class of alloys is still lower than that of 

crystalline counterparts [3–5]. 

The main reason for the lower Ms of amorphous alloys is the presence of non-magnetic 

elements in their composition. These elements have been introduced in the compositions to 

stabilise the amorphous state and thus enhance the Amorphisation Capability (AMC). More 

importantly, AMC criteria are mostly either qualitative (e.g., Inoue’s empirical rules [6]) or a 

posteriori (e.g., parameters based on glass transition temperature, Tg, and liquidus temperature, 

Tl), so one has to produce the amorphous alloy to obtain the necessary values of Tg and Tl. The 

optimisation of composition design using these benchmarks is quite time-consuming [3,7]. 

Therefore, it is preferable to choose calculable, quantifiable a priori parameters like enthalpy 

of mixing (ΔHmix) [8,9], liquidus temperature (Tl) [10], and atomic size mismatch factor (λ) 

[11] to predict the AMC of alloys. This strategy can be exploited to keep the glass former 

contents as low as possible in order to retain the high Ms of the designed alloy, which is 

beneficial to drive device miniaturisation. Additionally, using a combination of these 

parameters can help us to engineer the AMC of Co- and Fe-based alloys leading to the 

manipulation of the microstructure of the alloys and achieve specific magnetic properties from 

their unique microstructure, which can be amorphous or partially crystalline. 

In this regard, to optimise the power loss behaviour of the as-quenched ribbons, transverse 

anisotropy should be induced via magnetic annealing [12]. Apart from the brittle nature of as-

annealed ribbons, which makes further processing and core fabrication difficult, the coercivity 

of the amorphous ribbons can be susceptible to processing conditions and adversely can 

increase upon annealing due to possible oxidation or crystallisation. It is possible, however, to 
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straightforwardly design an alloy composition with moderate AMC to fabricate partially 

crystallised ribbons, which can offer lower power loss [13]. Yet, instead of being a prejudicial 

factor, properly controlled in-situ crystallisation and resulting induced magnetic anisotropies 

can be a powerful tool for tuning the magnetic properties of melt-spun ribbons, according to 

the application requirements [4]. 

In this work, the relationship between the predictive AMC parameters, composition and 

the properties of Co-based alloys is systematically investigated. It is demonstrated that the 

amorphous-forming ability and, as a result, the microstructure of these alloys can be 

quantitatively estimated by implementing AMC parameters in the composition design 

procedure. Using this strategy has led to the development of three kinds of alloys comprising 

ultra-soft magnetic amorphous and in-situ surface crystallised alloys, in addition to a bulk in-

situ crystallised alloy with high saturation magnetisation. Although surface and bulk 

crystallisation is reported in Fe-based alloys [14–19], there are no reports on such 

crystallisation in Co-based samples in which results in superior DC and AC magnetic 

properties. Besides, one must take into account that the alloys with excellent DC and AC 

magnetic properties are fabricated in the ternary Co-Fe-B system in the absence of any costly 

elements. Therefore, this study is beneficial for the understanding of the correlations between 

AMC parameters, the structure and properties of the designed alloys, such as the effect of 

surface and bulk in-situ crystallisation on their soft magnetic properties. 

2.2 Experimental methods 

The equilibrium phase diagram of Co-Fe-B is thermodynamically modelled using PandatTM 

software (version 2019). The cobalt-based thermodynamic software database is utilised to 

predict the liquidus temperature of seven Co-based alloys in the Co-Fe-B system (Table 1). 

More details about the principles of Calculation of Phase Diagram (CALPHAD) method can 

be found in Appendix A of this Chapter. The starting materials, including Co pieces 99.5% 

trace metals basis (TMB), Fe chips 99.98% (TMB), and boron crystalline pieces 99.7%, all 

sourced from Sigma Aldrich, are used to prepare the 5 g arc-melted ingots. During arc melting, 

the material is heated up by an electric arc created between a copper electrode and sharp 
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welding tip (2% thoriated red-tungsten) in high purity argon. The elements to be melted are 

contained within a water-cooled copper hearth. The ingots are flipped and re-melted eight times 

to ensure homogeneity and a uniform lustre. As a precaution, high purity titanium (in a separate 

hearth) is used for the absorption of oxygen.  

Ribbons are subsequently fabricated by induction melting and melt-spinning the arc-

melted ingots (in 1 g batch) in an argon atmosphere. The detailed explanation of melt spinning 

procedure can be found in Appendix B of this Chapter. An argon jet (at an overpressure of 0.7 

bar) is used to eject the molten liquid contained in a fused silica vial. Typical experimental 

parameters and conditions applied are quartz vial of 60 mm length, 8 mm inner diameter and 

0.5 mm diameter orifice, a nozzle to wheel angle of 10 degrees from the perpendicular, a nozzle 

to wheel separation of ∼ 0.1 mm, wheel diameter of 90 mm and a wheel speed of 80 m/s. Using 

the as-mentioned conditions, ribbons of ∼ 12-14 μm thickness and ∼ 1 mm width are obtained. 

The thermal behaviour of the ribbons before any annealing treatment is evaluated by 

Differential Scanning Calorimetry (DSC) in TA Instrument DSC 2920. DSC experiments are 

performed on 20 mg of ribbons, at the heating rate of 10 K/min in the Ar atmosphere. Based 

on crystallisation temperatures observed in the DSC traces, the ribbons are thermally annealed 

at different temperatures with the heating rate of 10 K/min for 1 h to correlate the DSC peaks 

with the crystallised phases. 

The X-ray powder diffraction (XRD) data of the melt-spun ribbons are collected using a 

Phillips PANalytical X’pert Pro diffractometer, with an operational wavelength of 1.5405 Å 

(Cu-Kα anode and a Ni filter). For transmission electron microscopy (TEM) analysis, each 

selected ribbon is first processed using a focused ion beam microscope (FEI Quanta 3D FEG). 

A protective metallic (Pt-based) layer is deposited on the surface before milling to create an 

ultrathin lamella, and two stair-step FIB trenches are cut at both sides of the area of interest. 

Next, the specimen is further thinned to less than 1 µm in thickness. The obtained lamellae are 

then removed using a micromanipulator and welded onto a Cu grid suitable for transmission 

electron microscopy (TEM) analysis. Final milling down to less than 100 nm is carried out by 

employing successively lower voltages down to 2 kV. TEM imaging of the ultrathin lamellae 

is performed using a JEOL JEM-2100F (S) TEM microscope operating at 200 kV with a LaB6 

filament. In addition, the coercivity and anisotropy field of the ribbons, along their length, is 
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measured using a B-H loop tracer (at a fixed f = 10 Hz) with a maximum magnetic field of 0.1 

Tesla. Additionally, the magnetic hysteresis loops of the samples are studied by 

superconducting quantum interference device (SQUID-based) magnetometry (MPMS 5XL, 

Quantum Design, USA) at RT in fields of up to μ0H ≤ 5 T. Room temperature transmission 

Mössbauer spectra are collected using a conventional constant acceleration spectrometer with 

57Co source sealed in the Rh matrix. In this geometry, the γ-ray direction is perpendicular to 

the ribbon plane. The description and principle of the transmission Mössbauer can be seen in 

Appendix C of this Chapter. 

2.3 Results and discussions 

  Alloy design 

The critical cooling rate has been defined as the lowest possible cooling rate that the disordered 

atomic structure in metallic alloys can be retained. This is one of the primary methods to 

evaluate the AMC of rapidly quenched metallic systems. Additionally, several criteria have 

been established to evaluate this ability [6]. In this study, the following three predictive 

parameters are scrutinised to design the alloys with tuned AMC.    

2.3.1.1 Liquidus temperature 

The ratio of the glass transition temperature, Tg, to the liquidus temperature, Tl, also well-

known as reduced glass transition temperature, Trg (Equation 1), can be a good indicator of the 

AMC. The higher the value of Trg, the higher is the viscosity of the melt, and therefore the alloy 

melt is more easily solidified into the amorphous state at a lower critical cooling rate. In other 

words, an alloy composition with a high value of Tg and a low value of Tl is more capable of 

amorphisation.  

𝑇rg =
𝑇g

𝑇l
 (1) 
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The dependance of Tg and Tl on alloy composition can be studied in more detail. It has 

been experimentally proven that the value of Tg changes slowly with solute content. On the 

other hand, Tl decreases with increasing solute content in most of the alloy systems. 

Particularly, phase diagrams of some alloy systems show that liquidus curves drop very steeply 

with solute content [20]. In this regard, an alloy with a eutectic temperature significantly lower 

than the melting points of the individual elements is referred to as a ‘deep’ eutectic point. In 

such cases, the Trg value around the ‘deep’ eutectic composition is a strong function of the alloy 

composition and exhibits the highest value at the eutectic composition. Therefore, based on 

this parameter, the deep eutectic alloy should demonstrate high AMC. Based on these criteria, 

seven alloy compositions in the Co-Fe-B system have been judiciously chosen. Figure 1 

illustrates the liquidus projection in the Co-Fe-B phase diagram in which the liquidus isotherms 

Figure 1. Liquidus surface projection of the Co-Fe-B phase diagram in the Co-rich zone 

calculated by CALPHAD. Parallel lines show isotherms with a difference of 25 ºC, decreasing 

toward the eutectic point (Alloy 0). Seven studied alloy compositions and their liquidus 

temperatures are labelled in the figure. 

E 
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are shown every 25 ºC decreasing towards the eutectic point. The alloys compositions are 

chosen to have different liquidus temperatures, ranging from the eutectic point (E point in 

Figure 1), at 1051 ºC in Alloy 0, to 1279 ºC  in Alloy 3a.  

2.3.1.2 Thermodynamics of mixing 

It has been suggested that a significant negative heat of mixing, ΔHmix, would lead to an 

increase in the energy barrier at the liquid-solid interface and a decrease in the atomic 

diffusivity, which in turn increases the melt viscosity. Thus, the more negative the ΔHmix, the 

higher the AMC of an alloy [2,4]. This parameter is calculated based on the extended regular 

solution model as [8]: 

∆𝐻mix = 𝛺CoFe𝑐Co𝑐Fe + 𝛺CoB𝑐Co𝑐B + 𝛺FeB𝑐Fe𝑐B (2) 
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Figure 2. Colourmap of enthalpy of mixing (ΔHmix) in the Co-rich zone in the Co-Fe-B system. 

The studied alloys and their enthalpy of mixing are illustrated in the ternary diagram. 

where 𝛺ij is the regular solution interaction parameter between i and j elements, which can be 

expressed by the mixing enthalpy of binary alloys (𝛺ij = 4∆𝐻mix
𝑖𝑗

), and 𝑐𝑖 is the molar fraction 

of the i element [22]. A ternary diagram of enthalpy of mixing in the Co-Fe-B system is 
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presented in Figure 2. The labelled alloy compositions demonstrate different values of enthalpy 

of mixing, from -15,191 J/mol in Alloy 0 to -9,059 J/mol in Alloy 3.  

2.3.1.3 Atomic mismatch factor  

In addition to the above thermodynamic parameters, a topological criterion has also been taken 

into account to predict the amorphisation capability. Preliminarily, it has been proposed that 

the alloys in which constituent atoms have at least a 12% size difference show higher AMC. 

This is due to the fact that a critical lattice strain caused by the volumetric mismatch of the 

species is required to suppress crystallisation. This concept was developed by Sá Lisboa et al. 

[11] in 2005 through the atomic mismatch factor, λ, in multicomponent systems as [23]: 

𝜆 = ∑ 𝑐i |(
𝑟i

𝑟A
)

3

− 1|

𝑍

𝑖=𝐵

 (6) 
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Figure 3. Variation of atomic mismatch factor (λ) in the Co-rich zone of the Co-Fe-B 

system. Compositions on the blue lines have the same λ. The green region represents the 

compositions with optimal amorphisation capability according to [25]. The studied alloys and 

their λ are illustrated in the ternary diagram. 
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where i denotes the different solutes B through Z in matrix A, ci is the concentration of solute i 

in matrix A (mol.%), ri is the solute atomic radius (nm), and rA is the solvent atomic radius 

(nm). 

Yan et al. [24] noted that optimal glass-forming ability happens at λ = 0.18 for several 

multicomponent alloys based on atomic packing efficiency. When assuming that an amorphous 

material is made up of numerous clusters of icosahedra, the packing efficiency of these is 

shown to be at its peak at λ = 0.18. It can also be inferred from [25] that several alloy systems 

suggest a reasonably high AMC when λ = 0.18 ± 0.04. Thus, as can be seen in Figure 3, in 

which the λ-lines are superimposed in the Co-Fe-B phase diagram, to tune AMC to fabricate 

amorphous or nanocrystalline ribbons, the alloy compositions are chosen to have different 

values of λ, ranging from 0.1397 in Alloy 3a to 0.2289 in Alloy 4.   

By combining information on the compositional regions with high and middle-range 

liquidus temperatures, enthalpy of mixing, and knowledge of the optimum atomic mismatch 

factor to form the amorphous microstructure, a predictive model can be proposed, which 

encompasses thermodynamic, kinetic and topological effects.  

 

  Structural and thermal characterisations 

The designed alloys are fabricated via melt spinning. Figure 4 shows the X-ray diffraction 

patterns of the Co-Fe-B melt-spun ribbons. Five out of seven alloys exhibit a broad and diffuse 

peak indicative of their amorphous nature. This observation confirms the capability of the 

proposed model in predicting the alloy compositions with higher amorphisation ability. It 

should be mentioned that the XRD data is collected from both sides of the ribbons. Except 

Alloy 4, the XRD patterns of both sides of the ribbons in the other six alloys are similar.  

There are crystalline peaks of Co7Fe3 and (Co,Fe)23B6 in the XRD pattern of the free side 

of Alloy 4, whereas no such peaks can be seen in the XRD pattern of the wheel side of the 

same alloy (Figure 4). In this regard, the TEM micrograph of a sample taken from the centre 

of Alloy 4 shows only a black and white contrast (Figure 5a). Even at this high resolution, one 
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does not see any evidence of crystallinity in the centre of the sample. The broad and diffuse 

halo in the diffraction pattern of the TEM image also confirms the amorphous nature of the 

bulk of this alloy. Therefore, the XRD crystalline peaks, observed only on the free side, and 

the absence of any crystals in the TEM image from the central part of Alloy 4 suggest that only 

the free-side surface is in-situ crystallised, whereas the bulk and wheel side are still in the 

amorphous state. This is because the free side experiences a lower cooling rate during the melt 

spinning procedure than the ribbon’s bulk and wheel side. 
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Figure 4. XRD patterns taken from the free side of ribbons with seven different compositions, 

and the wheel side of Alloy 4 ribbons. 

 

In addition to the crystalline peaks on the free side of Alloy 4, a sharp Bragg peak at 45.27° 

<110> can be seen in the XRD pattern of Alloy 3a, which represents the Co7Fe3 phase. The 

crystallisation of this phase is investigated in more detail as follows. As can be seen in the TEM 

image of this sample (Figure 5b and Figure 5c), the morphology of the crystals is composed of 

heavily twinned polycrystals (Figure 5c). Due to ultra-rapid cooling of the molten alloy during 

melt spinning, Co7Fe3 crystals grow, with no long-range diffusion, into an isotropic medium. 

Therefore, their external shapes would be a function of only the crystallographic dependence 
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of the growth rate, resulting in such highly-faulted morphology [26]. Based on these pieces of 

evidence, it suggests that the Co7Fe3 crystallises in a polymorphous transformation which is 

one of the simplest crystallisation reactions. A more detailed investigation of Co7Fe3 in-situ 

crystallisation and its effect on structural and magnetic properties of Alloy 3a can be found in 

our recently published article [9].  

 

(a) 

(c) (b) 

Figure 5. TEM micrographs of Alloy 4 including the SAED pattern (a), and Alloy 3a (b) and (c). 
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From structural analysis, it can be concluded that Alloys 3a and 4 exhibit lower AMC 

compared to the other five alloys. This observation can be evaluated based on the AMC criteria 

used to design the alloy compositions. It appears that the atomic mismatch factor of Alloy 4, 

which is a bit higher than the maximum value of the optimum λ (Figure 3), leads to lower AMC 

of this alloy and as a result, surface crystallisation occurs. In Alloy 3a, the main reasons for 

this can be its high Tl (Figure 1) and its enthalpy of mixing (Figure 2), which is the second 

highest in these seven alloy compositions.  
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Figure 6. Differential scanning calorimetry (DSC) trace of seven Co-based melt-spun alloys. The 

crystallisation peaks are correlated to the phase formed after annealing the ribbons at the required 

temperature (Table 2). 

 Amorphisation capability and crystallisation behaviour 

Additionally, one of the first experiments that can be performed to identify the AMC behaviour 

of different alloys involves characterising their crystallisation behaviour under dynamic heat 
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treatment conditions by monitoring their heat evolution and correlating it to detect 

transformations. The dynamic DSC traces at 10 K/min for seven alloys series are collated in 

Figure 6. The temperatures that characterise the crystallisation processes, including Tx and Tp 

as the onset and the peak temperature of crystallisation, for each of the alloys are also 

mentioned in Table 1. Alloys 0, 3, and 3a crystallise in multiple steps, whereas there is a single 

peak of crystallisation in the rest of the alloys.  

 

Table 1. DSC results of the melt-spun ribbons. TX: crystallisation temperature; TP: crystallisation peak 

temperature; ΔHC: total crystallisation enthalpy (accumulative area of exothermic crystallisation 

peaks). 

Alloy Composition 

First peak Second peak Third peak 

ΔHC 

(J/g) TX1 (ºC) TP1 (ºC) 
TX2 

(ºC) 

TP2 

(ºC) 

TX3 

(ºC) 

TP3 

(ºC) 

0 Co52.69Fe27.45B19.85 456.85 471.82 549.52 556.63 --- --- 127.31 

1 Co70Fe4.5B25.5 406.13 428.33 --- --- --- --- 155.60 

2 Co75.5Fe4.5B20 417.23 432.06 --- --- --- --- 121.50 

3 Co80Fe4.5B15.5 343.56 374.09 462.6 470.28 586.12 569.79 96.73 

4 Co60Fe17B23 449.13 471.48 --- --- --- --- 112.90 

2a Co70Fe11.5B18.5 440.44 450.82 --- --- --- --- 105.40 

3a Co70Fe17.5B12.5 302.97 362.03 451.02 485.61 --- --- 80.21 

 

Amorphisation ability can be looked at as an indication of the resistance of a liquid alloy 

to crystallisation during quenching in order to produce an amorphous solid. Thus, the 

amorphous structure always has the potential to transform to more stable states and ultimately 

to the equilibrium crystal structure(s), as can be seen in the DSC traces (Figure 6). Therefore, 

the resistance of the amorphous alloy to crystallisation can be correlated with its thermal 

stability [6]. However, just as AMC cannot be described entirely by a single parameter, neither 

can thermal stability. In addition, Tx is not an intrinsic property of an alloy, unlike the melting 
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point, since crystallisation is influenced by transformation kinetics. In addition, Tx does not 

have a constant value, as it is time and temperature dependent, i.e., given sufficient time, 

crystallisation will occur at any temperature. Therefore, it must be noted that Tx is useful only 

in determining the comparative ease of crystallisation of different alloy compositions under 

certain experimental conditions [27]. Thus, Tx will be used to evaluate the AMC of the alloys. 

Furthermore, the specific nature of the reaction mechanisms that compete for the 

transformation and the associated temperature dependence of their nucleation and growth 

kinetics greatly influence the thermal stability and AMC of amorphous alloys. In this regard, 

the driving force for any transformation is the free energy difference between the initial and 

final states. The investigations into the crystallisation sequence of amorphous alloys suggested 

that the transformation proceeds through a series of progressively more stable phases until final 

equilibrium is reached, rather than directly to the equilibrium phases [27]. Therefore, based on 

the characteristic crystallisation peaks in the DSC traces, annealing experiments have been 

designed to target temperatures in the interval of phase transitions in order to trace the 

crystalline phases formed at different temperatures and correlate the phase transformation with 

AMC (Table 2 and Figure 6).  

There is a strong correlation between AMC and the crystallisation behaviour of alloys. It 

seems that as a result of annealing, the alloys crystallise in primary and eutectic modes. The 

nature of the reaction depends on the composition of the alloy, the thermodynamic driving 

force for crystallisation, and the activation barrier for each reaction. In this regard, Alloys 3 

and 3a, in which the first event of crystallisation is the primary one, show lower Tx compared 

to other alloys. As there is no competition between different phases to be crystallised, the 

primary formation of Co and (Co,Fe)23B6 crystals need less driving force compared to other 

eutectic reactions, resulting in the formation of tiny peaks with the lowest Tx at 343.6 and 303 

°C in Alloys 3 and 3a respectively. In both alloys, the primary crystallisation events are 

followed by the eutectic crystallisation of (Co,Fe)2B and (Co,Fe)13B7 evidenced by intense 

peaks. On the other hand, Alloys 0, 1, 2 and 2a seems to be kinetically suited for amorphous 

phase formation as their crystallisation takes place through a eutectic mechanism, which is 

complex enough to hinder the rearrangement of atoms from the disordered configuration into 

strict lattice positions during rapid solidification [28]. 
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Based on Tx, Alloy 0 shows the highest AMC, which can be evaluated based on both the 

predictive factors and the crystallisation behaviour of this alloy. In the former, Alloy 0, as the 

eutectic composition in Co-Fe-B system (Figure 1), offers the lowest Tl along with the most 

negative ΔHmix (Figure 2) indicative of its high AMC. In addition, the eutectic crystallisation 

of this alloy leads to the formation of Co7Fe3 and (Co,Fe)23B6 phases (Table 2). Since the 

aforementioned crystalline phases compete for nucleation and growth, liquid crystallisation 

requires extensive rearrangement of different types of atoms, particularly to form the highly 

ordered Co7Fe3 phase [29,30]. Similarly, high AMC of Alloy 2a can be because the 

crystallisation of this alloy takes place through simultaneous eutectic nucleation of Co7Fe3, 

(Co,Fe)23B6, (Co,Fe)2B (Table 2). However, in the procedure of crystallisation of Alloy 3, there 

is no competition between different phases to crystallise, which leads to its lowest thermal 

stability (lowest Tx) and AMC in comparison with other amorphous alloys.  

Regarding the crystallisation behaviour of partially in-situ crystallised alloys, Alloys 4 and 

3a, it should be mentioned that similar to Alloys 0 and 2a, Co7Fe3 and (Co,Fe)23B6 crystallise 

simultaneously on the surface of Alloy 4 ribbons during ultra-rapid quenching and thus the 

crystallisation of these two phases can be considered eutectic. At higher temperatures in the 

DSC trace of this alloy, the diffusion path for the elements to form (Co,Fe)2B is long enough 

to enhance the required temperature for the next crystallisation event,  Tx, to 449 °C. In Alloy 

3a, there is 11.5% less B in the alloy composition compared to Alloy 4, which makes the in-

situ crystallisation of (Co,Fe)23B6 more difficult, but this phase is the first phase to be 

crystalised at a relatively low Tx= 302.9 °C (Table 1 and Figure 6), which confirms the similar 

crystallisation behaviour of Co7Fe3 and (Co,Fe)23B6 phases. Additionally, the small enthalpy 

of crystallisation (ΔHC) of Alloy 3a (Table 1) confirms that the substantial portion of the 

amorphous phase, about 33%, has already transformed to Co7Fe3 through in-situ crystallisation 

(observed in TEM and XRD of this sample in [9]). In addition, due to the presence of Co7Fe3 

nanocrystals in the microstructure of this alloy, the nucleation mainly occurs heterogeneously 

on Co7Fe3 nanocrystals [7]. However, ΔHC in Alloy 4 is comparable with amorphous alloys 

indicating that the crystallisation in this sample has been limited to its surface, which is also 

confirmed by XRD and TEM (Figures 4 and 5). 



Chapter 2 69 

 

As previously mentioned, Co7Fe3, (Co,Fe)23B6 phases crystallise simultaneously in Alloys 

1, 4 and 2a. Additionally, in Alloy 3a, which comprises Co7Fe3 nanocrystals, (Co,Fe)23B6 

crystallises at 303 °C, which is the minimum crystallisation temperature among all of the 

alloys. All of these observations confirm the similar crystallisation behaviour of Co7Fe3 and 

(Co,Fe)23B6 phases. It has been established in two of our published articles [9,31] that 

according to classical nucleation theory [32], the activation thresholds for the formation of a 

critical nucleus of these two phases are lower than other possible equilibrium phases in this 

alloy system. 

Table 2. Annealing temperatures of the melt-spun ribbons and the resulting crystalline phases. 

Alloy Composition Ta (°C) Phases in annealed samples 

0 Co52.69Fe27.45B19.85 

500 Co7Fe3, (Co,Fe)23B6 

600 Co7Fe3, (Co,Fe)2B 

1 Co70Fe4.5B25.5 500 (Co,Fe)4B, (Co,Fe)3B 

2 Co75.5Fe4.5B20 500 (Co,Fe)4B, (Co,Fe)3B 

3 Co80Fe4.5B15.5 

425 Co 

500 Co, (Co,Fe)2B, (Co,Fe)13B7 

600 Co, (Co,Fe)2B, (Co,Fe)13B7, (Co,Fe)23B6 

4 Co60Fe17B23 

25 Co7Fe3, (Co,Fe)23B6 

500 Co7Fe3, (Co,Fe)2B, (Co,Fe)4B 

2a Co70Fe11.5B18.5 500 Co7Fe3, (Co,Fe)23B6, (Co,Fe)2B 

3a Co70Fe17.5B12.5 

25 Co7Fe3 

425 Co7Fe3, (Co,Fe)23B6 

500 Co7Fe3, (Co,Fe)23B6, (Co,Fe)13B7, (Co,Fe)2B 
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 Mössbauer analysis 

A further study with Mössbauer spectroscopy provides more detailed information about the 

local structure of amorphous and in-situ crystallised ribbons. Figure 7 presents the Mössbauer 

transmission spectra of amorphous and crystalline ribbons, along with the respective 

distribution of Hyperfine Magnetic Field (HMF), P(Bhf). The shape of the spectra for all 

samples is characteristic of a ferromagnetic arrangement with a typical form of the Zeeman 

spectrum, consisting of 6 asymmetric absorption lines. The lines are more broadened in the 

case of fully amorphous samples, Alloys 1 and 2. The hyperfine parameters change from 

nucleus to nucleus because of structural and chemical disorder in amorphous Alloys 1 and 2, 

and this distribution of different environments results in many spectral lines which overlap in 

an unresolved Bhf-broadened spectrum (Figure 7a and b) [33]. It can also be inferred from the 

HMF distribution of amorphous samples that the sample with a higher amount of cobalt, Alloy 

2, shows a higher average Bhf compared to Alloy 1 (Table 3), which is the result of the presence 

of more cobalt atoms in the closest neighbourhood of iron atoms.  

Table 3. Hyperfine interactions parameters of amorphous, crystalline and surface-crystalline 

melt-spun ribbons where Bave, Bmin and Bmax are average, least and most probable hyperfine magnetic 

field inductions. 

 

 

 

 

Hyperfine Magnetic Field distribution of amorphous and nanocrystalline samples can be 

compared, as well. As can be seen, the peaks of P(Bhf) in amorphous samples, Alloys 1 and 2, 

are more toward the lower Bhf, compared to the peaks in nanocrystalline samples, Alloys 4 and 

3a, in which the peaks are more towards the higher Bhf. This effect can be evaluated based on 

Bavr of the samples (Table 3). The relatively high Bavr in Alloy 3a is due to the strong hyperfine 

interactions between Co and Fe atoms in the ordered Co7Fe3 phase [34]. In Alloy 4, the 

Alloy Crystalline structure Bmin (T) Bmax (T) Bavr (T) 

1 Amorphous 15.5 34 24.76 

2 Amorphous 15.5 36 26.04 

4 Surface-crystalline 15.5 36 27.22 

3a Crystalline 14 36 28.09 
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aforementioned interaction is less as the limited formation of Co7Fe3 is just observed on the 

surface (Figure 4). For more details, the reader is advised to refer to the recently published 

article of authors on the correlation between P(Bhf) - Bhf of Alloy 3a with the atomic 

neighbourhood of Fe atoms in Co7Fe3 [9]. However, it seems that lower Bavr in the amorphous 

alloys suggests that in the disordered amorphous structure of Alloys 1 and 2, iron atoms have 

B atoms in their closest neighbourhood, strongly lowering the internal magnetic field. In other 

words, this closer to a normal distribution of P(Bhf) - Bhf can also be attributed to the higher 

amorphisation capability of Alloys 1 and 2. 

 DC magnetic properties 

The saturation flux density, Bs, and coercivity, Hc, of the ribbons measured along their axis are 

presented in Table 4. There is a general linear trend between the portion of the magnetic 

element and the value of Bs as an intrinsic property, so due to the dilution of the main magnetic 

components in Alloys 1 and 4, they exhibit lower Bs. However, Alloys 0 and 3a exhibit 

exceptionally high Bs in comparison to the other alloys. A larger percentage of Fe leads to this 

effect in Alloy 0. In addition, the ordered nature of Co7Fe3 grains in Alloy 3a results in its high 

Bs [34]. High Bs of Co7Fe3 can also be inferred from the high hyperfine magnetic field 

interactions of the Fe nuclei in the nanocrystals of Co7Fe3 [9]. In other words, the hyperfine 

interaction between Fe and Co atoms can represent the magnitude of the interactions between 

these atoms and the effective density of states. Therefore, the higher exchange interaction can 

lead to higher Bs of the alloys. Based on this, there is a direct relationship between the average 

hyperfine field (Table 3) and Bs of the alloys (Table 4). It should be mentioned that as there is 

a more variety of Fe atoms, with respect to their atomic neighbourhoods, in the fully amorphous 

alloys (Alloys 1 and 2) compared to the partially crystalline ones, the deeps in the Mössbauer 

spectra of such alloys are broader (Figure 7a and 7c) compared to their counterparts in the 

partially crystalline alloys (Figure 7e and 7g). This effect makes the fitting of the Mössbauer 

spectra of fully amorphous alloys more challenging, as can be noticed in the first and last deeps 

of the Mössbauer spectra in Figure 7a and 7c, resulting in possible experimental error in 

extracting the Hyperfine Magnetic Field distribution of these alloys. 
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Figure 7. Room-temperature Mössbauer spectra of alloys 1 (a), 2 (c), 4 (e) and 3a (g), and 

hyperfine magnetic field distributions of alloys 1 (b), 2 (d), 4 (f) and 3a (h). 
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Table 4. DC magnetic properties of melt spun ribbons including saturation flux density, Bs and 

Coercivity, Hc. 

 

 

 

 

 

 

 In general, amorphous materials exhibit low coercivity, which is essentially due to the 

absence of bulk effective magnetocrystalline anisotropy. There is a direct relationship between 

Hc and the percentage of Fe in Alloys 0, 1, 2, 3 and 2a, with the amorphous structure (Table 4). 

Because the magnetocrystalline anisotropy of amorphous alloys is zero, most soft magnetic 

properties are controlled by stress and by the magnetostriction coefficient. Generally, in CoFe-

based alloys, as the Co:Fe ratio is varied, the magnetostriction goes from negative (Co-rich) to 

positive (Fe-rich), and in a specific Co-rich composition, it becomes zero implying the lowest 

coercivity. Thus, by decreasing the percentage of Fe in the alloy composition, the coercivity 

diminishes, due to lower magnetostriction of the alloys. The ultra-low coercivity of Alloy 1, 

2.9 A/m, is among the lowest reported in the ternary Co-Fe-B system.  

In the case of partially crystalline samples, they exhibit different magnetic hysteresis 

behaviour as crystallisation takes place differently in these alloys. In the case of Alloy 4, 

crystallisation is limited to the surface of the melt-spun ribbon, and the main crystallised phase 

is (Co,Fe)23B6 with low magnetocrystalline anisotropy [31], whereas as a bulk phenomenon, 

crystallisation of the ordered Co7Fe3 phase with high anisotropy occurs in the whole volume 

of Alloy 3a resulting in its much higher coercivity, owing to the combination of the 

magnetocrystalline anisotropy of the nanocrystalline phase and its effect on the pinning domain 

walls, due to the large size of grains, compared to the ferromagnetic exchange correlation 

Alloy Composition Bs (T) Hc (A/m) 

0 Co52.69Fe27.45B19.85 1.44 30.2 

1 Co70Fe4.5B25.5 0.96 2.9 

2 Co75.5Fe4.5B20 1.21 13 

3 Co80Fe4.5B15.5 1.29 8.1 

4 Co60Fe17B23 1.19 19.7 

2a Co70Fe11.5B18.5 1.29 13.7 

3a Co70Fe17.5B12.5 1.57 381.5 
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length, and different magnetocrystalline anisotropy of this phase compared to the one for the 

amorphous matrix [9]. 
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Figure 8. Hysteresis loops of surface crystallised, Alloy 4, and crystallised, Alloy 3a, 

melt-spun ribbons, measured along their length. The inset shows the linear shape of Alloy 4 

loop close to the origin. 

In order to analyse the magnetisation reversal mechanism, it is crucial to have a closer look 

at the hysteresis loops measured along the easy axis of the ribbons. For the thin crystalline 

surface layer in Alloy 4, the hysteresis loop is predominantly governed by magnetisation 

processes in the amorphous bulk system. As can be seen in the inset of Figure 8, magnetisation 

runs almost linearly from its remnant value Br to zero, with an average slope minimally 

different from rotational bulk permeability. The magnetisation between H = 0 and -Hc varies 

almost reversibly with the applied magnetic field. This indicates that the magnetisation reversal 

is closely correlated with rotational processes in the amorphous bulk in Alloy 4. For the bulk 

crystalline sample, Alloy 3a, the role of crystalline grains becomes more significant. Due to 

the random distribution of highly ordered grains of Co7Fe3 (Figure 5b) with high anisotropy in 

Alloy 3a, magnetisation now is reversed by domain wall displacements, in which the 

irreversible jumps of domains are needed, resulting in non-linear B-H behaviour of sample 

from H = 0  to  -Hc (Figure 8) [13]. 
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Figure 9. Hysteresis loops of amorphous, Alloy 1, and surface-crystallised, Alloy 4, melt-

spun ribbons, measured along their thickness (out of plane). 

Therefore, within the crystallised surface of Alloy 4, the domain walls are subject to strong 

pinning forces at the crystalline precipitates. Hence, surface magnetisation is hardly influenced 

in small magnetic fields H, whereas spontaneous magnetisation in the amorphous bulk can 

immediately follow H through rotation. Thus, the coercivity in Alloy 4 can be understood as 

the magnetic field required to rotate the bulk magnetisation in order to compensate for the 

remanent magnetisation of the crystalline surface layers. For the bulk crystalline sample, Alloy 

3a, however, pinning forces are overcome before this compensation is completed, resulting in 

irreversible magnetisation jumps [13].  

 

 

 

 
Figure 10. Schematic of types of stress and the direction of magnetisation (M) in Co-based surface 

crystalline ribbons with a negative magnetostriction (λ
s
). 
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The magnetic properties of amorphous and surface crystalline samples can be compared 

accordingly. As can be seen in Figure 9, the out of plane hysteresis loop flattens noticeably 

with surface crystallisation on Alloy 4 compared to Alloy 1, which is the softest magnetic alloy. 

This clearly indicates the establishment of a magnetic anisotropy perpendicular to the ribbon 

axis. However, no magnetic field has been applied during the melt spinning. The origin of the 

perpendicular anisotropy is the compressive stress from the formation of higher-density 

crystalline surface layers. As illustrated in Figure 10, the compressive stress in the bulk 

amorphous region forces the magnetic moments to align along the ribbon plane through 

negative magnetostriction in Co-based alloys. On the other hand, the partially crystallised 

surface-layers are under tensile stress, which forces the magnetisation inside the layers to be 

perpendicular to the ribbon plane, thus leading to the out-of-plane anisotropy [13,35]. Due to 

the induced in-plane anisotropy, in total, Alloy 4 exhibits a low value of Hc. 

 AC magnetic properties 

Figure 11 illustrates the power loss behaviour of samples as a function of magnetic induction 

at different frequencies, 100 kHz - 2 MHz. Total power loss density increases with AC 

magnetic induction (BAC) and frequency. The low coercivity of Alloys 1 and 3 (Table 4), which 

stems from their amorphous structure, leads to their low hysteresis loss, which can be correlated 

with their lower power loss at 100 kHz compared to the partially crystalline alloys, Alloys 3a 

and 4. However, surface crystalline Alloy 4 offers the lowest power loss at higher frequencies, 

500 kHz and 2 MHz. The reason for this observation is the difference in the contribution of 

three main mechanisms of power loss at different frequencies. In addition to hysteresis loss, 

eddy current and anomalous losses also contribute to total power loss [36]. It is known that the 

anomalous loss contributes mostly to the total power loss at higher frequencies [31,37–39]. 

Therefore, the induced out-of-plane anisotropy as a result of surface crystallisation in the 

crystallised layers and the possible pinning of the domains, in the amorphous portion, by the 

crystalline-amorphous interface, enhances the contribution of the magnetisation rotation 

mechanism in Alloy 4, which leads to a lower anomalous loss. It can be seen that controlling 

the crystallisation of the ribbons to take place just on the surface by tuning their amorphisation 
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ability can result in ultra-soft magnetic ribbons, with excellent performance at higher 

frequencies. 
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Figure 11. Power loss density of Co-based melt spun ribbons with different compositions as a function 

of the intensity of the applied magnetic induction at different frequencies; (a) 100 kHz, (b) 200 kHz, (c) 

500 kHz, and (d) 2 MHz. 
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2.4 Conclusions 

A thermodynamics-based approach, using the Calculation of Phase Diagram (CALPHAD), 

combined with the topological mismatch factor, is proposed and experimentally evaluated in 

order to tune the amorphisation ability of Co-based alloys. The model is highly adept at 

predicting the compositions of amorphous alloys (five out of seven) with a large percentage of 

magnetic content and the absence of any costly elements. The in-situ surface and bulk 

crystallinity of two alloys are characterised by XRD, TEM and Mössbauer spectroscopy. It 

appears that the high magnitude of the atomic mismatch factor is responsible for surface 

crystallisation in Alloy 4, whereas high liquidus temperature and mixing enthalpy results in 

bulk crystallisation in Alloy 3a. In addition, the crystallisation behaviour of these alloys is 

investigated. It is shown that the alloys with a eutectic mode of crystallisation exhibit higher 

amorphisation ability compared to the alloys which crystallise through the primary mechanism. 

Regarding magnetic properties, the ultra-low coercivity of amorphous Alloy 1, 2.9 A/m, is 

among the lowest reported coercivities in the ternary Co-Fe-B system. Two alloys with 

different levels of crystallinity show excellent magnetic properties, as well. The induced out of 

plane anisotropy in the surface crystalline alloy enhances the contribution of the magnetisation 

rotation mechanism, which leads to lower anomalous losses. Transverse magnetic annealing 

has been used to decrease the contribution of this important part of power loss, specifically at 

high frequencies. Herein, 50% lower power loss of surface crystalline sample at 2 MHz, 

compared to the best amorphous alloy, is a result of in-situ surface crystallisation. In addition, 

the bulk crystalline sample exhibits very high saturation flux density, Bs = 1.57 T. Therefore, 

tunning the amorphousity level of rapidly quenched alloys using this methodology can result 

in the fabrication of soft magnets with optimised properties, which are excellent candidates for 

a wide range of applications, from low-loss high-frequency transformers to surge-arrestors. 

Appendix A 

Knowledge of phase equilibria or phase diagrams and thermodynamic properties is important 

in alloy design and materials-processing simulation. In principle, stable phase equilibrium is 

uniquely determined by the thermodynamic properties of the system, such as the Gibbs energy 
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functions of the phases. PANDAT, a computer software package for multicomponent phase 

diagram calculation, was developed under the guidance of this principle. 

The thermodynamic equilibrium of a system at constant pressure is given by the minimum 

of the Gibbs energy, G. For multiphase equilibria this means that the sum of the molar Gibbs 

energies for the stable phases is at a minimum: 

𝐺 = ∑ 𝑛𝜑

𝜑

𝐺𝑚
𝜑

= 𝑚𝑖𝑛𝑖𝑚𝑢𝑚 (1) 

where 𝑛𝜑 is the number of moles and 𝐺𝑚
𝜑

 is the molar Gibb energy of phase φ.  

The Gibbs energy and other properties of phases can be described with the CALPHAD 

method as functions of temperature, pressure and composition. The formalism used for 

representing the composition dependence of the functions gives the CALPHAD method the 

ability to extrapolate the properties to higher-order systems after accurately defining the needed 

binary, ternary, and when necessary quaternary systems. This makes the CALPHAD method a 

powerful tool for alloy development and process design. A variety of experimental data and 

first principles results are used as inputs by the CALPHAD method to fit the Gibbs energy, 

diffusion mobility and other property functions of lower order system which are then combined 

into databases for multicomponent systems. The currently available thermodynamic databases 

are used in a wide range of applications to predict material properties and microstructure 

evolution. The development of auxiliary property databases will increase the range of 

applications. 

Appendix B 

Melt-spinning method consist of melting a small quantity of the alloy inside a crucible, and 

then ejecting the molten alloy by pressurization through a fine nozzle onto a fast-rotating 

copper wheel (Figure 1). Every one of these parameters can be carefully controlled to obtain 

the desired size, shape, and thickness of the ribbon. The crucible material is chosen based on 

its chemical compatibility with the melt, its temperature handling capability, its resistance to 

thermal shock, its low thermal conductivity, and its low porosity. Dense alumina and quartz 
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are the most common crucible materials used. In this study the quartz nozzle circular in cross 

section with diameter of 500 μm is used. The ejection pressures is 0.7 bar in this study. The 

required ejection pressure increases as the nozzle diameter decreases [6]. 

The primary purpose of the copper wheel is to extract the heat from the ribbon as quickly 

as possible, while allowing the puddle to wet the wheel and form the ribbon. Cooling of the 

wheel is desirable for long runs. The outer surface of the wheel is generally polished to remove 

any surface roughness since the wheel side of the cast ribbon is almost an exact replica of the 

wheel surface. The wheel speed is an important parameter in determining the thickness of the 

ribbon; the faster the wheel rotates, the thinner is the ribbon [6].  

The melt-spinning operation is carried out in vacuum, air, or inert atmosphere, or reactive 

gas depending on the chemical and physical properties of the charge. Alloys susceptible to  

oxidation can be cast in vacuum or inert gas environment. The solidification rates achieved in 

this process are typically about 105–106 K s−1. Because of the high solidification rates, it will 

be possible to produce most alloys of appropriate composition in the glassy state by this 

technique. But the downside is that the section thickness is limited. The width of the ribbons 

can, however, be increased using the planar flow casting method, in which the nozzle has a 

rectangular cross section and occasionally more than one nozzle is also used to ensure overlap 

of the melt puddle to increase the width of the ribbon. But, the thickness cannot be increased 

much by any of the known melt-spinning methods [6]. 

 

 

 

 

 

 

Figure 1. (a) A schematic of a melt spinner and (b) the melt spinner used in this thesis. 

(a) (b) 
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Appendix C 

Mössbauer spectroscopy is based on resonant absorption of γ-radiation by atomic nuclei. The 

γ-photons originate from nuclear decay of a radioactive mother isotope. The decay cascade in 

the Mössbauer source passes through the excited nuclear state of the corresponding Mössbauer 

isotope. In the case of 57Fe spectroscopy which has been performed in this thesis, the source 

isotope is 57Co, which decays by so-called K-capture with a lifetime of 270 days. In these 

events, an electron from the K-shell reacts with a proton of the nucleus, yielding 57Fe in a meta-

stable excited state. The decay of this state yields a cascade of γ-transitions, the lowest of which 

has quantum energy E0 = 14.4 keV. 

 

Figure 2. Transmission Mössbauer set-up . 

 

In the transmission Mössbauer setup which is utilised in this thesis, γ-ray is coming from 

the Mössbauer source and passes through the absorber, which is the sample under investigation 

(Figure 2). The sample in this thesis consists of two layers of sets of melt spun ribbons which 

cover 1 × 2 cm2 of a sticky tape. The source is mounted on the moving part of a Mössbauer 

drive system. For recording the spectrum, the number of γ-rays passing the absorber is counted 

with  a γ-counter and detection system that is tuned to discriminate the 14.4 KeV Mössbauer 

photons from other radiation, which get electronically rejected from counting. During the 

measurement, the radioactive source is periodically moved with controlled Doppler velocities, 

+v towards and -v away from the absorber (Figure 2). The counting system is synchronised 

with the velocity control of the driving system such that the full velocity range ±v is divided 

into a number of discrete velocity increments, vi, for storing the detected data (so-called 
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channels). The numbers of counts, T(v), arriving at the detector and detected in each channel 

represent the Mössbauer spectrum. 

In the case of paramagnetic Fe nucleus, the typical Mössbauer spectrum is composed of 

either a single line (cubic symmetry) or a quadrupole doublet whereas a Zeeman sextet 

corresponds to a magnetically ordered iron moment. When the sample contains different iron 

phases or different iron sites in each phase, the spectrum results from the superimposition of 

several subspectra, and their intensity depends upon the recoil-free fraction of nuclear decay 

events. Consequently, the relative amount of Fe in each site is taken proportional to the 

absorption area of the corresponding subspectrum [33]. 

The main relevant Mössbauer parameters are the following: isomer shift, quadrupolar 

splitting, hyperfine field, quadrupolar shift, linewidth at a half height of Lorentzian line, 

asymmetry parameter and in the case of monocrystalline samples, the angles which define the 

directions of γ-beam and of hyperfine field with respect to the electric field tensor axes. The 

isomer shift is sensitive to coordination number and valence state whereas the quadrupolar 

splitting is related to the spin-state and distortion geometry of iron site. The hyperfine field is 

proportional to the magnetic field experienced by nucleus and is close to be proportional to the 

magnetisation of the iron moment while the relative intensities of the sextet lines are related to 

the angle between the hyperfine field direction and the γ-ray direction. Finally, the width and 

the shape of Mössbauer lines may provide relevant information about the static disorder and/or 

the dynamics of either electronic or superparamagnetic relaxation. The analysis of Mössbauer 

spectra including the different fitting procedures are based on the use of usually discrete 

distributions, step functions, but also of analytical functions, binomial distribution, Window's 

and Fourier methods [33]. Based on as-mentioned effects and fittings, the probabilities of 

different values of hyperfine field (representing different neighbourhoods of Fe atoms) can be 

extracted from the Mössbauer spectrum. 
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Abstract 

A thermodynamics-based approach, Calculation of Phase Diagram (CALPHAD), combined 

with topological instability parameters are proposed and experimentally evaluated in order to 

optimise in-situ nanocrystallisation of rapidly quenched CoFeB alloys and exploit their 

remarkable Bs = 1.57 T. The high Bs of the alloy is attributed to the precipitation of the 

metastable Co7Fe3 nanocrystalline phase dispersed heterogeneously in the amorphous matrix. 

High Bs of Co7Fe3 phase can be inferred from the high hyperfine magnetic field of the Fe nuclei 

deduced from Mössbauer spectra. It is worth noting that the in-situ nanocrystallisation is a 

volume phenomenon, instead of surface crystallisation at the air-side of ribbons owing to lower 

cooling rates. We judge, based on nucleation theory, that the formation of the metastable phase 

is kinetically favoured, when compared to the equilibrium phases, hence promoting the high 

Bs, when compared with conventional Co-rich amorphous alloys. The local atomic order of 

nanocrystallised phase is confirmed by X-ray and electron diffraction techniques. Using 

Mössbauer spectroscopy and the extracted distribution of the hyperfine magnetic field, it is 

asserted that cobalt atoms form clusters, as they attract each other to form ordered structures, 

and boron atoms undergo only short-range ordering, likely due to covalent bond formation, 

governed by the size and electronegativity differences with the atoms in the amorphous matrix. 

We suggest the proposed CALPHAD-assisted design of nanostructured alloys, along with an 

in-situ nanocrystallisation, provides a practical scheme to develop novel functional alloys, with 

the best possible balance of coercivity and saturation, exclusively aimed for a high tech 

application.   

Keywords: Alloy design, CALPHAD, Amorphisation capability, Nanostructured alloys, 

Nanocrystallisation, soft magnetic properties, Rapid quenching, Mössbauer studies. 

3.1 Introduction 

The design of multifunctional materials is always prompted by an ever-increasing demand for 

advanced systems functionality: such examples include miniaturised electronic devices, ultra-

fast computational and communication capabilities, and ultra-high density data storage media. 

Sensors, actuators, and nano-micro-electromechanical systems (NEMS-MEMS) already 
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integrate multifunctional materials and smart structures [1,2]. In this context, state-of-the-art 

magnetic materials, ranging from ultra-soft (Fe- and Co-rich amorphous alloys) to semi-hard 

(FePt-based) to permanent magnets (NdFeB-type), play a vital role in designing smart and 

high-performance systems, including efficient power conversion [3–6], ultra-high density data 

storage media, and clean energy generation [7]. Amorphous magnetic alloys are well-known 

for their soft magnetic performance, high corrosion resistance, exceptional mechanical 

toughness and tensile strength, thanks to their unique disordered atomic structure to support 

this excellent combination of properties [8]. Particularly, CoFe-based alloys are of significant 

importance due to their broad range of industrial applications, including data storage (e.g., 

MRAM) and integrated power conversion (e.g., PwrSoc) concepts [9]. However, the random 

atomic distribution in CoFe amorphous alloys contributes to the lower Ms, which eventually 

reduces their functionality for high magnetic flux applications. It is envisaged that the 

formation of nanocrystalline ordered phase in CoFe alloys is beneficial to enhance the Ms. 

Particularly, chemically ordered Co7Fe3 with CsCl structure has remained a focus of extensive 

research due to its high Ms and good chemical stability [10,11]. However, bare CoFe bimetallic 

nanoparticles are highly pyrophoric in nature; exposing alloys to air results in the formation of 

the corresponding oxides. Thus, the ease of oxidation, their potential toxicity and intrinsically 

low relative density hinders their functionality and hence stimulate developing alternative 

routes to grow the nominal phase and to materialise the advantages of the high-flux density 

CoFe-based alloys [11].  

One of the alternative routes to developing the nanocrystalline alloys is a post-annealing 

of rapidly quenched amorphous precursors at elevated temperatures. However, 

nanocrystallisation of amorphous alloys is a multi-step process and requires a special scheme 

(additives and cooling rate) to control the nucleation and grain growth process of a particular 

phase [12]. In a first step, high purity transition metals along with different glass formers are 

melt-spun to amorphous precursors. As a second step, heat treatment is performed in order to 

precipitate the nanocrystalline phases. However, the growth of a particular phase, with optimal 

performance is challenging. In addition, the heat treatment process (of nanocrystallisation) 

causes the embrittlement of the ribbons and, therefore, deteriorates the manufacturability in 

subsequent procedures [12]. An alternative approach is to synthesise nanostructured alloys 

https://www.sciencedirect.com/topics/materials-science/nanocrystallization
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without post heat treatment is “in-situ nanocrystallisation” using rapid-quenching. However, 

this requires a careful design of alloy composition, with low or moderate amorphisation 

capability (AMC) to avoid both vitrification into a glassy state or precipitation into a fully 

crystalline state, during the rapid-quenching [13]. Further, the volumetric precipitation of the 

nanocrystalline phase is essential to promote, instead of surface crystallisation of the melt-spun 

ribbons, due to lower cooling rates at the air (gas-exposed)-side of the ribbons. To synthesise 

an optimised alloy, using the in-situ nanocrystallisation approach, the prediction of AMC by 

calculation of the phase diagram (CALPHAD), combined with the topological instability 

parameter (λ), based on configurational entropies, estimated by mismatch factors, is 

established as an essential tool. It is also well-proven in the optimisation of the glass forming 

ability of Fe- and Zr-based glassy alloys [14]. A number of glass-forming criteria, based on the 

different phase transition temperatures such as Tg (glass transition temperature), Tx (onset 

crystallisation temperature), Tl (onset liquidus temperature) and Tm (melting temperature), can 

be calculated and combined together with λ to predict the AMC of alloys. The room 

temperature amorphous phase is also thought to have the long-range disorder, which is mainly 

contributed by mismatch and configurational entropies, as estimated by mismatch factors [15]. 

Using a predictive modelling approach, one can design the alloys with moderate AMC, in order 

to fabricate nanocrystalline structures, when using rapid quenching, without post heat 

treatment. Thus, one can benefit from the high Ms of the bimetallic phase, in the form of Co7Fe3 

nano-grains embedded in an amorphous matrix, formed in-situ with no consecutive thermal 

treatment.   

In this work, thermodynamic parameters, predicted by the CALPHAD approach, and the 

topological instability criteria, λ, are considered to design the Co-Fe-B alloy with a moderate 

AMC and evaluate the formation of in-situ nanocrystalline structures of a CoFe-based alloy 

with high Bs using rapid-quenching. The very-high Bs (1.57 T) of the as-quenched alloy is 

clearly attributed to the formation of the Co7Fe3 nanostructured phase, which is dispersed 

heterogeneously in the amorphous matrix, throughout the volume of the melt-spun ribbons. 

The latter is subjected to detailed structural investigations, using XRD, TEM, and Mössbauer 

spectroscopy. Based on the compositional maps of the relevant parameters, a model is proposed 
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to enhance the probability of in-situ nanocrystallisation, by adjusting the different 

thermodynamic and topological parameters. 

3.2  Experimental methods 

The equilibrium phase diagram of Co-Fe-B is thermodynamically modelled using PandatTM 

software (version 2019). The cobalt-based thermodynamic database of the software is utilised 

to predict the enthalpy of mixing, the liquidus temperature and possible equilibrium and non-

equilibrium phases at room temperature for Co70Fe17.5B12.5 (atomic %) composition. To melt-

spin the nominal alloy composition, first, the desired quantities (about 5 g per batch) of each 

element are weighed out using a standard microbalance to a precision of ∼ 0.2 mg. The starting 

materials are Co pieces 99.5% trace metals basis (TMB), Fe chips 99.98% (TMB), and boron 

crystalline pieces 99.7%, all sourced from Sigma Aldrich. The alloy is prepared by arc melting 

in high purity argon. Heating up occurs from an electric arc, which is created between a copper 

electrode and a sharp welding tip (2% thoriated red-tungsten). The elements to be melted are 

contained within a water-cooled copper hearth. In general, the lower melting point elements 

are placed under those of higher melting point, except for boron, which is placed at the bottom 

of the hearth in an adjusted excess amount in order to retain stoichiometry. The ingots are 

flipped and re-melted eight times to ensure homogeneity and a uniform lustre. As a precaution, 

high purity titanium (in a separate hearth) is used as a getter for oxygen.  

Ribbons are subsequently produced by induction melting and melt-spinning the arc-melted 

ingots (in 1 g batch) in an argon atmosphere. An argon jet (at an overpressure of 0.7 bar) is 

used to eject the molten liquid contained in a fused silica vial. Typical experimental parameters 

and conditions applied are quartz vial of 60 mm length, 8 mm inner diameter and 0.5 mm 

diameter orifice, a starting ingot mass of 1 gram, a nozzle to wheel angle of 10 degrees from 

the perpendicular, a nozzle to wheel separation of ∼ 0.1 mm, wheel diameter of 90 mm and a 

wheel speed of 80 m/s. Using the as-mentioned conditions, ribbons of ∼ 14 μm thickness and 

∼ 1 mm width are obtained. 

The X-ray powder diffraction (XRD) data of the melt-spun ribbons are collected using a 

Phillips PANalytical X’pert Pro diffractometer, with an operational wavelength of 1.5405 Å 
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(Cu-Kα anode and a Ni filter). For transmission electron microscopy (TEM) analysis, each 

selected ribbon is first processed using a focused ion beam microscope (FEI Quanta 3D FEG). 

A protective metallic (Pt-based) layer is deposited on the surface before milling to create an 

ultrathin lamella, and two stair-step FIB trenches are cut at both sides of the area of interest. 

Next, the specimen is further thinned to less than 1 µm in thickness. Final milling down to less 

than 100 nm is carried out by employing successively lower voltages up to 2 kV. The obtained 

lamellae is removed using a micromanipulator and welded to a Cu grid suitable for 

transmission electron microscopy (TEM) analysis. TEM imaging of the ultrathin lamellae is 

performed using a JEOL JEM-2100F (S) TEM microscope operating at 200 kV with a LaB6 

filament. In addition, the coercivity and anisotropy field of the ribbons, along their length, is 

measured using a B-H loop tracer (at f = 10 Hz) with a maximum magnetic field of 0.1 Tesla. 

Additionally, the Ms of the sample is studied by superconducting quantum interference device 

(SQUID-based) magnetometry (MPMS 5XL, Quantum Design, USA) at RT in fields of up to 

μ0H ≤ 2 T. Room temperature transmission Mössbauer spectra are collected using a 

conventional constant acceleration spectrometer with 57Co sealed in the Rh matrix source. In 

this geometry, the γ-ray direction is perpendicular to the ribbon plane. The electrical resistivity 

measurements were carried out at room temperature using a DC four-probe method with fixed 

distances (i.e., 1 mm) between the four probes. The potential drop is picked up on the 22 mm 

long specimen, with an equivalent resistance error of ± 0.001 Ω. All samples are measured at 

six different voltage levels, and the data is regressed upon in order to diminish the role of 

contact non-linearities and heating. 

3.3 Results and discussions 

  CALPHAD-assisted alloy design 

Several criteria have been established to evaluate the amorphisation capability of rapidly 

quenched metallic alloy systems [14], suggesting how the disordered atomic structure in 

metallic alloys can be preserved on vitrification with the lowest possible cooling rates (defined 

as critical cooling rate, a well-known measure of the AMC of the amorphous alloys) [14].  

However, all parameters are empirical and based on trial-and-error. More recently, there has 
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been some interest in an alternative evaluation of the AMC criterion for the amorphous alloys, 

using the CALPHAD approach, augmented by the topological instability factor λ. This 

predictive model of amorphisation has worked well, in a couple of examples, hence suggesting 

a working alternative for the prediction of the glass forming ability of alloys [16,17]. 

Interestingly, this criterion can be useful, when there is an interest in the growth of metastable 

nanocrystalline structures using the rapid quenching process. The alloy composition can be 

tuned, in a particular region of the phase diagram, where λ is not favourable for high AMC, 

and hence, the chance of precipitation of the desired metastable phases would be increased, 

during vitrification. Keeping this in mind, the following thermodynamic parameters, along with 

λ,  are scrutinised in a specific region of the phase diagram to regulate the moderate AMC and 

design an alloy, in which the metastable nanocrystalline phase precipitates during the melt 

spinning process.    

 

3.3.1.1 Liquidus temperature (Tl) 

When a liquid melt is cooled down from the liquid state to a temperature below the Tg, the 

viscosity of the melt increases to a high value, and consequently, glass is vitrified. The effective 

viscosity at Tg is known to be fixed at 1012 Pa.s, as initially suggested by Turnbull [18], which 

is originally based on the kinetics of crystal nucleation and the viscosity of the melts. It suggests 

that the ratio of Tg to the liquidus temperature, Tl, also well-known as reduced glass transition 

temperature, Trg, can be a good indicator of the susceptibility to amorphisation of the alloys. 

The higher the value of Trg, the higher is the viscosity, and therefore the alloy melt could easily 

be solidified into the amorphous state, at a lower critical cooling rate. In other words, an alloy 

composition with a high value of Tg and a low value of Tl is preferable to promote high 

amorphisation capability.  

𝑇rg =
𝑇g

𝑇l
 (1) 
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Figure 1. Liquidus surface projection of the Co-Fe-B phase diagram in the Co-rich zone 

calculated by CALPHAD. The red and green lines show isothermal lines with a difference of 25 ºC, 

decreasing toward the eutectic point. 

 

Further, it has been experimentally proven that the value of Tg changes slowly with solute 

contents. On the other hand, Tl of an alloy usually decreases with increasing solute content in 

most of the alloy systems. Particularly, phase diagrams of some alloy systems show that 

liquidus curves drop very steeply with solute content [19]. Furthermore, an alloy with a eutectic 

temperature significantly lower than the melting points of the individual elements is referred 

to as a “deep” eutectic. In such cases, the Trg value around the “deep” eutectic composition is 

a strong function of the alloy composition and exhibits its highest value at the eutectic 

composition. Therefore, it should be possible to quench this alloy composition easily into a 

glassy state. 

On the other hand, if the liquidus temperature of an alloy also decreases slowly with the 

solute content, then the Trg value at the eutectic composition may not be high. In such a 

situation, it will be challenging to produce such an alloy in a glassy state. Thus, the Turnbull 

criterion of high Trg and deep eutectics converge at the deep eutectic compositions [14]. Fig. 1 
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illustrates the liquidus projection in the Co-Fe-B phase diagram, in which the liquidus 

isotherms are shown every 25 ºC decreasing towards the eutectic point. The composition is 

chosen to be in the region in which the liquidus temperature is approximately in the middle of 

the highest liquidus temperature, shown by brown and red coloured isotherms towards the 

horizontal axis, and the deep eutectic point at 1051 °C (Fig. 1). The main reason for choosing 

an alloy composition with middle-range Tl is to obtain a moderate AMC to in-situ 

nanocrystallise the alloy using melt-spinning. 

3.3.1.2 Enthalpy of mixing 

According to Inoue’s empirical rule [20], the enthalpy of mixing, ΔHmix, significantly favours 

the formation of an amorphous structure and is a good measure of the AMC. It has been 

suggested that a significant negative heat of mixing would lead to an increase in the energy 

barrier at the liquid-solid interface, and a decrease in the atomic diffusivity through the growth 

interface. The large mixing enthalpy would be expected to lower the effective mobilities of 

even the lightest species (i.e., boron) in the melt, which following Einstein's relation, would, in 

turn, increase the effective melt viscosity. Thus, the more negative the ΔHmix, the higher the 

AMC of an alloy [2,4].  

The chemical mixing enthalpy is calculated according to Equation (2) based on the 

extended regular solution model [22]: 

∆𝐻mix = 𝛺CoFe𝑐Co𝑐Fe + 𝛺CoB𝑐Co𝑐B + 𝛺FeB𝑐Fe𝑐B (2) 

where 𝛺ij is the regular solution interaction parameter between i and j elements, which can be 

expressed by the mixing enthalpy of binary alloys (𝛺ij = 4∆𝐻mix
ij

), and 𝑐i is the molar fraction 

of the i element [23]. Ternary diagram of enthalpy of mixing in the Co-Fe-B system is presented 

in Fig. 2. The labelled alloy composition is chosen to display an enthalpy of mixing, -9.56 

kJ/mol, which is the region where this parameter is neither highly negative, towards the boron-

rich alloys, nor extremely positive towards the Fe-rich alloy compositions. The moderate ΔHmix 

could result in a moderate AMC, which can lead to the in-situ fabrication of nanocrystallised 

alloy. 



Chapter 3 96 

 

0 10 20 30 40
0

10

20

30

40

60

70

80

90

100

B

C
o

Fe

-15950

-14001

-12053

-10104

-8155

-6207

-4258

-2309

-361

DHmix (J/mol)

Co70Fe17.5B12.5

 

Figure 2. Colourmap of enthalpy of mixing in the Co-rich corner in the Co-Fe-B system. 

 

3.3.1.3 Atomic mismatch factor  

In addition to thermodynamic parameters, a topological parameter has also been used to predict 

the amorphisation capability of a metallic system. This effect has long been accounted for the 

empirical requirement for constituent atoms with at least a 12% size difference [14]. A more 

continuous approach to the question of topology has been linked to a critical lattice strain, 

caused by the volumetric mismatch of the species, required to suppress crystallisation. This 

concept was developed by Sá Lisboa et al. [24] through the atomic mismatch factor, λ in 

multicomponent systems [16], 

𝜆 = ∑ 𝑐i |(
𝑟i

𝑟A
)

3

− 1|

𝑍

i=𝐵

 (3) 

where i denotes the different solutes B to Z in matrix A, ci is the concentration of solute i in 

matrix A (mol.%), ri is the solute atomic radius (nm), and rA is the solvent atomic radius (nm). 
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Figure 3. Variation of atomic mismatch factor in the Co-rich corner of the Co-Fe-B system. 

Compositions on the blue lines have the same λ. The green region represents the compositions with 

optimal glass-forming ability. 

Yan et al. [25] noted that optimal glass-forming happens at λ = 0.18 for several investigated 

multicomponent systems. When assuming that an amorphous material is made up of numerous 

clusters of icosahedra, the packing efficiency of these peaks at λ = 0.18. It can also be inferred 

from [26] that λ = 0.18 ± 0.04 can be considered as a region with a reasonably high AMC in 

several distinct alloy systems. Thus, the alloy composition is chosen on the boundary of the 

region with optimum λ to show moderate AMC, as shown in Fig. 3, where the λ-lines are 

superimposed in the Co-Fe-B phase diagram, to in-situ nanocrystalline the alloy during 

quenching. In other words, based on the λ parameter, the AMC of the alloy is lower as 

compared to the alloys inside the green region, but considerably higher when compared to the 

alloys outside the green region. This moderate (tuned) AMC can lead to in-situ-

nanocrystallisation of the alloy during melt spinning. 

Thus, the proposed predictive model of in-situ nanocrystallisation encompasses both the 

thermodynamic and topological aspects of the alloy system, and amalgamates the information 

on the compositional regions with middle-range Tl, enthalpy of mixing and atomic mismatch 

factor for the amorphous microstructure. It predicts moderate values of AMC, by identifying 
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the region of interest using Tl, ΔHmix, and the λ-factor on the phase diagram. It will be shown 

that the rapid quenching of alloys with tuned AMC can result in an in-situ nanocrystallised 

alloy. 

 Structural characterisation 

Fig. 4 shows the XRD pattern of the wheel-side of the as-quenched Co70Fe17.5B12.5 ribbons. A 

sharp Bragg peak at 45.27° <110> and a broader diffused peak at 83.82° <211> can be seen in 

the XRD pattern, which both represent the Co7Fe3 phase formed on the side which experienced 

higher cooling rate (copper wheel side). Additionally, a sample from the middle region of the 

cross-section of the ribbons has been examined by TEM to corroborate the local nanocrystalline 

microstructure. Fig. 5a shows a typical TEM image of the nanocrystals in the glassy matrix. 

The Selected Area Electron Diffraction (SAED) pattern (Fig. 5c), shows the presence of a 

typical amorphous halo ring pattern, from the matrix, with discrete diffraction spots 

corresponding to {110}, {211}, and {220} reflections confirming the presence of the 𝐼𝑚3̅𝑚 

structured Co7Fe3 phase. Most of the equiaxed, rather than dendritic, nanocrystalline grains are 

smaller than 100 nm in size. These results confirm the in-situ formation of Co7Fe3 nanocrystals 

in Co70Fe17.5B12.5 ribbons. It is worth noting that as XRD was performed on the wheel-side and 

the TEM sample was from the middle of the cross-section of the ribbon, the in-situ 

nanocrystallisation is a volumetric phenomenon, instead of surface crystallisation which 

possibly can start due to the lower cooling rates at the air-side of the ribbons. The surface 

crystallisation takes place when the alloy is not well designed with large AMC [27]. The 

volumetric formation of in-situ nanocrystallisation is essential to get the advantage of the high-

flux density of the alloys. 

In addition, a higher magnified TEM image of nanocrystals and corresponding SAED can 

be seen in Fig. 5d and e. The latter corresponds to [311]-bcc zone-axis pattern. Diffractions 

related to different atomic planes are indicated in Fig. 5e. The lattice parameter based on this 

lattice spacing between different atomic planes is in good agreement with the lattice parameter 

calculated from the Rietveld refinement analysis of the XRD pattern (Fig. 4). Thus, the 

observation of this pattern is also strong evidence of the existence of crystalline bcc-Co7Fe3 

clusters in the as-quenched melt-spun Co70Fe17.5B12.5 ribbon. It can also be noted that the 
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background noise seen in the SAED patterns comes from weak scattering by atomic clusters 

(several atoms in size) in the amorphous matrix surrounding crystalline clusters. Interestingly, 

the nanocrystalline structure yields to high electrical resistivity (168 μΩ.cm) of the alloy. The 

electrical resistivity of the nanocrystalline materials is higher than both coarse-grained 

polycrystalline metals and amorphous alloys due to the increased volume fraction of atoms 

lying at the grain boundaries [28]. 
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Figure 4. The X-ray diffraction pattern of the wheel-side of the as-quenched Co70Fe17.5B12.5 

ribbons. 

Additionally, some thermodynamic and kinetic aspects of these phase transitions are 

studied below. First, the phase transitions are studied by evaluating the equilibrium and non-

equilibrium solidification simulation of the alloy composition using the PandatTM software. As 

can be seen in Table 1, five different phases are predicted to crystallise as a result of equilibrium 

and non-equilibrium solidification of Co70Fe17.5B12.5 alloy. Among these phases, (CoFe)3B has 

minimum Gibbs energy of formation, -30 kJ/mol.  However, the nanocrystals of metastable 

Co7Fe3 form during melt-spinning, and they are stable at room temperature. Thus, this 

discrepancy between experiment and thermodynamic modelling should be addressed 

accordingly. 



Chapter 3 100 

 

Table 1. Thermodynamically predicted equilibrium and non-equilibrium phases of Co70Fe17.5B12.5 

stable at room temperature. 

 
Equilibrium conditions Non-equilibrium conditions 

Phase Percentage Phase Percentage 

Stable phases at RT 

(CoFe)3B 44 (CoFe)3B 49.97 

BCC (CoFe) S.S.* 34 FCC (CoFe) S.S. 50 

HCP (CoFe) S.S. 22 (CoFe)2B 0.03 

 

* S.S. stands for solid solution 

The nucleation of a metastable phase could likely be kinetically-favoured compared to that 

of the stable phase [29]. According to classical nucleation theory [30], the activation threshold 

for the formation of a critical nucleus is ΔG*, which is the free energy required to form the 

critical nucleus; 

Δ𝐺∗ =
16π𝜎3

3Δ𝐺v
2

𝑓(𝜃) (4) 

where f(𝜃) is the catalytic potency factor for heterogeneous nucleation, which depends on the 

wetting angle 𝜃. ΔGv is the Gibbs free energy difference between the liquid and the solid:  

 

Δ𝐺v = Δ𝐻f

𝑇m − 𝑇

𝑇m
  (5) 

where ΔHf , Tm, and T denote the enthalpy of fusion, melting temperature, and undercooling 

temperature, respectively. The interface energy, σ, can be estimated by the model developed 

by Spaepen and Meyer [31]: 

𝜎 = 𝛼
Δ𝑆f𝑇

(𝑁L𝑉m
2)1/3

  (6) 

where α is a factor dependent on the structure of the solid nucleus and ΔSf, NL; and Vm are the 

entropy of fusion, Avogadro’s number, and the molar volume of the phase, respectively. 

Without the knowledge of the contact angle θ of the crystal nucleus to the substrate, the 
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nucleation is assumed to be homogenous. Based on this theory, the activation threshold of the 
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Figure 5. (a), (b), and (d): TEM micrographs of as-quenched nanostructured ribbons in 

different magnifications, (c) and (e) SAED pattern of (b) and (d) images. 
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dominant stable and possibly metastable phases in this system is estimated and shown in Table 

2. As can be seen, the necessary activation energy for the formation of Co7Fe3 is about three 

orders of magnitude less than the one for (CoFe)3B. Therefore, from the kinetics point of view, 

the nucleation of this phase is more favourable.  

 

Table 2. Gibbs free energy (ΔGv) and interface energy (σ) difference between the liquid and solid, and 

the activation threshold for formation of a critical nucleus (ΔG*) at room temperature. 

Phase ΔGv (kJ/mol) σ (J/m2) ×105 ΔG* (J) ×1023 ΔG* (meV) 

(CoFe)3B 52.34 1.99 4.85 0.3 

Co7Fe3 12.55 1.39 0.003 0.00019 

3.3.2.1 Mössbauer spectra of nanostructured alloy  

Figure 6 presents the Mössbauer transmission spectra of Co70Fe17.5B12.5 nanocomposite 

ribbons, along with respective distribution P(Bhf) of Hyperfine Magnetic Field (HMF). The 

shape of the spectra is characteristic of a nanocomposite structure with a ferromagnetic 

arrangement. Thus, both building blocks of the microstructure, nanocrystals and amorphous 

matrix, can be scrutinised based on the correlated distribution of HMF. 

3.3.2.1.1 Local atomic order in nanocrystals 

The hyperfine interaction distribution can be analysed based on the local environment model 

[32], which has been reported for different ternary systems [33–36]. In Fe–X, where X is treated 

as an impurity, and it can include different types of elements, every atom X which substitutes 

iron atom in the ith coordination sphere (or neighbour shell) of the 57Fe isotope causes the 

change of the HMF at 57Fe site by the value of ΔBi. The changes in the HMF of iron, as ΔBi, 

are additive. In practice, the contributions from the first and the second coordination spheres 

are considered, and the value B(m,n) of the hyperfine magnetic field at 57Fe site can be 

described as [37]: 

𝐵(𝑚, 𝑛) = 𝐵(0,0) + 𝑚Δ𝐵1 + 𝑛Δ𝐵2 (7) 
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where B(0,0) denotes the value of the HMF at 57Fe nucleus, which is surrounded only by Fe 

atoms in the first and the second coordination spheres; m the number of impurity atoms in the 

first sphere; n the number of impurity atoms in the second sphere; the changes of the HMF 

caused by impurity atoms in the first and the second neighbour shells, respectively. The values 

of ΔB1 and ΔB2 could be positive or negative. Relation (7) has been used for both disordered 

and ordered alloys in the broad range of impurity concentration [37]. 

In the FeCo, B2 structural type, there are eight cobalt atoms in the first sphere around an 

iron atom which is the same as the atomic orientation in Co7Fe3. However, there are just two 

iron atoms in the second sphere in Co7Fe3 compared to 6 iron atoms in the FeCo B2 structure. 

Thus, based on the fact that there are four fewer iron atoms in the second sphere in the Co7Fe3 

phase and the as-mentioned local environment model, the HMF of Co7Fe3, based on its 

counterpart in FeCo, can be calculated as: 

𝐵Co7Fe3
= 𝐵FeCo − 4Δ𝐵2,Fe (8) 

𝐵FeCo is mentioned to be 34.3 T [38] and Δ𝐵 for an iron atom in the second sphere is measured 

to be 0.77 T [39], so based on Equation 8, the HMF for an iron atom in Co7Fe3 is 31.22 T.  This 

number is close to two peaks of the hyperfine field distributions, at 31 (P(Bhf)= 13.41%) and 

32 (P(Bhf)= 19.29%) (Fig. 6b). The sum of probabilities for these two fields is 32.7, which 

agrees with the portion of nanocrystals formed in the amorphous matrix calculated based on 

the TEM image in Fig. 5a.   

3.3.2.1.2 Local atomic order in the amorphous matrix 

A relatively large portion of the structurally disordered matrix, about 70% (Fig. 5a), leads to 

the broadening of the experimental HMF peak and a significant contribution of low-field 

background in the total HMF distribution (Fig. 6b). For every HMF filed (𝐵hf), excluding the 

ones correlated to Co7Fe3 nanocrystals, the number of cobalt and boron atoms in the first sphere 

around the iron atom can be estimated based on the following Equation [33,37]: 

𝐵hf = 𝐵(0,0) + 𝑚Δ𝐵1,Co + 𝑛Δ𝐵1,B (9) 



Chapter 3 104 

 

where m and n denote the numbers of Co and B atoms in the first coordination sphere, while 

ΔB1,Co and ΔB1,B denote changes of the HMF caused by a single Co and B atoms respectively. 

Statistically, the probability of finding n of Co atoms and m of B atoms in the first coordination 

shell of 57Fe in the amorphous matrix can be calculated using multinomial distribution [33,37]: 

𝑃(𝑚, 𝑛) =
𝑁!

𝑚! 𝑛! (𝑁 − 𝑚 − 𝑛)!
𝑥𝑚𝑦𝑛(1 − 𝑥 − 𝑦)𝑁−𝑚−𝑛 (10) 
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where N is the number of all atoms in the first coordination sphere, x and y denote the chemical 

concentration of the cobalt and boron in the amorphous matrix. Among different pairs of m and 

n, the ones with the highest 𝑃(𝑚, 𝑛) are chosen. Then 〈𝑚〉 and 〈𝑛〉 are calculated based on: 

〈𝑚〉 = ∑ 𝑚𝑃exp(𝑚, 𝑛) (11) 

〈𝑛〉 = ∑ 𝑛𝑃exp(𝑚, 𝑛) (12) 

where 𝑃exp denotes the probability of the configuration (𝑚, 𝑛) of impurity atoms obtained 

from the analysis of the experimental Mössbauer spectra. Therefore, the Warren–Cowley 

parameters for cobalt (𝛼Co) and boron (𝛼B) atoms have the following form [33,37]: 

𝛼Co =
〈𝑚〉 − 8𝑥

8(1 − 𝑥)
 (13) 

𝛼B =
〈𝑛〉 − 8𝑦

8(1 − 𝑦)
 (14) 

The interpretation of the values of the Warren–Cowley parameters is as follows: when 𝛼i =

0 then the distribution of impurity atoms is random; if 𝛼i < 0 the impurity atoms form clusters, 

i.e., they attract each other, and finally when 𝛼i > 0; the impurity atoms undergo the short-

range order (SRO) effect, i.e., they are attracted by the matrix atoms [33,37]. Based on this 

theory, cobalt atoms cluster as 𝛼Co = −1.17. As the most stable local configuration of cobalt 

is highly dense hcp, this element shows the high tendency for clustering in a large variety of 

systems with either metallic or covalent bonding. The strong drive for clusterisation of the 

cobalt atoms, which leads to a local increase in their concentration, in addition to the tendency 

of boron atoms to undergo SRO leads to the nucleation of the ordered cobalt-rich Co7Fe3 phase 

(Fig. 4 and 5). Warren–Cowley parameter for boron atoms is 0.12, implying that they, indeed, 

undergo SRO. A repulsive potential between the small boron atoms and attraction between the 

boron atoms and large cobalt/iron atoms could lead to the formation of a tetrahedron of four 
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cobalt/iron atoms ‘stuffed with boron’, minimising the voids in the Bernal dense random 

packing structure [40],  and thereby stabilising the structure against easy crystallisation.   

 

 Magnetic properties 

The evolution of magnetisation, measured along the length of the ribbons, as a function of the 

applied magnetic field, is presented in Fig. 7. It can be seen that coercivity, 𝐻c = 381.5 A/m, 

and anisotropy field, 𝐻k = 728.5 A/m, are high, which could be attributed to the effect of 

magnetocrystalline anisotropy of the ordered nanocrystals of the Co7Fe3 phase. The as-

mentioned effect can be measured quantitatively by the anisotropy energy (Ku), which is 

calculated based on the following Equation [41]: 

𝐾u =
𝐻k𝜇0𝑀s

2
  (15) 

where µ0 is the free space permeability. The anisotropy is related to directional atomic ordering 

along the direction of the local magnetisation to minimise the spin-orbit coupling energy [42]. 

The calculated anisotropy energy for the in-situ nanocrystalline alloy is 573 J/m3, which is 

about twenty times larger than the values reported for similar amorphous alloys [3]. 

Furthermore, the Bs of the in-situ nanocrystalline alloy is 1.57 T. The relatively high Bs is due 

to the presence of the ordered Co7Fe3 phase, which is ~ 4% higher than its disordered 

counterparts [43]. Strong magnetic moment of Co7Fe3 can also be inferred from the high 

hyperfine magnetic field interactions of the Fe nuclei, in the nanocrystals of Co7Fe3 (Fig. 6b).  

To understand the evolution of Bs of the alloy, it is necessary to take into account a few 

primary considerations concerning the electronic structure and magnetic properties of the 3d 

system. In this regard, the Slater-Pauling figure, which shows the relationship between the 

magnetic moment and the number of valence electrons per atom (e/a) is used. The e/a is 

estimated for Co7Fe3 nanocrystals, as 8.71, and for the amorphous matrix 7.72. Then, e/a for 

the nanocomposite is calculated based on the portion of the nanocrystals in the amorphous 

matrix. The magnitude of the magnetic moment for e/a of the nanocomposite is 1.64 μB which 



Chapter 3 107 

 

is slightly higher than the magnetic moment of the nanocomposite estimated based on Bs, 1.47 

μB. This difference can be due to the hybridisation effect, as a result of SRO of boron atoms, 

which is observed by Mössbauer spectroscopy in section 3.2.1. 
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Figure 7. Hysteretic loop of as-quenched nanocrystalline Co70Fe17.5B12.5 ribbons, μ0Ms = 1.57 T. 

3.4 Conclusions 

A Co70Fe17.5B12.5 alloy, with a tuned amorphisation capability, has been designed, using a 

thermodynamics-based CALPHAD approach, together with a topological instability 

parameter, and experimentally confirmed to result in the fabrication of an in-situ 

nanocrystallised alloy. The proposed scheme works as a guideline for the tuning of AMC of 

alloys, to favour the formation of the desired ordered phase (Co7Fe3) nanocrystals throughout 

the volume of the alloys, during the rapid quenching process. This can be achieved without any 

post-spinning heat treatment, which is normally required in order to grow the necessary amount 

of nanocrystalline phase. The XRD and TEM results confirm the formation of the Co7Fe3 

ordered phase, dispersed heterogeneously throughout the amorphous matrix. Furthermore, the 
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local atomic order of the nanocrystalline structures and the amorphous matrix has been 

investigated by the distribution of hyperfine magnetic field, using Mössbauer spectroscopy. In 

the latter, the Warren–Cowley parameter is negative for cobalt atoms showing their tendency 

to form ordered structures, and it is positive for boron atoms implying that they are prone to 

undergo short-range order due to their size and electronegativity difference with atoms in the 

amorphous matrix. The proposed approach of designing in-situ nanocrystalline alloys by rapid 

quenching, using both thermodynamic and topological parameters, is useful for the 

development of functional materials for a broad range of applications. Future research on the 

introduction of other elements, such as Nb or Cu, in order to increase the number of crystalline 

nuclei in the two-phase system (melt-solid) and therefore further decrease the grain size, may 

also benefit from the proposed predictive modelling approach. 
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Abstract 

Ultra-thin soft magnetic amorphous ribbons of Co-Fe-B-Si-Nb alloy were synthesised by a 

single step rapid-quenching approach to acquire the advantage of improved material 

performance and lower costs over commercial amorphous alloys. The amorphous ribbons of 

approximately 5.5 µm thicknesses were quenched by a single roller melt spinner in a single-

step production process and characterised for their structural and magnetic properties. The 

disordered atomic structure of amorphous ribbons was confirmed by X-ray diffraction. A 

surface morphology study revealed the continuity of ultra-thin ribbons without pores over a 

large scale. The amorphous alloy showed ultra-soft magnetic properties in the as-quenched 

state. The observed thickness dependency of the magnetic properties was attributed to the 

increased surface roughness and possibly due to a lack of densely packed atomic structure 

resulting from the extremely high cooling rates experienced by ultra-thin ribbons. We propose 

that the in-situ thinning process of amorphous ribbons significantly reduces the basic material 

cost and eliminates the need for post-processing steps; hence it provides the opportunity for 

mass production of high-performance soft magnetic amorphous ribbons at relatively lower 

costs.  

Keywords: Amorphous metals, Ultra-thin ribbons, Soft-magnetic properties, High-frequency 

applications  

4.1 Introduction 

A significant advancement in cutting-edge efficient power switches at high-frequencies has 

enhanced the need for miniaturised magnetic components in the power converter industry [1-

3]. A major challenge in the miniaturisation of power circuitry is the size of passive components 

which occupy a significant volume fraction (~30%) [4]. The large volume of passive 

components is due to the ferrite based magnetic cores which are widely used due to their high 

material loss performance and lower costs. Nevertheless, the low magnetic flux density (0.3-

0.5 T) of ferrites is a key roadblock in miniaturising the passive component technology [1, 4]. 

The development of high-flux density low-cost soft magnetic materials to replace bulky ferrite 
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based passive components is a significant challenge to attain the miniaturised power switches 

at high-frequencies [1, 4].  

High-flux density (Bs > 1.5 T), exceptionally low coercivity (Hc < 10 A/m), and high 

resistivity (> 100 µΩ cm) of amorphous ribbons make them a potential candidate for high 

switching frequency applications [5]. The amorphous metal ribbons are typically produced by 

a rapid-quenching technique and are commercially available in the range of 20-30 µm thickness 

[6-8]. It is widely known that as the operating frequency (f) increases, the eddy-current loss 

(We α f2) increases more sharply than the hysteresis loss (Wh α f), and the total core loss 

dominates by We at f  > 100 kHz [1, 4]. Eddy currents not only deteriorate the overall magnetic 

properties but also generate tremendous heat energy, which complicates the design and 

engineering of the device [1, 6]. The eddy current losses can be significantly reduced by either 

eliminating the electrically conducting path by using ultra-thin insulated stacks or significantly 

increase the electrical resistivity of the magnetic material [4]. To get an advantage of eliminated 

eddy current loss at high frequencies, the thickness of the magnetic material must be smaller 

than the skin depth δ (=√
𝜌

π𝑓µ
 , where ρ is resistivity and µ is the permeability) [1, 4]. Thus, to 

use amorphous metals at MHz frequencies, the thickness of the commercially available 

amorphous ribbons restricts the use of these novel alloys and hence limits the flux 

concentration advantage for the miniaturisation of passive components  [1, 4]. 

Recently, we demonstrated a post-processing approach to thin the commercial ribbons to 

4 μm by a wet etching route to realise the advantages of material loss performance of soft 

magnetic amorphous metals at high-frequencies [1, 4]. Nevertheless, wet etching of amorphous 

metals could be an expensive route at a mass level production as 75% of the material was 

wasted to reach the required material thickness [1, 4]. Furthermore, the post-processing steps 

significantly increase the overall cost of the material, hence limits the use of chemically etched 

ultra-thin ribbons for higher frequency applications. In addition to the amorphous ribbons 

thickness, the high materials cost of amorphous alloys, due to their high-purity constituent 

elements, is another challenge to replace the best-in-class ferrites [5, 7, 9]. Interestingly, the 

use of low-grade industrial materials has been demonstrated to significantly reduce the cost of 

amorphous metals without deteriorating their soft magnetic properties [10]. Further reductions 
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in the cost of amorphous metals, in addition to low-grade industrial compounds, by developing 

novel approaches of in-situ thinning could be advantageous to replace the ferrites with 

amorphous metal cores for high-frequency power conversion.  

In this work, we demonstrate the rapid quenching approach of in-situ thinning to produce 

ultra-thin soft magnetic amorphous ribbons. The single step in-situ thinning process of 

amorphous ribbons provides the opportunity to produce high-performance soft magnetic 

amorphous ribbons at mass production at lower costs.     

4.2 Fabrication  

Melt-spinning is a well-known technique for making amorphous ribbons. This method uses the 

molten material to flow from the nozzle in the form of a jet, which comes in contact with a 

rotating copper wheel and procedures a melted puddle. Because of the low viscosity of the 

molten alloy, the shear layers extend only a few microns from the surface of the roller into the 

puddle, and it stays on the roller surface. The main advantages of melt-spinning are as follows; 

(a) production of amorphous ribbons of uniform thickness and width, (2) controlled process 

parameters, and (3) availability at commercial scale. Several process parameters such as the 

gap between nozzle and wheel, the angle of incidence of melt, the speed of rotation copper 

wheel, initial melt temperature, ejection pressure and material properties such as density, 

surface tension, viscosity, thermal conductivity influence the quality of as-spun ribbons. 

Among these parameters, the speed of the wheel is an important parameter in determining the 

thickness of the ribbon; the faster the wheel rotates, the thinner is the ribbon. For example, a 

Fe40Ni40B20 alloy cast on a 250 mm diameter copper wheel rotating at a substrate velocity of 

26.6 ms−1 produced a ribbon of 37 µm thickness, while at a velocity of 46.5 ms−1, the ribbon 

thickness was only 22 µm [11]. However, it is quite challenging to produce ultrathin smooth 

ribbons thinner than 10 µm by conventional melt spinning. This is due to gas bubbles entrained 

at the melt-roller interface during casting, causing surface roughness and pockets in the ribbons. 

In this work, a conventional melt-spinner was used to produce the ultra-thin ribbons. This 

was achieved by varying the speed of the wheel.  At the first stage, the master alloy of Co-Fe-

B-Si-Nb was prepared by arc-melting of pure elements Fe (99.9%), Co (99.99%), B (99.5%), 
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Nb (99.9%) and Si (99.9%) in a highly pure argon atmosphere with Titanium as a getter 

material to reduce the possibility of oxidation. The ingots (20-30 g) were re-melted at least ten 

times (5 times on each side) to assure a homogeneous composition of ingots. Prior to re-

melting, the ingots were broken into several pieces (4-5 g) and were re-melted in quartz tubes 

by induction heating. After raising the temperature to the liquidus, a dwell of at least 120 

seconds was used to ensure that the ingots were completely melted. A quartz tube with an 

orifice diameter of 0.4 mm was utilised to eject the melt onto the surface of a copper wheel 

with a diameter of 20 cm which was used to quench the amorphous ribbons. The chamber was 

evacuated down to 4×10-3 Pa pressure, and then Argon gas was introduced in the chamber (30 

cm Hg) to avoid any possible leaks of the chamber. The gap between the quartz nozzle orifice 

and the surface of the Cu-wheel was maintained at 0.2 mm by a meter gauge detector. Argon 

was used as ejection gas, and the ejection pressure (10 kPa) was kept constant during the whole 

series of experiments. The speed of the Cu-wheel was increased gradually, and its effect on the 

thickness of the quenched ribbons was investigated. The thickness of the ribbons was measured 

by a micrometre and finally calibrated by the scanning electron microscopy (SEM) imaging. 

Thin ribbons of approximately 1 mm width and 10 cm length were fabricated. Table 1 

summarises the effect of the speed of the copper wheel on the thickness of the amorphous 

ribbons.   

Table 1. Effect of wheel speed on the thickness of the ribbons  

Speed of Cu wheel  

(rpm) 

Thickness of ribbons 

(µm) 

2530 30 

3550 20 

4030 15 

4470 11.5 

4968 8 

5100 5.5 

 

A higher rotation speed of the copper wheel enables the fabrication of thinner ribbons and 

also means that the material experiences a higher cooling rate. It is generally accepted that the 

solidification rate, R, is inversely proportional to the square of the thickness of the solidified 

molten layer. For a layer of thickness, x, solidified at a heat transfer coefficient ∞, the 

solidification rate can be calculated from equation 1.  
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2x

A
R =  (1) 

where constant A is a function of the material properties and initial temperatures but is 

independent of x. The value of A is 8.1 × 10−3 m2Ks−1 for ideal cooling (when the heat transfer 

coefficient is ∞) and it is less for nonideal cooling conditions [11]. For example, assuming an 

average value Assuming an estimated value of A = 10−3 m2Ks−1, the solidification rate achieved 

will be approximately 105 Ks−1 for x = 100 μm and 109 Ks−1 for x = 1 μm. Based on this relation, 

the cooling rates experienced by the ribbons as a function of their thickness were calculated 

and presented in Fig. 1.  

 

Fig. 1. Estimated cooling rates experienced by ribbons of different thicknesses. 

4.3 Results and discussion 

 Atomic structure and surface morphology of ribbons    

Fig. 2 presents the structural analysis of the as-quenched amorphous ribbons by X-ray 

diffraction (Cu-Kα radiation, λ=1.54 Å, Siemens 5000) and magneto-thermogravimetric 

(MTG) technique. The XRD spectrum of ultra-thin (5.5 µm) and 20 µm as-quenched ribbons 

shows similar diffraction patterns with a broad maxima in the range of 2θ = 40-50° (Fig. 2a). 

The presence of a broad hallow and the absence of Bragg’s peaks in the diffraction patterns 
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confirm the disordered atomic structure of the ribbons. Additionally, the Curie temperature 

(TC) depends on the state of the atomic structure and could be useful to trace a minimal phase 

precipitated during the rapid quenching process [8]. The temperature-dependent magnetisation, 

M(T), of 5.5 µm and 20 µm ribbons, are presented in Fig. 2(b). Both samples reveal a single 

phase M(T) behaviour without showing any “kink” before reaching the TC (i.e., 440 °C). The 

overlapped M(T) curves of both samples show that the atomic structure of ribbons was 

monolithic amorphous until crystallisation at 510 oC.   

The surface morphology of ribbons was investigated using scanning electron microscopy 

(SEM) and a profilometer as presented in Fig. 3. The cross-sectional image of the thinnest 

Fig. 2. (a) The X-ray diffraction patterns of 5.5 µm and 20 µm ribbons, (b) The 

temperature dependent magnetic behaviours, M (T), of 5.5 µm and 20 µm ribbons were 

measured by using a magneto-thermogravimetric technique. 
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ribbon is presented in Fig. 3a. The SEM micrographs of the surface of the ribbons show that 

surface of amorphous ribbons becomes dramatically rough when the thickness is reduced to 

5.5 µm. In addition, the roughness of amorphous ribbons was evaluated by a profilometer and 

presented in Fig. 3f. The roughness of thinner ribbons is significantly high and in agreement 

with the SEM observations. Despite the very rough surface, the ultra-thin ribbons are 

continuous without any pores over a large scale.  

 

 

Fig. 3: (a) SEM micrograph of the cross-section of the thinnest ribbon. SEM micrographs of the 

surface of ribbons: (b) 5.5 µm, (c) 7 µm, (d) 11.5 µm, (e) 21 µm. (f) the surface roughness of the 

ribbons measured by a profilometer. 

  Magnetic properties of amorphous ribbons  

Fig. 4 represents the quasistatic soft magnetic properties of the as-quenched amorphous 

ribbons. The in-plane magnetic hysteresis loops, illustrated in Fig. 4a, were carried out by a 

BH-loop tracer (SHB, MESA 200HF) along the length (25 mm) of the ribbons by applying a 

maximum field of 40 kA/m and were utilised to measure the coercivity (Hc) of the samples.  

Fig. 4b presents the thickness-dependent Hc of amorphous ribbons, while the inset 

illustrates the magnetic response of the material at low magnetic fields. Ultra-low Hc < 0.5 A/m 
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of amorphous ribbons (≥ 21 µm) show the radical soft magnetic behaviour of the alloy. The 

exceptional soft magnetic properties of as-quenched ribbons confirmed that magnetoelastic 

contribution to magnetic properties was negligible and the magnetostriction constant of the 

amorphous alloy is close to zero. Nevertheless, the Hc gradually increased as a function of 

thickness and reached 5 A/m for 5.5 µm ultra-thin ribbons. 

The thickness-dependent soft magnetic behaviour of amorphous ribbons can largely be 

explained by the contribution of surface inhomogeneities produced during the quenching 

Fig. 4. (a) Hysteresis loops of the samples with different thicknesses, (b) coercivity of 

the amorphous ribbons as a function of their thicknesses. 
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process. The relatively high value of Hc is likely due to the pinning of the domain walls at the 

large surface irregularities observed (Fig. 3) in thinner ribbons. In such a case, when the 

magnetisation reversal process is dominated by the pinning of the domain walls due to 

thickness-dependent roughness, the Hc is inversely related to the thickness of the sample, as 

shown in Eq. 2.  

t
HC


  (2) 

where t is the ribbon thickness, and γ is the domain wall energy [12]. In a multidomain regime, 

the magnetisation reversal process is due to the domain wall motion, and the domain wall 

propagates in an energy landscape influenced by some of the factors, such as grain boundaries, 

surface roughness, and defects. Therefore, the potential barriers and potential minima, the so-

called pinning sites, inhibit the nucleation and propagation of the domain walls. Thus, in thinner 

ribbons, surface irregularities act as local barriers, which may inhibit the nucleation and motion 

of the domain wall during the magnetisation reversal. The Hc, which is required to overcome 

these barriers, is seen to increase with the decreasing ribbon thickness (see Fig. 4b). The 

contribution to Hc should be rather low for bulk cast (≥ 20 µm) samples because (i) the surface 

upon casting is very smooth and (ii) the thickness is significantly larger than the ultra-thin 

ribbons resulting in a higher proportion of volume to surface area in thicker ribbons. 

In addition to the surface inhomogeneities, the partial instability of free volume below the 

melting point in the disorder atomic structure, known as voids, are the source of pinning sites 

for the domain wall motion [13, 14]. The voids in amorphous metals are similar to the defects 

in crystalline materials and work as stress sources [14]. The possibility of originating voids is 

much higher at extremely high cooling rates due to an immediately frozen liquid state of the 

alloy, hence leads to a high level of stored internal stress in thinner ribbons. The fluctuation of 

internal stress or the number of voids can be reduced by annealing the amorphous alloys in the 

supercooled regime before crystallisation [7]. The 5.5 µm amorphous ribbons were annealed 

at 480 °C for 600 sec and characterised for their soft magnetic properties. The coercivity (Hc = 

1.6 A/m) of the ribbons is reduced by a factor of three after annealing. The improved soft 

magnetic properties could be attributed to the highly dense disorder atomic structure, and a 

reduced number of voids attained during the annealing process [7].  
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4.4  Conclusions 

A rapid quenching approach of in-situ thinning was developed to produce ultra-thin amorphous 

ribbons of Co-Fe-B-Si-Nb alloy. The ultra-thin amorphous ribbons were continuous without 

any pores over a large scale and retained excellent soft magnetic properties. The thickness-

dependent magnetic properties of the amorphous ribbons were largely attributed to the surface 

inhomogeneities and voids produced during the quenching process.   

The in-situ thinning process of amorphous ribbons significantly reduces the cost of 

amorphous ribbons by consuming less amount of material. In addition, it eliminates the need 

for post-processing steps to reduce the thickness of ribbons to get an advantage of reduced eddy 

currents at high frequencies. The in-situ thinning process of amorphous alloys improves 

materials' performance, reduces material’s cost and provides the opportunity for mass 

production of the high flux density soft magnetic amorphous materials at relatively lower costs. 
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Abstract 

The mechanisms that limit the power loss performance in melt-spun amorphous ribbons have 

been investigated through DC and AC magnetic characterisation methods. The measured total 

power loss is resolved into hysteresis, eddy current, and anomalous losses. The anomalous loss 

is found to account for more than 90% of the total loss, which is significantly reduced by 

annealing in a transverse magnetic field. This is attributed to the reorientation of the preferred 

magnetisation axis perpendicular to the length of ribbons. Transverse magnetic annealing 

promotes the relative contribution of domain rotation over domain wall motion during the 

magnetisation reversal process. Magnetic annealing also causes a measurable decrease in the 

domain width, which promotes pinning and inhibits domain wall motion, thus further favouring 

coherent domain rotation as the primary mechanism of magnetisation. This combination 

accounts for a 75% decrease in the total power loss in the so-processed ribbons and renders 

them attractive for applications in mid- and high-frequency power supplies and inverters. 

Keywords: Amorphous alloy; Magnetic properties; Magnetisation process; Magnetostructural 

transformations 

5.1 Introduction 

Power loss during electrical conversion accounts for a large percentage of the total dissipation 

(primarily heat) during power transmission and distribution. This is not only felt close to the 

end-user, resulting in a decreased efficiency of consumer-grade power electronic components 

[1]; but also in high-power applications such as power inverters used within photovoltaic 

installations [2]. The overall power loss can be attributed broadly to three different 

mechanisms, namely, hysteresis loss, eddy current loss, and anomalous loss. It is well 

understood that as the operating frequency f increases, the eddy current and anomalous losses 

become dominant at f  > 100 kHz for metallic, high polarisation materials. On the other hand, 

recent advances in power conversion circuits have pushed their switching frequencies to 100s 

of kHz and even into the megahertz range [3, 4]. The utilization of these benefits is more readily 

attainable using ferrite-based low-moment materials, which are insulating. However, the low 

flux density typical to ferrites (0.3 – 0.4 T) requires considerable cross-sectional area, which is 
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massive in many deployments [5]. Thus, to put conducting and insulating core materials on a 

level playing field, a key metric has to be used, say for transformer applications, which work 

as a direct indication of the overall efficiency of the end device. One such choice is material 

power loss performance. Presently, ferrites, iron powder [6] and tape wound cores [7, 8] are 

primarily used for relatively low-power applications, where only grams of material are required 

per installation. An affordable, yet efficient, high-moment magnetic material, allowing for 

operation beyond 100 kHz, would enable mass application in higher power export-to-grid 

invertors (in the kW range), which are expected to become prolific in the near future as many 

countries are adopting new regulations with respect to renewable energy sources. 

Based on related parameters to calculate the as-mentioned different kinds of losses [5], the 

next generation of miniaturised power electronic devices requires cores with high magnetic 

flux density, high resistivity, and ultra-low coercivity along with ease of manufacturability [9]. 

All of these characteristics are documented in amorphous materials. Furthermore, good high-

frequency permeability can be observed in this type of material which is due to the combination 

of low coercive resulting from the homogeneous glassy structure and low eddy current loss 

resulting from relatively high electrical resistivity [10]. Therefore, due to the variety of 

applications for these materials, the largest volume usage, by far, both in dollars and tonnage, 

is in the cores of electrical distribution transformers [11].  

Since 1995, a number of Fe- and Co-based amorphous alloys with TC well above room 

temperature have been developed by different rapid cooling methods, such as copper mould 

casting or water quenching. The formation and properties of multicomponent Fe-based Bulk 

Metallic Glasses (BMGs) have attracted increasing attention because of the fundamental 

interests in their properties and the high industrial application potential [10]. For Co-based 

amorphous alloys, it is known that CoFeSiB alloys with zero magnetostriction exhibit high 

permeability and have been subsequently developed as ultra-low coercivity sensor materials. 

However, as a result of the poor glass-forming ability (GFA), high cooling rates are required, 

in order to obtain an amorphous phase directly from the liquid state, causing limitations in the 

shape and dimensions of the resulting material, limiting it to either a ribbon or a wire form [12]. 

One notable practical advantage of thin melt-spun ribbons is their lower eddy current loss, as 

compared to their crystalline counterparts, when utilised in tape wound magnetic cores.  
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Anomalous loss dominates the total dynamic loss in most soft magnets with a uniaxial 

anisotropy oriented longitudinally to the applied magnetic field. It originates from localised 

eddy currents around moving domain walls under the driving action of an external magnetic 

field. The anomalous loss can be decreased through changing the mechanism of magnetisation 

from predominantly domain wall motion to the coherent rotation of domains, which can be 

done using transverse magnetic annealing. The mechanisms of inducing magnetic anisotropy 

by magnetic annealing include atomic pair ordering resulting in directional order in the sample, 

structural relaxation, and rearrangement of free volume in amorphous materials [6].  

In the present work, the effect of transverse magnetic annealing on the magnetisation 

reversal process and power loss mechanisms in amorphous melt-spun CoFeB-based ribbons is 

studied. To clarify and understand the loss-limiting mechanisms and guide a decrement in 

anomalous loss, Magneto-Optic Kerr Effect (MOKE) microscopy is used in parallel to bulk 

magnetisation measurements and model-based evaluations.   

5.2 Experimental Methods 

Melt-spun ribbons of 20 µm thickness and 1 mm width, with the composition of 

Co65.88Fe4.2B24Si1.92Nb4, are obtained using fabrication conditions explained in reference [13]. 

X-ray powder diffraction (XRD) data of the melt-spun ribbons are collected using a Phillips 

PANalytical X’pert Pro diffractometer, with an operational wavelength of 1.5405 Å (Cu-Kα 

anode). The thermal behaviour of the ribbons before any annealing treatment is evaluated by 

Differential Scanning Calorimetry (DSC) in TA Instrument DSC 2920. DSC experiments are 

performed on 20 mg of ribbons, at the heating rate of 10 K/min in the Ar atmosphere. The 

ribbons are thermally annealed and magnetically annealed at 5 Tesla for one hour at three 

different temperatures (450, 475, and 500 °C) in a magnetic annealing oven (Model: TEL 

MRT5000) provided by Tokyo Electron Magnetic Solutions, Ltd. The magnetic annealing 

temperature was measured and controlled through a system including a thermocouple attached 

to the sample holder. The small coercivity (< 3 A/m) and anisotropic field of the ribbons, along 

its length, is accurately measured by a B-H loop tracer running at 10 Hz with a maximum 

applied magnetic field up to 0.1 T and with the resolvable magnetic field of 0.01 A/m. The 
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initial relative permeability of ribbons is calculated based on the slope of the hysteresis loop 

linear part. In addition, Evico Magnetics Kerr Microscope & Magnetometer is used for the 

visualisation of magnetic domains at µ0H = 0 T when the ribbons are in the remanent state of 

the magnetisation. 

The power loss characterisation of the ribbons is performed using a custom design air-core 

solenoid inductor. One hundred fifty turns of 28 gauge Cu wire are wound on a 5 cm long 

hollow cylinder of 5 mm outer radius with near-zero spacing between the turns to create a 

uniform excitation field inside the solenoid. The impedance of the air core solenoid, Za, is 

measured using an LCR meter (HP4284A) at various excitation current levels. Three ribbon 

pieces (20 mm × 1 mm × 0.02 mm) are fixed on a sample holder and inserted inside the 

solenoid, along its axis, where the uniformity of the field is best (see Fig. 1). Without moving 

the probes from the test fixture, the ribbons are centred inside the solenoid to be at the same 

distance from both open ends, where the field lines are no longer parallel to the axis. In this 

way, the magnetic core material is exposed to a uniform excitation field along its length. The 

Cu turns are at a sufficient distance from the solenoid axis so that the demagnetisation field 

does not alter the field lines around the turns, maintaining the same AC winding resistance as 

in the case of air-core solenoid measurement. Therefore, the difference between the impedance 

measurement with and without magnetic core material, Zc and Za, respectively, at different 

frequencies, represents the contribution of the magnetic core to the inductance and power loss 

at each frequency. As the cross-sectional area of the ribbons is significantly smaller than that 

of the solenoid, the effect of the insertion of the magnetic core on the real part of the inductance 

is negligible. Thus, the magnetic material power loss is calculated as [8]; 

𝑃loss = Re( 𝑍c − 𝑍a)𝐼2 (1) 

where Re( 𝑍c − 𝑍a) is the real part of the complex impedance difference and 𝐼 is the excitation 

current measured using the LCR meter. The induction field inside the ribbon samples is 

calculated by [8]: 

𝐵 =
lm(𝑍c − 𝑍a)𝐼

(2π𝑓𝑆)
π𝑟2 (2) 
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where f and S are the measurement frequency and the total cross-sectional area of the ribbons, 

and r is the radius of the coils. The power loss measurement method has been tested with 

commercial samples, and the results are in good agreement with the reported power loss in 

standard datasheets. The AC signal magnitude of 40-100 mA was used to measure the 

impedance and the excitation current. It should be mentioned that the values of Inductance and 

Resistance were measured directly by the LCR meter and no equivalent circuit was used to 

determine the a-mentioned values from the measured impedance and phase angle data. The 

PCB board in Figure 1b was only used to put the LCR meter probes in contact with the solenoid 

copper wire. In addition, the air core measurements let us to eliminate the effect of copper 

resistance. 

 

 

 

 

 

 

Figure 1. Power loss measurement set-up; (a) complete set-up, (b) solenoid with 150 turns of 

wire of gauge 28 to produce a coherent magnetic field at the centre, and (c) sample holders. 

Furthermore, high-frequency permeability is derived from the inductance measurement of 

the single turn closed core toroidal inductor using the following equation:  

µ =
𝑙𝐿e

µ0𝑁2𝑆
 (3) 

where Le is the measured inductance, l is the magnetic path length of the toroidal core, S is the 

cross-sectional area of the toroidal core, N is the number of copper turns, and μ0 is the free 

space permeability.  

(a) 

(c) 

(b) (a) 

(c) 
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5.3 Results and discussion 

 DC Magnetic Properties 

The evolution of hysteresis loops measured along the length of the ribbons as a function of 

magnetic annealing temperature is shown in Fig. 2. As can be seen, an increase in magnetic 

annealing temperature causes more sheared-over loops, which suggests that the mechanism of 

the magnetisation reversal process is changing from domain wall motion to rotation. Based on 

the DSC trace (Fig. 3) and XRD patterns (Fig. 4), up to magnetic annealing temperatures of 

500 oC, the microstructure of the ribbons is still amorphous. Additionally, the important 

features distinguishing the hysteresis loops from each other in Fig. 2 can be explained using 

different parameters. First, when the field is growing from zero (Fig. 2, arrow 1), the 

permeability would decrease due to an increase in transverse induced anisotropy (Fig. 5), which 

is moving the easy axis from the length to the width of the ribbons. In addition, saturation is 

not achieved until H = Hk; this parameter, the induced anisotropy field (Hk), is increased when 

the annealing temperature is increased. It also represents the induced anisotropy energy (Ku) 

(Fig. 6) which is calculated based on: 

𝐾u =
𝐻k𝜇0𝑀s

2
 (4) 
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Figure 2. Hysteretic loops of as-quenched and magnetically annealed amorphous ribbons. 
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The high induced anisotropy at elevated temperatures could be due to larger atomic 

mobility, leading to a microstructure in which atomic pairs of magnetic elements are ordered 

[14]. By increasing the annealing temperature, as H is decreased from saturation (Fig. 2, arrow 

2), the system tends to demagnetise itself more completely, which results in a decline in Br/Bs 

(Fig. 5). In other words, induced anisotropy takes over as H approaches zero and rotate the 

magnetisation toward the nearest easy direction. As can be seen in the diminishing trend of 

coercivity (see Fig. 7), the magnetisation becomes more reversible as the induced anisotropy 

Fig. 3. DSC trace of CoFeB-based melt-spun ribbons. 
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Figure 4. XRD patterns of as-quenched and magnetically annealed ribbons at 500 °C. 
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is increased [6]. This trend can also be due to the structural relaxation and rearrangement of 

free volume, as well as other mechanisms of inducing anisotropy. 
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Figure 5. Relative permeability and the ratio between remnant magnetisation and saturation flux 

density (B
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) of the as-quenched and magnetically annealed samples at different temperatures. 
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Figure 7. Coercivity of ribbons as a function of magnetic annealing temperature. 

 

 AC Magnetic Properties 

Total power loss density increases with AC magnetic induction (BAC) and frequency (Fig. 8). 

Samples, which have been magnetically annealed at higher temperatures, show a lower amount 

of power loss, a decrease of 75% after magnetic annealing at 500 °C, although the same cannot 

be eliminated entirely. In other words, by inducing anisotropy of an equivalent remagnetisation 

power density (Ku.f), the power loss density is decreasing. A linear relationship between the 

induced anisotropy power and the power loss holds in the system in a broad range of frequency 

(Fig. 9). Furthermore, the power loss is just a small fraction of the induced anisotropy power. 

However, at higher levels of magnetic induction, this fraction is increasing (Fig. 9). To 

evaluate the effect of field annealing compared to simple annealing, ribbons are annealed in 

vacuum at 450, 475 and 500 °C. The power loss of the as-quenched sample is increased after 

simple annealing, as can be seen in Fig. 8 at three different frequencies. This effect can be 
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attributed to the more relaxed microstructure of the ribbons, which makes domain wall motion 
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Figure 8. Power loss density of as-quenched, magnetically annealed, at T
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o
C, and simply annealed, at T

a
= 450, 475 and 500 

o
C, ribbons as a function of the intensity 

of the applied magnetic induction at different frequencies; (a) 50 kHz, (b) 500 kHz and (c) 1 

MHz. 
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easier and as a consequence, the power loss is bigger, likely due to the micro-induction currents 

associated with the domain wall motion, i.e., the anomalous loss, which will be addressed 

accordingly. 

To evaluate the contribution of different kinds of losses and their relations to 

microstructural and magnetic parameters, a power loss decomposition based on the analysis 

borrowed from reference [5] has been carried out. According to these estimates, more than 90% 

of total power loss is due to anomalous loss, which is in agreement with previous studies [15-

17]. This contribution can be due to the low amount of hysteresis and the high permeability in 

the ultra-soft magnetic ribbons, which means that the primary mechanism of magnetisation is 

domain wall motion, instead of magnetisation rotation, which itself is mainly responsible for 

the anomalous part of the losses. Due to the excessiveness of this kind of loss, the relevant 

strategies for its minimization are discussed below in more detail. 

 

5.3.2.1 Anomalous loss 

The anomalous loss measured at 10 mT and the frequencies of 50, 500 kHz, and 1 MHz are 

shown in Fig. 10. It can be seen that inducing uniaxial anisotropy causes a substantial decline 

in the amount of anomalous loss. In other words, field annealing changes the magnetisation 

easy axis by inducing a transverse anisotropy, which also results in a domain size refinement, 

which in turn reduces the stray field energy (Fig. 11). To verify this observation, the average 

domain width w is estimated as [15]: 

𝑤 ≈ √
2𝛾w𝑡

𝐾u. (𝑁zz sin2 𝛽 + 𝑁yy cos2 𝛽)
 

 

(5) 

where γw is the domain wall energy, t is the ribbon thickness, β is the out-of-plane angle of the 

magnetisation vector, Nzz (≈ 1) is the demagnetising factor normal to the ribbon plane, while 

along the long axis Nxx ~ 0, and Nyy (≈0.004) is the demagnetising factor across the ribbon 
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width. For the ribbon with transverse anisotropy β = 0. The domain wall energy (γw) can be 
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Figure 9. Total power loss as a function of induced anisotropy power for three different 

intensities of the magnetic induction. 
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calculated based on 𝛾w = 2π√𝐴𝐾u [18]. A is the exchange stifness constant which can be 

estimated based on the Curie temperature of the alloy [6]. It can be noticed that as magnetic 

annealing temperature is increasing, the average domain width would decrease (Fig. 11 and 

12), and the domain wall energy would increase (Fig. 12), indicating that the induced 

anisotropy is changing the mechanism of magnetisation by making the domain wall motion 

harder as the domain wall energy is increasing [15]. Additionally, as can be seen in Fig. 11, the 

domain walls are getting smoother with increasing the magnetic annealing temperature that 

confirms incremental induced uniaxial anisotropy. 

 

In addition, according to Herzer's theory [19], the relationship between total power loss 

and the total eddy current loss (𝑃ec), which includes classic eddy current loss and excess eddy 

current loss or anomalous loss, has the form as formulated in Eq. 6: 
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Figure 10. Anomalous loss of as-quenched and magnetic annealed samples as a function of 

frequency, measured at B = 0.01 T. 



Chapter 5 139 

 

𝑃t ≈ 𝑃ec [1 +
𝑤2

(𝑤 cos 𝛽 + 𝑡)2

𝑚2

1 − 𝑚2
] (6) 

 

where m denotes the average magnetisation component along the ribbon axis normalised to 

the saturation magnetisation. Thus, by decreasing the domain wall width (w) as a result of 

magnetic annealing, the total eddy current loss will decrease, which can be seen in Fig. 13 

[15]. As it can be noticed in this figure, at B = 0.01 T, there is a reasonably good agreement 

between the measured and the calculated total eddy current loss based on Eq. 6. Similar 

behaviours are observed at higher values of B = 0.05 T and  B = 0.1 T. 

Figure 11. MOKE domain images of (a) as-quenched, and thermomagnetic annealed ribbons 

at (b) 450 
°
C, (c) 475 

°
C and (d) 500 

°
C. The domain imaging have been carried out at the 

remanent state of magnetisation. 
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Figure 12. Calculated domain width and domain wall energy in magnetic annealed samples at 

different temperatures. 
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Figure 13. Measured and estimated total power loss of magnetic annealed samples at B = 0.01 T. 
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Additionally, to evaluate the application potential of the amorphous ribbons, the frequency 

spectrum of effective permeability, μ, is measured and shown in Fig. 14. The effective 

permeability of the as-quenched ribbons decreases steadily from 2000 to 240 in the frequency 

range from 50 kHz to 28 MHz, which is about 88% decrement. The permeability of the 

magnetic annealed samples at 50 kHz is less than one-third of as-quenched ones, while the 

reduction rate of permeability for magnetic annealed samples in the as-mentioned frequency 

range is about 60%. At 50 kHz, the permeability of the as-quenched sample is much higher 

than the magnetic annealed samples because the primary mechanism of magnetisation is 

domain wall motion in this sample, while in the magnetic annealed samples, the dominant 

mechanism of magnetisation reversal is magnetisation rotation. Hence, the 

effective permeability in this frequency region is associated with the initial permeability of the 

material. Further increase in f causes a significant reduction in μ, which can be ascribed to a 

relaxation-type dispersion of the reversible bulging mechanism for which the domain walls are 

no longer able to follow the AC magnetic variations. Beyond the relaxation frequency, 
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Fig. 14. Frequency dependence of the effective permeability of as-quenched and magnetic annealed 

ribbons at the frequency range of 50 kHz to 28 MHz. 
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μ becomes small, reflecting the contribution of the domain rotation as the dominant 

magnetisation process. Therefore, the abrupt change in the permeability of the as-quenched 

sample is due to a change in the mechanism of magnetisation reversal, while this change is 

much smaller for the magnetically-annealed samples, in which the primary mechanism of 

magnetisation is domain rotation, in the whole range of frequency. 

5.4 Conclusions 

Melt-spun ribbons have been annealed in a transverse magnetic field of 5 T, at varying 

temperatures of up to 500 °C. The effect of field-induced anisotropy on DC and AC magnetic 

properties are reported. Magnetic annealing results in ribbons with lower longitudinal 

coercivity and permeability (real part of permeability (μ′) from 5,000 down to 1450, the 

imaginary part of permeability (μ′′) from 100 down to 25 at 50 kHz) due to structural relaxation 

and a change in the easy axis of magnetisation of the ribbons, from along their length, to along 

their width, respectively. The latter results in the consequent predominance of domain rotation 

as the mechanism of magnetisation reversal. Therefore, the material-specific Q-factor (μ′/μ′′) 

has improved from ~50 to ~58 at 50 kHz. Total power loss within the ribbons has been 

decomposed into hysteresis, eddy current, and anomalous losses. Based on this analysis, 

anomalous loss accounts for about 90% of total power loss, and through magnetic annealing 

and the associated decrease in the domain width, it can be reduced substantially. This 

mechanism is explained and verified using MOKE imaging and domain wall energy 

calculations based on magnetisation data. The measured behaviour of the total power loss is 

dominated by total eddy current loss, including eddy current and anomalous losses, and is in 

good agreement with Herzer’s theory. Soft magnetic ribbons, of a low thickness (< 20 μm), of 

CoFeB-based metallic compositions, heat-treated in a transverse magnetic field of above 5 T, 

at a temperature in the range 450-500 oC, therefore, hold great promise for power applications 

at frequencies in the range of 10 – 500 kHz, offering higher permeability alternative to ferrites. 
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Abstract 

Phase transformation driven soft magnetic properties have been correlated through different 

stages of nanocrystallisation of Co-based amorphous alloys, via transverse magnetic annealing, 

by combining structural, magnetothermal, domain imaging, AC and DC magnetometry 

techniques. The nanocrystallisation starts by nucleation and growth process of soft magnetic 

meta-stable, thermodynamically favoured, Co23B6 phase with less nucleation activation energy 

compared to other stable phases. In the second crystallisation stage, Co2B and Co3B, as semi-

hard magnetic phases, are identified in the alloys, magnetic annealed at 525 and 550 °C, 

respectively. Field-induced anisotropy dominates over the residual contributions of magneto-

crystalline anisotropy of the phases, precipitated after field annealing at 510, 515, and 525 °C. 

The anomalous loss is significantly reduced by annealing in a transverse magnetic field due to 

the reorientation of the preferred magnetisation axis, and consequently, the change in dominant 

magnetisation reversal mechanism from domain wall motion to magnetisation rotation. In 

addition, magnetic annealing causes a measurable decrease in the domain width, which, in turn, 

promotes pinning and inhibits domain wall motion, thus further favours coherent domain 

rotation as the primary mechanism of magnetisation. The combined mechanism of 

nanocrystallisation and coherent magnetisation rotation accounts for a 70% decrement in the 

anomalous loss in the so-processed ribbons at 525 °C, which renders them attractive for 

applications in mid- and high-frequency power supplies and inverters. 

Keywords: Amorphous alloys, Nanocrystallisation, Magnetic annealing, Soft magnetic 

properties, Magnetisation reversal process, Magnetostructural transformations. 

6.1 Introduction 

Soft magnetic nanocomposites are generally synthesised by crystallising amorphous metal 

precursors that typically include large (e.g., Zr, Nb) and small atoms (e.g., B, Si) relative to the 

ferromagnetic transition-metal elements. In these complex multicomponent systems, 

constituent atoms with a significant atomic mismatch provide excellent glass forming ability 

and enable a composite microstructure, which consists of nanocrystals of a transition-metal-

rich phase embedded within an intergranular amorphous phase, enriched in glass formers, after 
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the first ‘primary’ crystallisation event [1,2]. At higher annealing temperatures, i.e., in the range 

of the second exothermic event, the glass-former enriched intergranular amorphous phase 

crystallises as well. A large number of compounds are reported in the literature, depending on 

the alloy composition, including (Fe,Co,Ni)2B, (Fe,Co,Ni)2Zr, and (Fe,Co,Ni)3B. More 

complex phases exist, exhibiting the Cr23C6 prototype structure such as (Fe,Co,Ni)23B6, which 

has a large unit cell with more than 1 nm size, containing 92 medium-sized ferromagnetic 

transition-metal elements and 24 small metalloid atoms [3]. This particular phase is a 

metastable one, which can easily decompose into (Fe,Co,Ni)3B and (Fe,Co,Ni)2B. However, 

when the main transition metal site is partially substituted by another transition metal atom, 

such as Nb, Co, or Ni, the M23B6 phase is stabilized and more easily retained [4]. 

The precipitation of M23B6 phase throughout the amorphous matrix results in a significant 

improvement in the soft magnetic properties and low losses at high frequencies [5]. In addition, 

the network-like structure of Co23B6, which requires long-range atomic rearrangements of 

constituent elements and a large negative entropy, leads to the high stability of the supercooled 

liquid against crystallisation. The details of such transformations during the annealing process, 

inherently involving a definite sequence of compositional as well as structural ordering 

processes, are however still rather unclear. Furthermore, the 23:6 phases are not as well 

understood as other crystallisation products because they exhibit complex face-centred-cubic 

structures with 116 atoms per conventional unit cell that are often metastable [6]. It is, 

therefore, important to study the underlying structure and microstructure of these phases in 

order to understand the underpinning of important properties for the technical application of 

these materials [4]. 

Power loss during electrical conversion accounts for a large percentage of the total 

dissipation (primarily heat) during power transmission and distribution [7]. Power dissipation 

occurs not only close to the end-user, resulting in a decreased efficiency of the ever more 

ubiquitous consumer-grade power electronic components, but also in the growing share of 

high-power applications such as power inverters used within photovoltaic installations [8]. The 

overall magnetic core power loss can be attributed broadly to three different mechanisms, 

namely, hysteresis loss, eddy current loss, and anomalous loss. It is well understood that as the 

operating frequency f increases, the eddy and anomalous losses become dominant at f > 100 
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kHz, for metallic, high polarisation materials. On the other hand, recent advances in power 

conversion circuits have pushed switching frequencies into the 100s of kHz and even into the 

megahertz range (in on-chip applications) [9,10]. This minimizes the size of the passive 

components required but means that the magnetic material must be capable of operating at high 

frequency with low losses.  Utilisation of these benefits is more readily attainable using ferrite-

based low-moment materials, which are insulators. However, the low flux density typical to 

ferrites (0.3 – 0.4 T) requires considerable cross-sectional area (and volume), which is 

undesirable in many deployments [11]. Presently, ferrites [12], iron powder, and tape wound 

cores [13] are primarily used for relatively low-power applications, where only grams of 

material are required per installation. An affordable, yet efficient, high-moment magnetic 

material, allowing for operation beyond 100 kHz, would enable mass application in higher 

power export-to-grid invertors and power-regulation circuits (in the kW range), which are 

expected to become prolific in the near future as many countries are adopting new regulations 

with respect to renewable energy sources. Anomalous loss dominates the total dynamic loss in 

most soft magnetic amorphous ribbons with a uniaxial anisotropy oriented longitudinally to the 

applied magnetic field. It originates from localised eddy currents around moving domain walls 

under the driving action of an external magnetic field. The anomalous loss can be significantly 

reduced through changing the mechanism of magnetisation reversal from predominantly 

domain wall motion to coherent magnetisation rotation using transverse magnetic annealing. 

The mechanisms of inducing uniaxial magnetic anisotropy by magnetic annealing include 

spatial atomic pair ordering resulting in directional order, structural relaxation, and the 

rearrangement of free volume in amorphous materials [14].  

The present work provides a deeper understanding of the structural phase transitions, 

quantifies the induced uniaxial magnetic anisotropy energies, and correlates the induced 

coherent magnetisation reversal process to the significantly improved high-frequency loss 

performance of transverse field annealed nanocrystalline ribbons. The detailed structural, 

magnetothermal, magnetic domain imaging and magnetisation reversal process in amorphous 

and nanocrystalline Co-based ribbons with different strengths of transverse field-induced 

anisotropies at frequencies up to 1 MHz have been investigated and discussed in detail.  
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6.2 Experimental methods 

Melt-spun ribbons (20 µm thick and 1 mm wide) of Co65.88Fe4.2B24Si1.92Nb4 alloy are obtained 

using rapid quenching technique; the detailed procedure is reported elsewhere [15]. The 

ribbons are annealed in a 5 Tesla magnetic field orientated in the transverse direction for 60 

minutes at different temperatures; 510, 515, 525 and 550 °C. The equilibrium phase diagram 

of the alloy composition is predicted by the thermodynamic modelling approach, using 

PandatTM software (version 2019). This thermodynamic database is utilised to predict the 

possible equilibrium phases at room temperature in the current multi-component alloy system 

to be compared with the experimental results. X-ray powder diffraction (XRD) data of the melt-

spun ribbons are collected using a Phillips PANalytical X’pert Pro diffractometer, with an 

operational wavelength of 1.5405 Å (Cu-Kα anode). Rietvel refinement analysis is carried out 

on the diffraction patterns. For transmission electron microscopy (TEM) analysis, each selected 

ribbon is first processed using a focused ion beam microscope (FEI Helios Nanolab 600i). A 

protective metallic (Pt-based) layer is deposited on the surface before milling to create an 

ultrathin lamella, followed by an in-situ micromanipulator transfer to a TEM sample holder. 

TEM imaging of the ultrathin lamella is performed using a JEOL-2100 TEM operating at 200 

kV. In addition,  the coercivity and anisotropy field of the ribbons, along its length, is measured 

using a B-H loop tracer (at f = 10 Hz) with the maximum magnetic field of 0.1 Tesla. In 

addition, an Evico Magnetics Kerr Microscope & Magnetometer is used for the visualization 

of magnetic domains. Thermomagnetic measurements are performed using the Magneto-

thermogravimetric instrument; the detailed procedure is published elsewhere [16].  

The power loss characterisation of the ribbons is performed using a custom design air-core 

solenoid inductor. The 150 turns of 28 gauge Cu wire are wound on a 5 cm long hollow cylinder 

of 5 mm outer radius with near-zero spacing between the turns to create a uniform excitation 

field inside the solenoid. The impedance of the air core solenoid, Za, is measured using an LCR 

meter (HP4283c) at various excitation current levels. The ribbon samples (2 cm × 1 mm × 20 

µm) are inserted inside the solenoid, along its axis, where the uniformity of the field is best 

(see Fig. 1). Without moving the probes from the test fixture, the ribbons are centred inside the 

solenoid to be at the same distance from both open ends, where the magnetic field lines are no 
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longer parallel to the axis. In this way, the magnetic core material is exposed to a uniform 

excitation field along its length. The Cu turns are at a sufficient distance from the solenoid axis 

so that the demagnetisation field does not alter the field lines around the turns, maintaining the 

same AC winding resistance as in the case of air-core solenoid measurement. Therefore, the 

difference between the impedance measurement with and without magnetic core material, Zc 

and Za, respectively, represents the contribution of the magnetic core to the inductance and 

power loss at each frequency. As the cross-sectional area of the ribbons is significantly smaller 

than that of the solenoid, the effect of the insertion of the magnetic core on the real part of the 

inductance is negligible. Therefore, the magnetic material power loss is calculated as: 

𝑃loss = Re( 𝑍c − 𝑍a)𝐼2 (1) 

where Re(Zc-Za) is the real part of the complex impedance difference, and I is the excitation 

current measured using the LCR meter. The induction field inside the ribbon samples is 

calculated by; 

𝐵 =
lm(𝑍c − 𝑍a)𝐼

(2π𝑓𝑆)
π𝑟2 (2) 

where f and S are the measurement frequency and the total cross-sectional area of the ribbons, 

and r is the radius of the coils. The power loss measurement method has been tested with 

commercial samples, and the results are in good agreement with the reported power loss in 

standard datasheets. 

 

 

 

 

(a) 

(c) 

(b) (a) 

(c) 

Figure 1. Power loss measurement 

set-up; (a) complete set-up, (b) 

solenoid with 150 turns of wire of 

guage 28 to produce a coherent 

magnetic field at the centre, and (c) 

sample holders. 
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6.3 Results and discussions 

 Structural characterization 

Figure 2 shows the XRD patterns of the ribbons as a function of magnetic annealing 

temperature up to 550 °C. The XRD pattern of the as-quenched ribbons exhibits a broad diffuse 

peak at 2θ = 44.40°, which represents the amorphous atomic structure of the ribbons before 

any heat treatment. Although no significant peak can be observed in the magnetic annealed 

sample at 510 °C, TEM investigations show the nucleation of nanocrystals with an average 

size of 5 nm in an amorphous matrix, see Fig. 3a and 3c. As the distance between atomic planes 

of crystallites in three directions is the same and is equal to 6.057 Å (Fig. 3c), these planes may 

be {111} planes of a crystal with a lattice parameter of 10.49 Å, which is in agreement with 

the reported lattice parameter of the metastable Co23B6 phase [5]. By increasing the temperature 

to 525 °C, several additional peaks appear in the XRD patterns belonging to Co23B6 and Co2B, 

an orthorhombic equilibrium phase. Annealing the ribbons at 550 °C further increases the 

intensity of the peaks corresponding to Co23B6 and Co2B phases. Simultaneously, the 

appearance of a new orthorhombic equilibrium phase, i.e., Co3B, is suspected as hinted by the 

presence of overlapped peaks at 2θ = 41.79°, 44.67°, and 48.68°, in addition to a low-intensity 

peak at 73.9°. The formation of Co3B is confirmed by the Rietveld refinement method, and the 

percentage of the phase is estimated as 12%. 

The detailed crystallisation process is investigated by TEM micrographs of ribbons 

annealed at 510 and 525 °C, as shown in Fig. 3. The distance between lattice planes in three 

different directions is equal (6.057 Å), see Fig. 3c, which corresponds to {111} planes. This 

lattice spacing is in good agreement with the calculated distance based on the lattice parameter 

of Co23B6 phase, estimated from Rietveld refinement analysis of XRD patterns. In addition, the 

refined lattice parameter, i.e., 10.54 Å, is in good agreement with the reported lattice parameter 

of this metastable phase [5]. The atomic planes attributed to Co23B6 phase in the samples 

annealed at 510 °C and 525 °C  can be seen in Fig. 3c and 3d, respectively. Additionally, based 

on the lattice parameter of different phases mentioned in Table 1 and calculated atomic planes 

spacing, the sets of {100} and {110} planes of Co2B phase are identified in 525 °C annealed 
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ribbons (see Fig. 3e and 3f). As can be seen in Fig. 3a and b, the size of nanocrystals increases 

with annealing temperature and nanocrystals with different atomic orientations (Fig. 3 d-f) are 

formed at the expense of the amorphous matrix, which forms the main part of the 

microstructure of the magnetic annealed sample at 510 °C (Fig. 3a and 3c). Furthermore, the 

crystallite size of the ribbons annealed at 525 and 550°C, which is calculated by the Rietveld 

refinement method, is 33.53 and 33.54 nm, respectively. For the former, the size of crystallites 

is in good agreement with the apparent TEM images  (Fig. 3b and Fig. 3d-f). 

The thermodynamic and kinetic aspects of the phase transitions, as mentioned above, are 

investigated in detail. The phase transitions are studied by evaluating the equilibrium phase 

diagram of the system using PandatTM software. The thermodynamic calculations reveal three 

main phases, including Co2B, Co (hcp), and Co3B, that are stable from room temperature to 

780 °C. Contrary to that, the microstructure analysis of the magnetically annealed ribbons, see 

Fig. 2 and 3, confirmed the presence of the metastable Co23B6 phase at 510 °C, Co2B phase at 

525 °C, and finally, Co3B phase at 550 °C. Therefore, the discrepancy between experimental 

observations and thermodynamic modelling needs to be addressed accordingly. 
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Figure 2. XRD patterns of as-quenched and magnetically annealed samples at 510, 515, 525 and 

550 °C. 
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Figure 3. TEM micrographs of magnetically annealed samples at: (a) 510 °C (circles indicate 

nano-crystallites) and (b) 525 °C; {111} planes in Co23B6 in magnetically annealed samples at: (c) 

510°C and (d) 525°C; (e) {110} and (f) {100} planes of Co2B in the magnetically annealed 

sample at 525 °C. 
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Table 1. Crystal structure, lattice parameter, Gibbs free energy and interface energy difference 

between the liquid and solid; Δ𝐺v and 𝜎, the activation threshold for formation of a critical nucleus 

Δ𝐺∗ of different phases at 510 °C. 

Phase 
Space 

group 

Lattice Parameter 

(Å) 

𝚫𝑮𝐯 

(kJ/mol) 

σ (J/m2) 

×105 

𝚫𝑮∗ (J) 

×1023 

𝚫𝑮∗ 

(meV) 

Co23B6 Fm3̅m 10.54 155 3.71 3.55 0.355 

Co P63/mmc 2.5 4.06 9.03 1.12 29.2 2.92 

Co2B I42m 5.19 4.32 7.95 1.62 114 11.4 

Co3B Pnma 5.22 6.63 4.41 29.4 5.4 304.8 30.48 

 

The nucleation of a metastable phase is likely to be kinetically favoured compared to that 

of the stable phase [5]. According to classical nucleation theory [17], the activation threshold 

for the formation of a critical nucleus is Δ𝐺∗, which is the free energy required to form the 

critical nucleus, that can be expressed as; 

Δ𝐺∗ =
16π𝜎3

3Δ𝐺v
2

𝑓(𝜃) (3) 

where 𝑓(𝜃) is the catalytic potency factor for heterogeneous nucleation, which depends on the 

wetting angle 𝜃. Δ𝐺v is the Gibbs free energy difference between the liquid and the solid: 

Δ𝐺v = Δ𝐻f

𝑇m − 𝑇ma

𝑇m
  (4) 

where Δ𝐻f, 𝑇m, and 𝑇ma denote the enthalpy of fusion, melting temperature, and magnetic 

annealing temperature, respectively. In addition, the interface energy, 𝜎, can be estimated by 

the model developed by Spaepen and Meyer [18]: 

𝜎 = 𝛼
Δ𝑆f𝑇ma

(𝑁L𝑉m
2)1/3

   (5) 

where 𝛼 is a factor dependent on the structure of the solid nucleus and Δ𝑆f, 𝑁L, and 𝑉m are the 

entropy of fusion, Avogadro’s number, and molar volume of the phase, respectively. Without 

the knowledge of the contact angle 𝜃 of the crystal nucleus to the substrate, the nucleation is 
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assumed to be homogenous. Based on this theory, the activation threshold of the stable and 

metastable phases in this system is estimated, as summarised in Table 1. As can be seen, the 

necessary activation energy for the formation of Co23B6 at 510 °C is much less than other stable 

phases, and hence the nucleation of this phase is favoured kinetically.   

 DC magnetic properties 

Transverse magnetic field annealing is used to reorient the magnetisation axis by inducing 

uniaxial magnetic anisotropy. Reorientation of the magnetic axis is confirmed by comparing 

the preferred orientation of domains, observed by MOKE, in as-quenched and magnetic 

annealed ribbons at 510 and 525 °C, as illustrated in Fig. 4. It can be seen that the preferred 

magnetisation axis in the as-quenched ribbons is aligned to the longitudinal direction (Fig. 4a), 

as is well-anticipated by the dominant shape anisotropy. However, the magnetisation alignment 

was reoriented to the width of the ribbon by transverse magnetic annealing at 510 °C (Fig. 4b), 

along with the limited growth of Co23B6 in the amorphous matrix (Fig. 3c). The type and 

fraction of nanocrystallites increase after magnetic annealing at 525 °C (Fig. 2 and 3), which 

results in a more complex atomic and magnetic structure (Fig. 4c). Simultaneously, the 

magnetic domain structure transformed from wider irregular domains (Fig 4a and 4b) to a 

pattern of small but smoother domains (Fig. 4c). 

The evolution of hysteresis loops, measured along the length of the ribbons, as a function 

of magnetic annealing temperature is presented in Fig. 5. It can be seen that the shape of 

hysteresis loops becomes sheared by increasing the magnetic annealing temperature. The 

emerged shape of the sheared hysteresis loops could be attributed to the effect of transverse 

induced anisotropy in the preferred magnetisation direction. The as-mentioned effect can be 

measured quantitatively by the induced anisotropy energy (𝐾u) (see Fig. 6), which is calculated 

based on the following equation [19]: 

𝐾u =
𝐻k𝜇0𝑀s

2
 (6) 
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where 𝜇0 is the free space permeability, and 𝑀s is saturation magnetisation. The uniaxial 

induced anisotropy is related to directional atomic ordering along the direction of the local 

magnetisation in order to minimise the spin-orbit coupling energy [12]. The directional 

ordering of solute atoms originates by the local spontaneous magnetisation during heating of 

the sample; hence, 𝐾u is only induced when the field annealing temperature is lower than Curie 

temperature (TC). Thus, a crucial factor influencing the field-induced 𝐾u in the multiple-phase 

nanocrystalline soft magnetic alloys is the TC of the different phases. In order to determine the 

TC of the precipitated phases, thermomagnetic measurements, M(T), are carried out on 

magnetic annealed ribbons, as shown in Fig. 7. As can be seen, the TC  of the amorphous phase 

is ~ 310°C, while the TC of Co23B6 is more than 600 °C. It is worth mentioning that optimum 

Figure 4. Domain images during the magnetisation of as-quenched (a), magnetically annealed at 510 °C 

(b) and 525 °C (c) ribbons at µ0H = 0 T. The domain imaging have been carried out at the remanent state 

of magnetisation. 
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annealing temperature, for realizing the ‘magnetically softest’ microstructure, of the 

nanocrystalline soft magnetic alloys often lies in a range between the Curie points of the two 

constituent phases [20], so amorphous ribbons are magnetically annealed at temperatures 

between these two Curie points.  
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Figure 5. Hysteresis loops of as-quenched and magnetic annealed ribbons at 510, 515, 525 and 550 

°C. 

Additionally, the effect of the microstructural evolution of ribbons during magnetic 

annealing can be observed as in M(T) curves (Fig. 7). First of all, due to the monolithic phase 

of the amorphous as-quenched ribbons, just a single phase with a TC = 310 °C can be observed. 

However, in magnetically annealed samples at 510, 515, and 525 °C, in addition to the 

amorphous matrix phase, another phase with the TC = 610 °C, which is possibly related to 

Co23B6, can be distinguished. In addition, the decreasing fraction of the amorphous phase 

produced from a higher magnetic annealing temperature (as previously confirmed by XRD and 

TEM, see Fig. 2 and 3) can be ascribed to the M(T) behaviour of magnetic annealed samples. 

In other words, at the point shown by the arrow in Fig. 7, the M(T) curves of magnetic annealed 



Chapter 6 158 

 

samples at 525, 515 and 510 °C respectively, diverge, indicating that the amorphous phase 

transforms to Co23B6 at different temperatures in the samples which are magnetically annealed 

at different temperatures. Thus, in the samples which are annealed at higher temperatures, the 

required energy to perform the as-mentioned transition is lower.  
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Figure 6. Induced anisotropy energy and relative permeability of ribbons as a function of magnetic 

annealing temperature (the size of the symbols represents the measurements uncertainty). 

 

The metastable equilibrium between Co23B6, as a primary bcc phase, and the residual 

amorphous phases is maintained in the nanocrystalline soft magnetic alloy. An obvious 

consequence of this two-phase microstructure is that the bulk field-induced 𝐾u of the sample 

reflects the volume-weighted average of the two local 𝐾u contributions from the two 

constituent phases. Thus, as the annealing temperature is less than the TC of Co23B6 phase and 

higher than the TC of the amorphous phase, the anisotropy induced by an applied magnetic field 

during nanocrystallisation (Fig. 2 and 3), primarily originates from the Co23B6 grains, which 

results in an abrupt increase in 𝐾u after magnetic annealing at 510 °C, as compared to as-

quenched ribbons (Fig. 6). 



Chapter 6 159 

 

100 200 300 400 500 600

M
 /
 M

(R
.T

.)

Temperature (oC)

 As-quenched

 Tma= 510 oC

 Tma= 515 oC

 Tma= 525 oC

 

Figure 7. Temperature dependence of normalised magnetisation for as-quenched and magnetically 

annealed samples. 

 

The average anisotropy constant 〈𝐾〉 of a coupled multiphase system with anisotropies 

randomly oriented on a scale smaller than a magnetic correlation length, 𝐿ex, can be described 

by Eq. 7 [21]: 

〈𝐾〉 = √𝐾u
2 + ∑ 𝑥v𝛽v

2𝐾1,v
2

v

. (𝐷v/𝐿ex)3 (7) 

where 𝐾u denotes a uniaxial anisotropy, which is uniform on a scale much larger than 𝐿ex. The 

random contributions are represented by the local anisotropy constants, 𝐾1,v, the grain sizes, 

𝐷v, and the volume fractions, 𝑥v, of the individual structural phases labelled by the index v. 

The parameters 𝛽v mainly involve conventions used to define the anisotropy constants for 

different symmetries. Therefore, two different parameters lead to an increase in 〈𝐾〉. First of 
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all, increasing 𝐾u, as a result of higher temperature annealing (see Fig. 6) and 

nanocrystallisation of the sample (see Fig. 2 and 3), results in a contribution of the local 

anisotropy constant of the crystalline phases to the average anisotropy constant, as 

demonstrated in Eq. 7. Thus, the local density of induced anisotropy in the residual amorphous 

phase becomes negligible or considerably smaller than that in the primary bcc phase and the 

anisotropy induced by annealing at TC,amorph < Tma < TC,Co23B6, in a magnetic field applied during 

nanocrystallisation, mainly due to the bcc grains of Co23B6 phase. 

The subsequent decrease and then increase in 𝐾u with increasing the annealing temperature 

to 525 and 550 °C can be related to the formation of octahedral crystals of Co2B and, in 

particular, to the superlattice structure of orthorhombic Co3B in an annealed sample at 550 °C. 

The induction of an extra magnetic anisotropy in a crystal by the directional ordering of solute 

atoms is due to the change in the crystal symmetry. This means that the effectiveness of the 

solute atoms on the induction of 𝐾u depends on the type of solid solution and its crystalline 

system. This effect can also be seen in the completely different shape of the hysteresis loop, 

and high coercivity of the sample annealed at 550 °C (see Fig. 5),  which is due to the limited 

formation of Co3B as a semi-hard magnetic phase with anisotropy energy of 507 kJ/m3 [22]. 

In other words, the perfect sheared hysteresis loops after field annealing at 510, 515, and 525°C 

indicate that field-induced anisotropy dominates over the residual contributions from the 

random magneto-crystalline anisotropies. Contrary to that, the domination of extrinsic 

magnetocrystalline anisotropy over field-induced anisotropy is noticeable in ribbons which are 

magnetically annealed at 550 °C, which could be attributed to the strong magneto-crystalline 

anisotropy and higher relative concentration of Co3B. 

Therefore, although the grain size of the Co23B6 in the ribbons annealed at 525 and 550 °C 

remains almost unchanged and it is expected that, based on random anisotropy model [21], 

ferromagnetic exchange interaction between these small grains force the magnetic moments 

more and more to align parallel, simultaneously precipitation of semi-hard Co3B phase 

significantly deteriorates the soft magnetic properties in the sample annealed at 550 °C. 

Consequently, a small volume fraction of a phase with high anisotropy can change the magnetic 

behaviour of the whole sample.  
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Transverse magnetic annealing at 510 °C results in rather a substantial decrease in 

permeability (Fig. 6). However, annealing at a higher temperature does not further reduce the 

permeability. In particular, the permeability is sensitive to the angle between the applied 

magnetic field and macroscopic anisotropy direction. As the samples are magnetised along 

their length, during DC magnetic measurements, and this direction is perpendicular to the 

induced 𝐾u axis, the permeability is determined by magnetisation rotation and, hence, is 

inversely proportional to the induced anisotropy energy, based on equations 7 and 8 (see Fig. 

6) [23]. 

𝜇 =
𝐽s

2

2𝜇0〈𝐾〉
 

(8) 

where 𝐽s is the average saturation polarization of the material. Figure 8 shows the change in the 

coercivity of samples as a function of magnetic annealing temperature. The coercivity of as-

quenched ribbons is 2.9 A/m and increases to 355 A/m for ribbons magnetically annealed at 

550 °C (Fig. 5 and 8).  Limited crystallisation of Co23B6 phase in the sample annealed at 510 

°C (Fig. 3a and 3c) results in increased coercivity due to magneto-crystalline anisotropy. In 

addition, coercivity is directly related to the average anisotropy constant 〈𝐾〉 by [23]: 

𝐻c = 𝑝c

〈𝐾〉

𝐽s
 

(9) 

where 𝑝c is the dimensionless pre-factor of the order of unity. Thus, by increasing the average 

anisotropy constant, (see Eq. 7), the Hc of the ribbons increases (Fig. 8). Furthermore, the 

substantial increase in the coercivity of the sample magnetically annealed at 550 °C compared 

to one magnetically annealed at 525 °C may be due to the formation of Co3B as a semi-hard 

magnetic phase. 

Figure 8 also shows the change in the saturation magnetisation of ribbons versus magnetic 

annealing temperature. First, there is an increase in Ms from 0.84 to more than 1 T after 

magnetic annealing the amorphous ribbons at 510 °C. However, a further increase in the 

magnetic annealing temperature results in an abrupt decrease in the Ms of the samples. The 

evolution of saturation magnetisation was correlated with the growth of the crystalline phases 
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during magnetic annealing. The ~ 40% decrement is accounted for the amount of weak 

magnetic crystalline phases, as evidenced in Fig. 3b.  

0 20 460 480 500 520 540 560 580 600
1

10

100

 HC

Annealing Temperature (°C)

H
C
 (

A
/m

)

as-quenched Ms

0.5

0.6

0.7

0.8

0.9

1

1.1

M
s  (T

)

 

Figure 8.  Coercivity and saturation magnetisation of ribbons versus magnetic annealing temperature.  

 

First, as Cobalt atoms occupy four different types of positions in the cubic Co23B6 structure 

with unique symmetries and neighbouring atomic configurations, an effective localized 

moment can be attributed to each type of site. Ohodnicki et al. [6] showed that the largest local 

moments are at the 4a and 8c sites in Co23B6 structure. As has been pointed out previously in 

theoretical calculations for the (Fe,Co)23B6 structures [24], large local moments are observed 

for some of the transition-metal atoms at these sites (Fe at 4b sites = 2.64 µB, Fe at 8c sites = 

2.60 µB, Co at 8c sites = 1.91 µB relative to those calculated for pure bcc Fe = 2.17 µB and fcc 

Co = 1.60 µB). Thus, larger local moments of Cobalt atoms in Co23B6 atomic structure 

compared to Cobalt atoms in pure Cobalt results in an increase in the Ms of the magnetic 

annealed sample at 510 °C compared to the as-quenched sample. Further magnetic annealing 
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results in the formation of a Co2B phase with a  magnetic moment of 0.76 µB/f.a., leading to a 

substantial decrease in Ms for magnetically annealed samples at elevated temperatures (Fig. 8). 

 

  AC magnetic properties 

The total power loss of samples measured at three different frequencies may be decomposed 

into three different power loss mechanisms; hysteresis, eddy current, and anomalous, using the 

analysis outlined in reference [11]. By applying a similar approach, it was shown that 

anomalous loss is the main contributor to the total power loss [25–27]. Magnetic annealing 

may be used to decrease this main mechanism of power loss, and hence this type of power loss 

is investigated in more detail as follows. 

 Figure 9 represents anomalous loss behaviour of different samples as a function of 

magnetic induction at different frequencies; 50 kHz, 500 kHz, and 1 MHz. The anomalous loss 

of nanocrystalline ribbons is higher than that of as-quenched ribbons at 50 kHz (Fig. 9a). 

However, upon increasing the frequency to 500 kHz, the performance of the Tma = 525 °C 

sample is better than the as-quenched sample, which could be due to the fact that the 

contribution of anomalous loss is more significant at higher frequencies. Magnetic annealing 

as a method of decreasing this kind of power loss becomes even more effective. Thus, in 

addition to Tma= 525 °C sample, nanocrystalline ribbons annealed at 510 °C also show lower 

anomalous loss compared to the as-quenched sample at 1 MHz. As a case in point, magnetic 

annealing at 525°C decreases the anomalous loss of as-quenched ribbons by 70%, at f = 1 MHz 

and B = 5 mT. Although more anisotropy is induced in the samples with Tma= 510 and 515 °C, 

it seems that a sufficient amount of anisotropy energy is induced in the sample magnetically 

annealed at 525 °C. At higher temperatures, the crystallisation of the secondary phase leads to 

a worse compromise between permeability and power loss. In addition, these results are in 

agreement with the studies of Flohrer et al. [28,29] in which the excess loss contribution 

increases with increasing strength of the induced anisotropy. The lower excess loss in cores 
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with weak induced anisotropy, in [28], is ascribed to a larger number of active domain walls 
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Figure 9. Anomalous loss of as-quenched and magnetically annealed ribbons as a function of 

magnetic induction at (a) 50 kHz, (b) 500 kHz and (c) 1 MHz. 
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compared to cores with higher induced anisotropy. However, it is mentioned, in [29], that with 

rising frequency and decreasing induced anisotropy, the magnetisation process changes from 

wall displacement to domain nucleation, which limits the mean surface wall velocity. 

Additionally, according to Herzer's theory [30], the relationship between total power loss 

(𝑃t) and the total eddy current loss (𝑃ec), which includes classic and excess eddy current 

(anomalous) loss has the form of: 

𝑃t ≈ 𝑃ec [1 +
𝑤2

(𝑤 cos 𝛽 + 𝑡)2

𝑚2

1 − 𝑚2
] 

 

(10) 

where 𝑤 denotes the average domain width, 𝑡 is the ribbon thickness, 𝛽 is the out-of-plane 

angle of the magnetisation vector, and 𝑚 denotes the average magnetisation component along 

the ribbon axis normalised to the saturation magnetisation. First, by changing the mechanism 

of magnetisation from domain wall motion to domain rotation, the movement of domain walls 

is limited substantially, resulting in lower excess eddy current loss or anomalous loss (Fig. 9b 

and 9c). Finally, the demagnetisation energy is lower in samples with narrower domain width 

(𝑤) (Fig. 4), and as can be concluded from Eq. 10, the total power loss decreases in such 

samples due to the prohibited domain propagation. Thus, different mechanisms are effective 

on the decrement of total power loss during transverse magnetic annealing.  

6.4 Conclusions 

In this work, we develop a better understanding of nanocrystallisation, phase transformation, 

and soft magnetic behaviour of Co-based melt-spun ribbons through magnetic annealing at 

temperatures between the Curie points of the amorphous and the main nanocrystalline phase. 

XRD and TEM are used to investigate the atomic structure of the ribbons magnetically 

annealed at different temperatures. In addition, structural features are correlated with magnetic 

properties investigated by Kerr microscopy, DC magnetometry, and thermomagnetic 

measurements. Magnetic annealing at 510 °C results in the formation of the metastable Co23B6 

phase, which has not been anticipated by thermodynamic models. Thus, Co23B6 nucleates at 

lower temperatures compared to Co2B and Co3B phases, owing to its lower nucleation 
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activation energy. The perfect sheared hysteresis loops after magnetic field annealing at 510, 

515, and 525 °C indicate that field-induced anisotropy dominates over the residual 

contributions from magnetocrystalline anisotropy. However, magnetocrystalline anisotropy 

dominates over field-induced anisotropy in the sample, which is magnetically annealed at 550 

°C, due to the formation of Co3B, a semi-hard magnetic phase. The anomalous loss, as the 

primary mechanism of power loss, can be reduced by 70% by annealing at 525 °C in a 

transverse magnetic field, which results in an increase in the relative contribution of domain 

rotation in comparison to domain wall motion. Another contributing factor is the decrement of 

the domain width by increasing the magnetic annealing temperature, and it contributes to a 

further decrease in the anomalous loss by promoting the pinning of domain walls. Therefore, 

nanocrystalline Co-based systems offer an interesting engineering tradeoff between the 

extreme properties of amorphous and fully crystalline soft magnets. 
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  Conclusion and Outlook 

Chapter 7 highlights the contribution of this thesis to the state of knowledge, the concluding 

remarks, and the ideas for future research in the field. Design, fabrication and optimisation of 

Cobalt-based amorphous alloys have been outlined in this research. The amorphisation 

capability of the alloys is predicted using an efficient multi-faceted model. The fabricated 

alloys exhibit excellent soft magnetic properties. The magnetic properties of melt-spun ribbons 

are improved by transverse magnetic annealing. In addition, ultra-thin amorphous ribbons have 

been fabricated using high-speed melt spinning. The power loss behaviour of the ribbons has 

been optimised by magnetic annealing, and the optimisation has been investigated in detail 

through decomposing the power loss into three main components and evaluating the 

contribution of each mechanism to the total power loss. In the following paragraphs, state of 

the art in current research is discussed.  

After outlining the background and rationale for the present study in the first Chapter, the 

second Chapter [1] proposes a new approach to designing amorphous soft magnetic alloys. 

Three different factors, including the liquidus temperature, mixing enthalpy, and atomic 

mismatch factor are used to predict the amorphisation capability of Co-Fe-B alloys. Then, the 

alloys are fabricated by melt spinning. Based on this approach, five out of seven alloys have 

an amorphous structure, confirming the capability of the proposed model in predicting the alloy 

compositions with higher amorphisation ability in a ternary alloy system in the absence of any 

costly elements, such as Nb, Mo and Zr. Despite the interest in amorphous soft magnets, no 

one, to the best of our knowledge, has utilised such a multi-faceted model in predicting the 

amorphisation capability of this class of alloys.  

Further, the output of the alloy design process is five amorphous alloys compositions, 

among which one is magnetically ultra-soft, Hc = 2.9 A/m; a surface crystalline alloy, with low 

Hc and 50% lower power loss, at high frequencies, compared to the best amorphous ribbons, 
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due to the in-situ induced out-of-plane anisotropy of the crystalline phase on the surface; and a 

nanocrystalline sample with a very high saturation flux density. Therefore, the Chapter sheds 

new light on novel soft magnetic alloys in which different structural features leads to excellent 

DC and AC soft magnetic properties. The mechanism behind the low power loss of the surface-

crystalline alloy is studied in detail which has not been done before for Co-based alloys. We 

believe that we have found an innovative solution to the high power loss of amorphous ribbons, 

with no need for any post-processing to induce transverse anisotropy.  

As far as we know, no one has used the moderate values of the parameters used in the as-

mentioned model to design an in-situ nanocrystalline alloy, which is the focus of Chapter 3 [2]. 

The fabricated alloy exhibit exceptionally high Bs = 1.57 T, which is attributed to the 

precipitation of the metastable Co7Fe3 nanocrystalline phase dispersed heterogeneously in the 

amorphous matrix. This paper also takes a new look at the application of Mössbauer 

spectroscopy in characterising the nanocomposites. First, high Ms of Co7Fe3 phase can be 

inferred from the high hyperfine magnetic field of the Fe nuclei deduced from Mössbauer 

spectra. In addition, generally, our knowledge of the atomic structure of the amorphous phase 

is largely based on very limited data from, for example, TEM images, whereas, in this study, 

Mössbauer spectroscopy and the extracted distribution of the hyperfine magnetic field are used 

to scrutinise the atomic structure of the amorphous phase. It is found that cobalt atoms form 

clusters, as they attract each other to form ordered structures, and boron atoms undergo only 

short-range ordering, likely due to covalent bond formation, governed by the size and 

electronegativity differences with the atoms in the amorphous matrix. 

To use amorphous metals at MHz frequencies, the thickness of the commercially available 

amorphous ribbons restricts the use of these alloys and hence limits the flux concentration 

advantage for the miniaturisation of passive components [3]. In Chapter 4 [4], we have found 

a novel solution for this issue which is the fabrication of in-situ thinned Co-based amorphous 

ribbons through high-speed melt spinning. It is proven that the in-situ thinning process of 

amorphous ribbons can substantially decrease the precursors' cost, increase the application 

frequency of the ribbons and eliminates the need for post-processing steps; hence it provides 

the opportunity for mass production of high-performance ultra-soft magnetic amorphous 

ribbons at relatively lower costs. 



Chapter 7 173 

 

The mechanisms that limit the power loss performance in melt-spun amorphous ribbons 

have been investigated through DC and AC magnetic characterisation methods in Chapter 5 

[5]. These findings add substantially to our understanding of the significant contribution of 

anomalous loss to the total loss and the effect of magnetic annealing in decreasing this effect. 

To clarify and understand the loss-limiting mechanisms and guide a decrement in anomalous 

loss, an innovative model-based evaluation coupled with Magneto-Optic Kerr Effect (MOKE) 

microscopy and bulk magnetisation measurements are used. 

Although several studies have been carried out on the fabrication and characterisation of  

Fe-based nanocrystalline alloys as excellent candidates to make the cores of power converters 

[6], few researchers have focused on Co-based nanocrystalline soft magnetic alloys. This can 

be due to the complications in fabricating the nanocrystalline Co-based alloys with good soft 

magnetic properties, as the majority of CoB-based crystalline phases (Boron is one of the main 

glass formers in the amorphous systems) show semi-hard magnetic properties [7]. However, as 

an innovative approach, it has been shown in Chapter 6 [8] that the limited precipitation of the 

meta-stable Co23B6 phase throughout the amorphous matrix results in a significant 

improvement in the soft magnetic properties and low losses at high frequencies. The 

nanocrystallisation starts by nucleation and growth process of soft magnetic meta-stable, 

Co23B6 phase with less nucleation activation energy compared to other stable phases through 

magnetic annealing. The combined mechanism of nanocrystallisation and coherent 

magnetisation rotation accounts for a 70% decrement in the anomalous loss in the so-processed 

ribbons at 525 °C, which renders them attractive for applications in mid- and high-frequency 

power supplies and inverters.  

The main conclusions of the chapters in this thesis are summarised as follows: 

- The formation of an amorphous phase depends on multiple topological, kinetic 

and thermodynamic parameters. To predict the amorphisation capability of alloys, 

different criteria representing those properties should be taken into account, and no 

single parameter is sufficient to achieve this. The liquidus temperature, mixing 

enthalpy, and atomic mismatch factor can be the as-mentioned set of factors, which are 

successfully used to predict the amorphisation capability of Co-Fe-B alloys. This 
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prediction is imperically predicted by having five amorphous alloys out of seven 

designed compositions.  

- A multi-faceted model to predict the amorphisation capability can be used as a 

guide to fabricate amorphous alloys with desired properties. For example, the alloy 

composition can be tuned to have high amorphisation ability even without introducing 

any costly elements and hence decrease the cost of initial materials used in the alloy 

production. This can also give an opportunity for material scientists to design alloys 

with a higher percentage of magnetic components in order to increase saturation 

magnetisation of the fabricated alloy for further device miniaturisation. 

- Evaluating and manipulating amorphisation capability parameters do not only 

lead to finding the optimised compositions with high amorphisation capability, but can 

also result in fabricating partially crystallised amorphous ribbons. The surface or bulk 

crystallised alloys can have very interesting magnetic properties, superior to their 

amorphous counterparts, such as high saturation magnetisation (~ 1.57 T), ultra-low 

coercivity (~ 8 A/m), and low power loss, especially at high frequencies, which is 

crucial for power converters. As a case in point, the surface crystalline ribbons offer 

50% lower power loss at 2 MHz compared to the best investigated amorphous alloy. 

Thus, designing alloy compositions with different amorphisation capabilities can be 

really useful in the development of functional materials for a broad range of 

applications. 

- Evaluating the crystallisation behaviour of amorphous alloys by DSC and heat 

treatment can be helpful in scrutinising the amorphisation behaviour of alloys. It shows 

evidence that the alloys, which crystalise in the eutectic mode, show higher 

amorphisation capability. 

- The atomic structure of amorphous and nanocrystalline alloys can be evaluated 

by analysing the distribution of hyperfine magnetic field, characterised by Mössbauer 

spectroscopy. This suggests opportunities for correlating the properties of these alloys 

and their atomic structure. 

- In-situ thinning of amorphous ribbons can result in the fabrication of 

significantly cheaper amorphous ribbons by consuming less material than post-thinned 
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or post-magnetically-annealed ribbons and at the same time achieve very interesting 

magnetic properties, particularly for high-frequency applications.  

- Power loss decomposition shows that among the different mechanisms of power 

loss, the anomalous loss contributed the most to the total power loss of melt-spun 

ribbons from 50 kHz to 1 MHz. Anomalous loss can be reduced substantially by 

magnetic annealing, which is associated with a decrease in the domain width. This 

mechanism is explained and verified using MOKE imaging and domain wall energy 

calculations based on magnetisation data. Thus, amorphous < 20 μm Co-based ribbons, 

heat-treated in a transverse magnetic field, at a temperature in the range 450 – 500 °C 

hold great promise for power applications at frequencies in the range 50 kHz - 1 MHz, 

as a higher-permeability alternative to ferrites. 

- Limited and controlled nanocrystallisation of Co-based alloys during magnetic 

annealing offers an interesting engineering trade-off between the properties of 

amorphous and fully crystalline soft magnets. This can result in a more than 70% 

reduction in the power loss of the alloy as a result of limited nanocrystallisation of soft 

magnetic metastable Co23B6. The formation of such phases is evaluated and predicted 

using kinetic analysis.  

 

The work presented in this thesis shows how to design more cost-effective novel alloys 

with tuned amorphisation capability. Secondly, it demonstrates that a reduction of the 

fabrication cost can be achieved by in-situ thinning the melt-spun ribbons. Finally, the 

mechanism of improving the soft magnetic properties of amorphous and nanocrystalline 

ribbons through magnetic annealing is discussed. The prospect of being able to optimise the 

magnetic properties of the RSP alloys through design, fabrication and heat treatment serves as 

a continuous impulse for future research. Therefore, this research has given rise to many ideas 

and questions in need of further investigation, which is addressed accordingly.  

- The predictive parameters can be quantified more and then combined to form a 

single factor. Thermodynamic, kinetic and topological parameters have been taken into 

account to predict the AMC of alloys in this thesis. By introducing more parameters 
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into this model and overlapping their optimum value to have a high AMC, can this 

result in an algorithm by which the AMC can be estimated?   

- Can atomistic magnetic modelling be carried out to establish a more 

comprehensive predictive model to engineer the alloy compositions with desired 

magnetic properties? To benefit from the interaction between magnetic components so 

as to maximise the magnetisation and minimise the coercivity by changing the structure 

of the domains, the applied predictive parameters in this thesis can be coupled with 

magnetic modelling outputs to design magnetic alloys.  

- Can the magnetic softness of amorphous alloys be correlated with their 

magnetic structure and their composition? The different values of coercivity of fully 

amorphous ribbons can be explained by their domain structure observed using MOKE. 

The correlation between the alloy composition (the portion of magnetic components 

and glass formers), the atomistic information about the amorphous structure (extracted 

using Mössbauer spectroscopy) and the domain structure can be used as a guide to 

design the amorphous alloys with optimised soft magnetic properties. 

- Inducing transverse anisotropy during the melt spinning procedure on various 

alloys is going to be a subject of future study. This can be done by attaching two discs 

of permanent magnets on each side of the melt spinner wheel. This procedure can 

eliminate the need for post-process heat treatment which causes embrittlement of the 

ribbon. In addition, post-process heat treatment increases the likelihood of 

crystallisation and oxidation, both of which can deteriorate the soft magnetic properties 

of the ribbons.   

- In-plane and out-of-plane crystallisation of melt-spun ribbons inside a high-

intensity magnetic field can be investigated. The effect of magnetic field annealing on 

the crystallisation behaviour of melt-spun ribbons can be evaluated and compared with 

the samples which are traditionally annealed. The magnetic field can accelerate the 

crystallisation of some specific phases with soft and hard magnetic properties, which 

might be desirable for particular applications. 

- Rapid annealing of melt-spun ribbons can also be suggested as future work. It 

would be interesting to heat treat the as-quenched ribbons in a non-equilibrium 

condition to find out more about the kinetics of crystallisation in different heating rates, 



Chapter 7 177 

 

which can help to correlate this behaviour with their AMC. In addition, rapid transverse 

annealing in a magnetic field would be interesting to investigate. 
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Abstract 

Large amorphisation capability is an essential attribute to vitrify amorphous alloys, especially 

when lower cooling rates are the fundamental constraint in the synthesis process. The present 

work is focused on developing amorphisation capability criteria to predict rich regions of 

amorphous forming ability (AFA), in the Fe-Si-B phase diagram, of alloys to be produced by 

gas-atomisation. In the first step, the AFA of Fe-Si-B powders was evaluated by conventional 

empirical glass forming parameters that eventually did not guide to the best AFA alloy. In a 

second step, AFA analysis was extended to the ternary phase diagram, calculated using 

computational CALPHAD methodology, along with superimposed mathematical model based 

on the topological instability factor (λ), the estimated critical cooling rate (RC) and critical 

particle size (dC) to confine the phase diagram regions with larger AFA. The alloy with the 

highest amorphisation capability shows optimum atomic size mismatch in the vicinity of λ = 

0.204. Not all regions in the phase diagram were optimal to design an alloy with high AFA, 

except where Fe2B is the first solid phase under equilibrium solidification. Within the above 

two limits, the alloys with lower liquidus temperatures, i.e., closer to the eutectic point, show 

the highest amorphisation capability (100%) for the gas-atomised powders. We suggest the 

proposed predictive methodology can be adopted as a guide to design novel amorphous alloys 

of high amorphisation capability for a broader range of powder metallurgical applications. 

Keywords: Amorphous materials, Amorphous forming ability, Glass forming ability, Metallic 

glass, Gas-atomization, Soft magnetic powders. 

 

1. Introduction  

Since the discovery of disordered alloys by Duwez et al. [1] in the 1960s, amorphous metals 

have been extensively investigated for fundamental as well as technological applications, 

including structural, biomedical, aerospace, and energy conversion [2]. Amorphous metals are 

metastable materials, conventionally solidified in ~ 20 - 30 µm thick ribbons at ultra-high 

cooling rates (~ 106 K/s) to maintain short-range order atomic structure. If the short-range 

atomic order of amorphous alloys is similar to the precursor melt and concurrently reveals a 
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distinct glass transition temperature (Tg) well below the crystallisation temperature (TX), the 

alloys are known as “metallic glasses” (MGs) [3,4]. Contrary to the amorphous metals, MGs 

can sometimes be solidified at phenomenally low cooling rates (as low as natural cooling) [5,6]. 

The functionality of MGs can be remarkably augmented if the glass forming ability (GFA) 

(i.e., ease of glass formation, which determines the critical cooling rate) is substantially 

increased. Glass formation involves the thermal stability of the liquid phase and the suppression 

of crystallisation kinetics upon the cooling of melts [7]. To synthesise MGs at modest cooling 

rates, the kinetics of phase transformation and the mechanism of glass formation has emerged 

as an intriguing subject [8]. Why only specific alloys retain significant amorphisation 

capability, while others show a high degree of crystallisation during solidification, remains an 

open question to the material science community [8,9]. 

A large number of empirical glass forming parameters have been proposed to predict the 

GFA of alloys, though the origin of most criteria relies on the classical nucleation and growth 

theory [7]. For example, Turnbull demonstrated that when the reduced glass transition 

temperature (Trg = Tg/Tl, being Tl the liquidus temperature) is higher than 2/3, the homogenous 

crystal nucleation rate decreases and, as a result, the crystallisation kinetics becomes more 

sluggish [10,11]. Similarly, Donald & Davies [12] proposed a simple way to estimate the GFA 

of alloys with two or more elements using the rule of mixture liquidus temperature (ΔT*). 

Furthermore, Inoue formulated three empirical rules to predict the GFA, stating that: (i) the 

alloy must contain at least three elements, (ii) the constituents should include a significant 

atomic size difference (≥ 12%), and (iii) a negative heat of mixing among the major constituents 

is preferable [13,14]. Several other GFA parameters have been proposed, including ΔTX [15], 

S [16], γ [17], δ [18], Ø [19], γm [20], ω [21] and new β [22]. All these parameters use Tg to 

estimate the GFA. Despite that all these parameters have been demonstrated to be sufficiently 

accurate to measure the GFA of alloys, the critical cooling rate, Rc, and critical diameter, Dmax, 

are still the most direct and quantifiable parameters. Since Rc and Dmax are challenging to be 

measured, other criteria like P´ [23], σ [24], λ [25], α (= TX/Tl) and β (= 1 + α) [26] have been 

developed, which can be applied even for conventional amorphous alloys where Tg is not 

obvious. However, none of these criteria is valid for a broad range of MGs. Conventionally, 

the design of amorphous metals is frequently based on empirical rules, that is, a trial-and-error 
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approach, which is time-consuming and costly, hence designing alloys with a high amorphous 

forming ability (AFA) using thermodynamic modelling would be a step forward [27,28]. 

Among the broad range of amorphous metals, Fe-based alloys are of significant importance 

for their high demand in power conversion applications [29–31]. One of the most investigated 

systems is Fe-Si-B, thanks to its unique capability to retain exceptional soft magnetic 

properties, high corrosion resistance, and excellent mechanical properties [32]. Fe-Si-B alloys 

are generally melt-spun into amorphous ribbons of ~ 20 µm in thickness at ultra-high cooling 

rates (~ 106 K/s) [33]. One of the fundamental drawbacks of melt-spun ribbons is their shape; 

the very thin thickness and long length limit the fabrication of devices with complex 

geometries. Contrary to that, amorphous powders provide the flexibility to make complex 

shapes and, after coating with an electrical insulator layer, are considered an excellent material 

for high-frequency technological applications [34–36]. Amorphous powders are usually 

produced by gas-atomisation, which is a well-industrialised mass production technique to 

produce micron size powders. This process consists of breaking the liquid melt stream into 

droplets by using a supersonic gas flow. However, one of the fundamental limitations of gas-

atomisation is the relatively low cooling rate (~ 104 - 105 K/s) as compared to the melt-spinning 

[37]. If the GFA of the alloys is not sufficiently high, the powders could exhibit a crystalline 

structure, deteriorating the soft magnetic performance and making them unsuitable for power 

conversion applications. Therefore, designing Fe-based alloys with high AFA that can be 

atomised as amorphous powders is essential to take advantage of the capabilities of these novel 

materials. 

The present work is focused on establishing amorphisation capability criteria for Fe-Si-B 

powders by combining the CALPHAD (CALculation of PHAse Diagram) methodology with 

the topological instability factor (λ). The new criteria were confirmed by selecting Fe-Si-B 

alloys within the high GFA region of the ternary phase diagram (Fe-rich). These alloys were 

gas-atomised into powders. Initially, the amorphisation capability of the alloys was evaluated 

using conventional empirical parameters, such as enthalpy of mixing, ΔHmix, α-, and β-

parameters, but the trends predicted by these parameters were inconsistent with the 

experimental observations. Finally, the CALPHAD methodology was combined with λ-factor 

to obtain the highest amorphisation capability region inside the ternary Fe-Si-B system. 
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2. Materials and methods 

The compositions of Fe-Si-B alloys were selected within the glass-forming region of the 

ternary phase diagram, as reported in the bibliography [38–40]. The gas atomisation 

experiments were carried out using a convergent-divergent, close-coupled atomiser in an 

atomisation unit PSI model Hermiga 75/3VI. Eleven different compositions of the ternary Fe-

Si-B system were atomised (see compositions in Table 1). Regarding the raw materials, iron 

(supplied by Allied Metal Corp.), silicon (supplied by Cometal S.A.), and boron (supplied by 

H.C. Starck) of commercial purity were melted in an induction furnace. First, the chamber was 

purged with helium in order to evacuate the oxygen and avoid oxidation. Then, the temperature 

was increased by induction heating up to 1700 ºC. The amount of powder produced per batch 

was nearly 2.5 kg. Helium at a pressure of 60 bar was used as atomising gas. 

Thermal transitions were analysed by Differential Scanning Calorimetry (DSC). The 

powders were analysed using a TA Instrument DSC 2920. The experiments were performed 

using a sample of about 10 mg on a copper pan with a lid, at a heating rate of 10 ºC/min up to 

700 ºC and under an argon atmosphere. The crystallisation temperatures (TX), crystallisation 

enthalpies (∆HC), and energy released by partially amorphous powders (as-atomised, ∆H) were 

obtained from these experiments. 

Additionally, the structural characterisation of the powders was carried out via X-ray 

diffraction (XRD), using a diffractometer (Philips PW1825) and the characteristic wavelength 

of the Kα line for Cu (λ = 1.542 Å). The diffraction angle (2Ɵ) varied from 25 º to 90 º at a 

scanning rate of 0.005 º/s, in steps of 0.02 º with a holding time of 4 s at each diffraction angle. 

The particle size distribution of the powders was measured by laser diffraction in an instrument 

Sympatec Helos (H0852). The true density was measured in a He pycnometer Micrometrics 

Accupyc 1330. 

Thermodynamic calculations and modelling have been carried out using PANDATTM 

version 2019, using the thermodynamic database for multi-component Fe-rich alloys, PanIron. 

PANDATTM is an integrated computational tool developed based on the CALPHAD 

(CALculation of PHAse Diagram) approach for multi-component phase diagram calculations 

and materials properties simulations. The Fe-Si-B equilibrium phase diagram, including the 
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liquidus temperatures (Tl) and the solidified phases from the melt under equilibrium conditions, 

were calculated using this software. 

3. Results and discussions 

3.1 Structural analysis of the powders 

XRD patterns of the as-atomised powders, presented in Fig. 1, show the precipitation of 

different crystalline phases during the solidification process, which were identified as α-Fe(Si), 

Fe2B, and Fe3Si. As can be seen in Fig. 1, α-Fe(Si) and Fe3Si have similar XRD patterns. 

However, there are two additional diffraction peaks at 2θ ≈ 27 and 31º corresponding to (111) 

and (200), which distinguish Fe3Si [41] from α-Fe(Si). In addition, as the lattice parameter of 

Fe3Si [41] is twice that of α-Fe(Si) [42], Fe3Si shows diffraction peaks at slightly higher 2θ. A 

broad peak between 2θ = 35 and 55º along with sharp Bragg’s peaks indicate the simultaneous 

formation of amorphous and crystalline phases on gas-atomisation of alloys #1 to #10. 

Nevertheless, alloy #11 shows only sharp Bragg’s peaks without a broad halo, demonstrating 

the full crystalline state of the powder. Interestingly, the relative area of the broad halo and the 

broadening of the crystalline peaks is different in each alloy, indicating the varying volume 

fraction of amorphous and crystalline structures in each composition. For instance, alloy #3 

shows a single broad peak at 45º (2θ) with a little shoulder kink, demonstrating the highest 

volume fraction of the amorphous phase in the investigated alloys. The small peak in alloy #3 

is due to surface crystallisation in the largest particles (i.e., > 100 µm) due to the nature of the 

production process [43,44]. 

The cooling rate in gas atomisation is inversely proportional to the particle size (see 

APPENDIX A) [37], suggesting that the amorphisation is more likely in the smallest particle 

size fraction in each alloy. Accordingly, the as-atomised powders were sieved to separate the 

fraction < 20 µm. The XRD patterns of the sieved powders (< 20 µm) of alloys #1, #3, #6 and 

#7 show only a broad halo between 35 and 55 ° (2Ɵ) (Fig. 2 (a)), confirming the amorphous 

nature of these alloys. Contrary to that, the other alloys (alloys #2, #4, #5, #8, #9, and #10) 

reveal Bragg’s peaks of the crystalline phases, identified as α-Fe(Si), Fe2B, and Fe3Si. 

Interestingly, the relative intensity of the crystalline peaks in the sieved powders (< 20 µm) 

was significantly smaller than the ones in the as-atomised powders (see Fig. 1), confirming the 
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higher weight fraction of amorphous phase in the fraction < 20 µm as compared to as-atomised 

powder. The higher amorphous fraction of sieved powders can be utilised as an “amorphisation 

capability indicator” for the alloys. On the other hand, the absence of the broad peak between 

35 and 55° (2Ɵ) in the fraction < 20 µm of alloy #11 confirms its fully crystalline structure. 

 

 

Fig. 1. XRD patterns of the as-atomised powders of alloys #1 to #11. Dashed grey lines correspond to 

the positions of the peaks of the phase α-Fe(Si). 
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Fig. 2. a) XRD patterns of the sieved powders (<20 µm) of alloys #1 to #11 and (b) XRD 

patterns of the sieved powders (<10 µm) of alloys #2, #4, #5 and #8 to #10. 
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Furthermore, in order to find the particle size below which fully amorphous structure can 

be found, the partially crystalline powders in the fraction < 20 µm (Fig. 2 (a)) were further 

sieved to separate the fraction < 10 µm. As can be seen in the XRD patterns shown in Fig. 2 

(b), the absence of Bragg’s peaks in the fraction < 10 µm of alloys #2, #4, #5, and #9 confirms 

the amorphous nature of the particles below 10 µm. Conversely, alloys #8 and #10 exhibit 

crystalline structure even in the particles < 10 µm, which indicates the low amorphisation 

capability of these alloys. 

 

Fig. 3. Fe-rich corner of the ternary Fe-Si-B system showing the limits for the formation of the phases 

α-Fe(Si) (∎) and Fe3Si (▲), according to the XRD results shown in Fig. 1 of the as-atomised alloys 

(alloys #1 to #11). 

Fig. 3 presents the nature of the crystalline phases formed as a function of Si and B 

content. The Fe-rich corner of the ternary Fe-Si-B system has been divided into three regions: 

below the dotted line (region-I), between dotted and dashed line (region-II) and above the 

dashed line (region-III). It is evident that the crystallisation of the α-Fe(Si) (B2) phase takes 

place in region-I, and the ordered Fe3Si (DO3) phase crystallises in region-II, which agrees 

with a previous report [45]. Even if this work does not include any composition in region-III, 

it has been demonstrated that the phase Fe4.9Si2B precipitates when Si and B contents exceed 

30 at.% [45,46]. Consequently, it can establish an upper and lower limit for the formation of 

0

5

10

15

20

25

5 10 15 20 25

M
o
le

 f
ra

ct
io

n
 o

f 
S

i

Mole fraction of B

II

I
(11)

(10)

(3)(7)

(1)

(2)

(8)

(9) (5)

(6)

(4) α-Fe(Si)

 Fe3Si    

Fe4.9Si2B

III



Appendix A 188 

 

α-Fe(Si) and Fe3Si considering the amount of Si and B. In addition, Fe2B phase precipitates 

in some as-atomised alloys (see Fig. 1), though no correlation between the Fe2B and Si and B 

content can be established. 

3.2 Amorphous fraction (AF) of as-atomised powders 

The thermal transitions in the as-atomised powders were analysed using DSC presented in Fig. 

4. The crystallisation starts in a broad temperature range, i.e., TX of different alloys are between 

489 and 553 ºC, as summarised in Table 1. The powders reveal one, two, or three exothermic 

events, depending on the crystallisation mode of the alloys (i.e., polymorphous, primary, or 

eutectic crystallisation [14]). Although alloy #1 exhibits only one crystallisation peak, the 

multi-crystallisation peak characteristic observed in alloys #2 to #10 can be attributed to the 

primary crystallisation mode [14,47]. Moreover, overlapped exothermic peaks in some alloys 

show that the crystallisation of the second and/or third phase starts even before the completion 

Fig. 4. DSC traces of the as-atomised powders of alloys #1 to #11. 
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of the precipitation of the previous phase. The sharp peak characteristic observed in alloys #1, 

#3 and #7 indicates the compositional homogeneity of the crystallites precipitated during 

heating. Finally, it can be noted that the DSC trace of alloy #11 does not show any measurable 

crystallisation peak, confirming the fully crystalline microstructure of this alloy. 

Table 1. DSC results of the as-atomised and sieved powdersa. 

Alloy 

# 

Composition 

(at.%) 
TX (°C) 

ΔHC 

(J/g) 

ΔH (J/g) 

(as-atomised powder) 
AF (%) 

1 Fe70Si15B15 557 161.0 132.0 82 

2 Fe70Si18B12 547 166.0 91.0 55 

3 Fe72.5Si12.5B15 547 170.0 170.0 100 

4 Fe75Si5B20 530 178.8 95.5 54 

5 Fe75Si7.5B17.5 542 178.0 113.0 63 

6 Fe75Si10B15 553 179.0 146.0 82 

7 Fe75Si12.5B12.5 547 164.0 134.0 82 

8 Fe75Si15B10 528 184b 49.4 27 

9 Fe77.50Si7.5B15 525 173.0 111.0 64 

10 Fe80Si5B15 489 --- 70.6 <27 

11 Fe80Si12B8 --- --- --- 0 

a TX: crystallisation temperature; ΔHC: crystallisation enthalpy; ΔH: area of exothermic peak of partially 

amorphous powders (as-atomised); AF: amorphous fraction calculated with Eq. (A. 2) shown in APPENDIX A. 

b Value obtained from Ref [49,50]. 

The heat released during crystallisation, i.e., the area under the crystallisation peaks, was 

used to calculate the amorphous fraction of the powders in the as-atomised state [48]. The 

crystallisation enthalpy (ΔHC) of the amorphous phase of each alloy was obtained from the 

DSC trace of fully amorphous particles, separated by sieving and whose amorphous structure 

was confirmed by XRD (see Fig. 2). A partially amorphous structure results in the reduction 

of the energy released during crystallisation and, consequently, the area of the exothermic 

peaks is reduced. This area is proportional to the weight fraction (%) of the amorphous phase 

existing in the sample. The area of the exothermic peaks of partially amorphous as-atomised 

powders (∆H) was divided by the crystallisation enthalpy (ΔHC) to obtain the amorphous 

fractions (AF) in the as-atomised powders, as shown by Eq. (A. 2) (see APPENDIX A). Since 



Appendix A 190 

 

alloys #8 and #10 exhibited Bragg’s peaks even in the fraction < 10 µm (see Fig. 2 (b)), ΔHC 

could not be measured for these compositions. The ΔHC of alloy #8 was obtained from the 

literature [49,50], while for alloy #10, ΔHC was approximated by the area of the exothermic 

peak of partially amorphous particles of the fraction < 10 µm; consequently, AF of alloy #10 

is not an exact value, but an upper boundary. The amorphous fraction (AF) in the as-atomised 

powders is summarised in Table 1. Alloy #3 reveals a 100% of amorphous fraction, which is 

in good agreement with XRD results (see Fig. 1). Furthermore, alloys #1, #6, and #7 revealed 

AF = 82%, which is the second-highest AF among the investigated alloys. The AF of alloys 

#2, #4, #5, and #9 remained in the range of 54 to 64%. On the other hand, the AF of alloys #8 

and #10 were estimated as 27% and < 27%, respectively, denoting the low amorphisation 

capability of these alloys. The AF of alloy #11 was found zero since it did not show any 

measurable exothermic peak (see Fig. 4). 

3.3 Evaluation of amorphisation capability of the alloys 

The AF is a good indicator of the amorphisation capability of the alloys, and other parameters 

can be derived using AF, such as the critical particle size, dC, and the critical cooling rate, RC 

(see APPENDIX A for the calculation procedure). AF, dC, and RC can be used to gauge how 

useful conventional empirical criteria are to predict the amorphisation capability of gas-

atomised powders. Different conventional amorphisation capability parameters of the 

investigated alloys were calculated and are summarised in Table 2. Since some of the alloys 

were amorphous and did not reveal any glass transition (or supercooled liquid region), only 

parameters that do not use Tg were analysed to estimate the AFA. Alloy #3 (Fe72.5Si12.5B15) has 

the highest amorphisation capability within the series of investigated alloys since it has the 

largest AF ~ 100%, the largest dC ~ 96 µm, and the lowest RC ~ 6.3 × 104 K/s. 

According to Inoue’s empirical rules [13], the enthalpy of mixing, ΔHmix, significantly 

favours the formation of the amorphous structure and is a good indicator of the AFA. The more 

negative the ΔHmix is, the higher the AFA of an alloy. The enthalpy of mixing of the alloys is 

summarised in Table 2; the detailed calculation procedure is reported elsewhere [51]. 

Interestingly, ΔHmix does not correlate with the AF; the most negative ΔHmix was observed for 

alloy #2, which was partially amorphous (AF = 55%). In addition, the most negative ΔHmix 
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coincides with the alloys showing the lowest Tl and, consequently, is the closest one to the 

deepest eutectic point (see Table 2). Similarly, no correlation was identified for α- and β-

parameters with the AF of the alloys [26], being the largest values of α ~ 0.480 and β ~ 1.480 

for the alloy #2, which has low AF = 55%, along with a small dC ~ 16.7 µm and a high RC ~ 

2.1 × 106 K/s. 

Table 2. Amorphisation capability parametersa. 

Alloy 

# 

Composition 

(at.%) 

AF 

(%) 

ΔHmix 

(kJ/mol) 

α 

(= TX/Tl) 

β 

(= 1 + α) 

dC 

(µm) 

RC (K/s) Tl (°C) λ-factor 

1 Fe70Si15B15 82 -268800 0.469 1.469 43.6 3.0E+05 1188 0.220 

2 Fe70Si18B12 55 -275856 0.480 1.480 16.7 2.1E+06 1139 0.214 

3 Fe72.5Si12.5B15 100 -250475 0.452 1.452 96.1 6.3E+04 1210 0.204 

4 Fe75Si5B20 54 -214100 0.411 1.411 21.5 1.2E+06 1290 0.197 

5 Fe75Si7.5B17.5 63 -222600 0.431 1.431 30.9 6.0E+05 1257 0.193 

6 Fe75Si10B15 82 -230400 0.453 1.453 43.3 3.1E+05 1220 0.188 

7 Fe75Si12.5B12.5 82 -237500 0.465 1.465 55.4 1.9E+05 1177 0.183 

8 Fe75Si15B10 27b -243900 0.447 1.447 8.8b) 7.6E+06b) 1180 0.179 

9 Fe77.50Si7.5B15 64 -208575 0.431 1.431 31.8 5.8E+05 1217 0.172 

10 Fe80Si5B15 <27 -185000 0.407 1.407 <10.0 >5.8E+06 1202 0.156 

11 Fe80Si12B8 0 -206336 --- --- --- --- 1261 0.143 

a AF: amorphous fraction calculated with Eq. (A. 2) shown in APPENDIX A; ΔHmix enthalpy of mixing calculated 

by the procedure shown in Ref. [51]; α and β: GFA parameters [26]; dC: critical particle size calculated following 

the procedure shown in APPENDIX A; RC: critical cooling rate estimated with Eq. (A. 3) shown in APPENDIX 

A; Tl: liquidus temperature calculated by PANDATTM; λ-factor: calculated by Eq. (1). 

b Values calculated based on the crystallisation enthalpy obtained from amorphous wires from Ref [49,50] (see 

also Table 1). 

3.4 Establishing the amorphisation criteria for the alloys 

The AFA was evaluated by combining thermodynamic modelling and the topological 

instability factor (λ) of the Fe-Si-B alloys. The liquidus surface projection (blue dotted lines) 

of the Fe-Si-B phase diagram in the vicinity of the Fe-rich zone is presented in Fig. 5 (a). 

Isothermal lines (solid green) are drawn to show how Tl decreases towards the eutectic point 
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E1 (red dot). In addition, it displays the primary stable phases just below the liquidus 

temperature. The position of the Fe-Si-B alloys investigated in the present study is indicated 

with numbered black spots. 

 

The λ-factor of the Fe-Si-B alloys was calculated using Eq. (1), which only considers 

topological aspects and was initially proposed for binary alloys [25] and later extended to 

Fig. 5. a) Liquidus surface projection (blue dotted line) of the ternary Fe-Si-B diagram in the Fe-rich zone 

showing the investigated alloys (numbered black dots), eutectic point E1 (red dot), and the first equilibrium 

solid phase formed upon solidification; b) Magnified region showing λ-factor lines (solid magenta straight 

lines), AF (%) of all the investigated alloys and isotherms every 25 °C (green curved lines); c) RC for all the 

investigated alloys; d) Estimated locus of constant RC for 1.0 × 105 K/s (red dashed line), 5.0 × 105 K/s (red 

dash-dotted line) and 1.0 × 106 K/s (red two-dashed line). 
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multi-component systems by Yan et al. [52]. This parameter describes the minimum solute 

concentration needed for producing material as amorphous and is defined as: 

𝜆 = ∑ 𝐶𝑖 ∙ |(𝑟𝑖 𝑟𝐴⁄ )3 − 1|

𝑍

𝑖=𝐵

 (1) 

where Ci is the solute atomic concentration (at.%), ri is the solute atomic radius (nm), and rA is 

the solvent atomic radius (nm). Assuming that the structure of amorphous metals can be 

modelled as an arrangement of icosahedral clusters, it has been proven that the optimal glass 

structure for numerous multi-component alloys is acquired when λ ≃ 0.18 [52]. Recently, the 

use of λ-factor, along with CALPHAD methodology, was reported to predict the glass forming 

ability of ternary Zr-Fe-Al [53], Fe-Nb-B [54] and Co-Fe-B [55] bulk metallic glasses produced 

by Cu-mould casting and melt spinning, showing that the optimal value of λ can change from 

0.14 to 0.22 depending on the composition. Consequently, in order to determine the optimal λ-

factor for a given ternary system, this parameter should be validated experimentally. 

Table 2 shows the λ-factor calculated for all the investigated alloys. The values range 

between 0.143 and 0.220. On the other hand, Fig. 5 (b) to (d) display magnified zone of Fig. 5 

(a) inside the black rectangle; in these enlarged figures, λ-factor lines and isothermal lines have 

been superimposed on the liquidus surface projection. The following information has been 

added in each one of these figures: i) AF (see Fig. 5 (b), ii) RC (see Fig. 5 (c)), and iii) locus of 

constant RC for 1.0 × 105 K/s (red dashed line), 5.0 × 105 K/s (red dash-dotted line) and 1.0 × 

106 K/s (red two-dashed line) (see Fig. 5 (d)). 

The AFA of Fe-Si-B alloys has been analysed considering the information displayed in 

Fig. 5. The amorphisation criteria have been established as follow, depending on the first solid 

phase formed upon equilibrium solidification (i.e., BCC, Fe5SiB2 and Fe2B), Tl and λ-

parameter: 

i. BCC (Fe-Si solid solution with BCC structure): two alloys were atomised within this 

region, being one fully crystalline (alloy #11) and the other with AF = 27% (alloy #8). 

Lowering the Tl plays a significant role in the amorphisation capability of alloys in this 

region; reducing Tl from 1261 ºC (alloy #11) to 1180 ºC (alloy #8) increased AF from 
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0 to ~27% (see Table 2). Interestingly, it is possible to obtain melt-spun amorphous 

ribbons of compositions belonging to this region, as reported elsewhere [38–40]. The 

lower cooling rates in gas atomisation as compared to melt-spinning, however, do not 

allow producing a high fraction of amorphous phase in powders. The low AFA of alloy 

#11 could be attributed to the low λ = 0.143, compared to the optimal value (i.e., λ = 

0.18), and the high Tl (= 1261 ºC). On the other hand, alloy #8 with a good combination 

of λ = 0.179 and low Tl = 1180 oC was expected to reveal high AF. Nevertheless, the 

low AF (= 27%) of alloy #8 suggests that the cooling rates in gas atomisation are not 

high enough to synthesise fully amorphous powders within this region. It seems that 

the region of the phase diagram where compositions are selected has a significant 

influence on the AFA. This can be easily pointed out by comparing alloy #8 with alloy 

#7; alloy #7 has similar λ-factor (= 0.183) and Tl (= 1177 oC), but AF of this alloy is 

82%, i.e., three times higher than in the case of alloy #8. 

ii. Fe5SiB2: only one composition (alloy #2, Fe70Si18B12) was produced within this region, 

corresponding to the lowest Tl = 1139 ºC (see Table 2). According to the bibliography, 

AFA significantly improves when Tl is lower or closer to the eutectic composition [14]. 

However, alloy #2 was only partially amorphous (AF = 55%), and RC was as high as ~ 

2.1 × 106 K/s, suggesting that a low Tl is not enough to produce the high AFA. The λ-

factor of this alloy was calculated to be 0.214, which is significantly higher than the 

optimal value (i.e., λ = 0.18). 

iii. Fe2B: most of the compositions were produced within this region (8 samples), where 

AF varied from 54 to 100%. The results showed before suggest that this region is highly 

favourable for the formation of amorphous Fe-Si-B alloys. The best combination of Tl 

and λ-factor was found for alloy #7 (i.e., the lowest Tl = 1177 oC in the region and λ = 

0.183 close to the optimal theoretical value). However, alloy #7 only retained an AF = 

82%. Interestingly, alloy #3 revealed 100% of amorphous structure, suggesting that the 

optimal experimental value of λ-factor for Fe-Si-B alloys is approximately 0.204. It 

seems that the AF of Fe-Si-B compositions systematically converges to 100% when 

they approach the composition of alloy #3 (see Fig. 5 (b)). For instance, alloy #3 is 

encircled by alloys #1 (λ = 0.220), #6 (λ = 0.188) and #7 (λ = 0.183), which revealed an 
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AF = 82%. More interestingly, whereas alloys #9 (Tl = 1217 ºC) and #6 (Tl = 1220 ºC) 

possess similar Tl values and are in the same Fe2B region, AF rose from 64% in alloy 

#9 to 82% in alloy #6. This significant increase in AF can be attributed to the rise of λ-

factor from 0.172 (alloy #9) to 0.188 (alloy #6), thus approaching the optimal 

experimental value of 0.204. This suggests that the λ-factor is one of the most critical 

parameters for the amorphisation capability criteria of the Fe-Si-B alloys. 

These results can be used as an instrument to carefully select compositions of the ternary 

Fe-Si-B system with high AFA. For example, Fig. 5 (c) can be used to select compositions 

whose critical cooling rate (RC) is just below the average cooling rate characteristic of the 

technique used to synthesise the alloy. Furthermore, the proposed methodology to establish the 

optimum AFA region, combining CALPHAD, the topological instability factor (λ), and gas 

atomisation for experimental validation could be extended to other systems where the 

formation of amorphous phases is challenging. 

4. Conclusions 

According to the presented results, alloys with high amorphisation capability in the Fe-Si-B 

system can be designed using the following rules: 

i. Not all regions of the phase diagram are suitable to obtain amorphous alloys. For the 

Fe-Si-B system, the compositions in the region where Fe2B is the first solid phase 

formed upon equilibrium solidification have higher AFA as compared to others. 

ii. The relative solute/solvent concentration should be such that λ-factor values vary in the 

range of 0.18 to 0.22. More specifically, the highest AFA is achieved when the λ-factor 

is approximately 0.204. 

iii. Within limits fixed by the two previous criteria, the alloys with lower liquidus 

temperature (i.e., closer to the eutectic composition) will have higher amorphisation 

capability. 

Given a production method with a characteristic average cooling rate, these criteria can be 

used to design ternary Fe-Si-B alloys with a high enough AFA (i.e., with a low enough critical 

cooling rate) to be obtained with an amorphous structure. 
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Appendix A 

The average cooling rate of non-crystalline alloy particles during gas atomisation (|
∆𝑇𝑑

∆𝑡
|) can 

be estimated using the following simplified equation [56,57]: 

|
∆𝑇𝑑

∆𝑡
| ≈ |

12

𝜌 ∙ 𝐶𝑝
∙ (𝑇𝑑 − 𝑇𝑓) ∙

𝑘𝑔

𝑑2
| (A. 1) 

where ρ is the density of the alloy, Cp the heat capacity, Td the ambience temperature, Tf the 

furnace temperature, kg the thermal conductivity of the atomising gas, and d the diameter of 

the particle. 

Eq. (A. 1) indicates that the cooling rate of a particle is inversely proportional to the square 

of its diameter, so small particles experience high cooling rates during gas atomisation, which 

consequently increases the fraction of the amorphous phase. Based on this fact, the fully 

amorphous particles were separated from as-atomised powders using sieves with different 

opening meshes in order to find a particle size below which the powder is completely 

amorphous according to its XRD pattern. Then, the energy released upon heating by fully 

amorphous particles (i.e., the crystallisation enthalpy, ∆HC) and by the as-atomised powder 

(i.e., ∆H) were measured by DSC. Finally, the amorphous fraction (AF) was calculated using 

the following equation [46,48,58]: 

𝐴𝐹 =
Δ𝐻

Δ𝐻𝐶
 (A. 2) 

The possibility of amorphisation is higher in the smallest particles, but in general, it is not 

possible to affirm that every particle containing an amorphous phase is fully amorphous [58]. 

Particles with size near the critical diameter may possess a mixture of amorphous and 

crystalline structures. In the particular case of Fe-Si-B powders, the amount of crystallites in 

the particles with an amorphous phase is minimal [44]; therefore, it can be neglected. Thus, the 

fraction of the amorphous phase calculated from Eq. (A. 2) can be considered equal to the 

fraction of amorphous particles. The critical diameter (dC) was obtained from the cumulative 

particle size distribution of the as-atomised powder, determined by laser diffraction, using the 

AF calculated with Eq. (A. 2), as explained in reference [46]. The critical diameter values are 
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reported in Table 2. The critical cooling rate (RC), also reported in Table 2, was calculated by 

substituting the critical diameter (dC) into Eq. (A. 1): 

𝑅𝐶 ≈ |
12

𝜌 ∙ 𝐶𝑝
∙ (𝑇𝑑 − 𝑇𝑓)

𝑘𝑔

𝑑𝑐
2

| (A. 3) 

The numerical values used in this calculation were Cp = 35 J/(mol∙K) [59], Td = 300 K, Tf 

= 1973 K, kg = 0.150 W/(m∙K) for He [57] and the density of the alloys (ρ) measured by He 

pycnometry (see Table A. 1). 

Table A. 1 Density (ρ) of alloys #1 to 11. 

Alloy Compositions (at.%) ρ (g/cm3) 

1 Fe70Si15B15 6.89 

2 Fe70Si18B12 6.84 

3 Fe72.5Si12.5B15 6.96 

4 Fe75Si5B20 7.20 

5 Fe75Si7.5B17.5 7.07 

6 Fe75Si10B15 7.05 

7 Fe75Si12.5B12.5 7.02 

8 Fe75Si15B10 7.04 

9 Fe77.50Si7.5B15 7.13 

10 Fe80Si5B15 7.26 

11 Fe80Si12B8 7.26 
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Abstract 

The present work demonstrates the high-frequency core loss performance of Fe-based 

amorphous and nanocrystalline powder cores, initially produced by gas atomised powder, 

consolidated using sieved particles ≤ 20 µm, and isolated by a precise insulating layer of 

polymer to limit the inter- and intra-particle eddy currents to attain enhanced performance. The 

large glass forming ability (GFA) of the gas atomised powder, reflected by different glass 

forming instruments, such as the supercooled region (ΔTX = 54 ºC) and the reduced glass 

transition temperature (Trg= 0.56), is consistent with the substantial amorphisation capability 

of the alloy. To the best of our knowledge, this is the first-ever report to reveal a large ΔTX in 

the Finemet-type alloy powders, an essential parameter to gas-atomise the amorphous powders 

with significantly lower cooling rates compared to the melt-spun ribbons. Further, subsequent 

annealing of the amorphous powders, between the exothermic events guided by differential 

scanning calorimetry (DSC), lead to the growth of a fine nanocrystalline structure of grains ≤ 

15 nm, thanks to the positive enthalpy of mixing of Cu with the constituents to act as a 

nucleation agent, to retain the excellent soft magnetic properties. The DC soft magnetic 

properties of the powders were significantly improved on thermal annealing, confirmed by 

hysteretic loops, quantified by reduced coercivity Hc < 80 A/m of annealed powder at < 575 

ºC, and attributed to the reduced magnetoelastic contribution due to zero/near-zero 

magnetostriction anisotropy, attained due to the homogenous nanocrystalline structure. The 

amorphous and nanocrystalline powder cores, consolidated by compression moulding, show 

ultra-high loss performance, due to the ultra-low coercivity attained on nanocrystallisation, and 

negligible eddy currents loss, owning to efficient insulation of small particles, for high-

frequency power conversion applications, such as voltage regulator (VR), and resonant 

converters, in automotive industry and data storage centres. 

Keywords: Gas Atomization, Amorphous and Nanocrystalline Powders, Powder Cores, Core 

Loss, High-frequency. 

1. Introduction 

The high-saturation flux density (Bs > 1.5 T), ultra-low coercivity (Hc < 1 A/m) and high-

permeability (µr > 105) of amorphous and nanocrystalline materials, as compared to soft-
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ferrites (Bs < 0.5 T), makes them a potential candidate for device miniaturisation in high-

frequency power converters, such as voltage regulator (VR) and resonant converters, for 

applications in automotive industry and data storage centres [1,2]. Amorphous and 

nanocrystalline alloys are generally produced in melt-spun ribbon form, well investigated for 

their soft magnetic properties, and commercially available for low-frequency power 

conversion. However, as the device operating frequency (f) approaches MHz range, the eddy 

current loss (Pe α f2) abruptly increases, as compared to the hysteresis loss (Ph α f), and 

consequently, the total core loss (PCV) is dominated by Pe at f > 100 kHz [3]. The large Pe 

significantly deteriorates the soft magnetic properties, resulting in a substantial amount of joule 

heating, that restricts the device design freedom, and hence, limits the high flux concentration 

advantage of amorphous and nanocrystalline materials for high-frequency power applications 

[4]. To overcome the challenge of eddy current loss at MHz switching frequencies, magnetic 

cores made by insulated amorphous and nanocrystalline powders are one of the possible 

solutions, where inter-particle eddy currents can be limited using insulated particles. The 

efficiency of magnetic cores can be further enhanced if ultra-small powder particles (≤ 20 µm) 

are used to avoid the eddy currents inside insulated particles [5–7]. 

Soft magnetic amorphous powders are generally produced by gas atomisation which 

emerged as a novel route for bulk scale amorphous powder production to form complex 

geometries using different consolidation techniques and hence, provides a unique solution to 

overcome the intrinsic problem of low glass forming ability (GFA) of amorphous metals to 

produce in bulk dimensions [8–10]. The gas atomisation consists of breaking a metal stream 

into droplets using a high-velocity gas flow and is a well industrialised mass production method 

[11]. The high velocity of the gas and the small diameter of the droplets (microns range) allow 

rapid solidification of the melt with reasonably high cooling rates to produce amorphous 

powders [12,13]. However, if GFA of the alloys, which is a measure of critical cooling rates to 

produce alloys into amorphous form, is not large enough, it is challenging to produce 

amorphous powders [14]. The production of amorphous metal powders by gas atomisation, 

while retaining their excellent soft magnetic properties, is rather a new area of research and 

hence, provides a potential route to utilise this novel class of materials for a broader range of 

applications, including high-frequency power conversion [15]. 
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The purpose of the present work is as follows; it demonstrates the production of amorphous 

powders by gas atomisation, reveals the high amorphisation capability of the alloy powders, 

shows the grain growth mechanisms of nanocrystallisation, and correlates the structural and 

soft magnetic properties. Finally, it demonstrates the high-frequency core loss mechanisms of 

amorphous and nanocrystalline powder cores, consolidated by compression moulding, using 

precisely isolated ultra-small (≤ 20 µm) powders to overcome the inter- and intra-particle eddy 

currents at various excitation fields. 

2. Materials and methods 

Amorphous (Fe0.725Si0.125B0.150)96.5Nb3.0Cu0.5 (atomic %) composition is based on the ternary 

Fe-Si-B alloy obtained in our previous work [13]. The powder was produced via gas 

atomisation using a convergent-divergent, close-coupled atomiser in an atomisation unit PSI 

model Hermiga 75/3VI. The amount of powder produced was nearly 2.5 kg. Fe (Allied Metal 

Corp.), Si (Cometal S.A.), B (H.C. Starck), Nb and Cu (AMPERE alloys S.A.) of commercial 

purity were melted in an induction furnace under a high purity argon atmosphere. The 

atomisation chamber was evacuated and purged with helium to minimise oxidation. The melt 

pouring temperature was 1700 ºC. The atomising gas was helium at a pressure of 60 bar. The 

particle size distribution of the powders was measured by Sympatec Helos (H 0852) laser 

diffractometer. The true density was measured in a He pycnometer Micromeritics AccuPyc 

1330. 

Isothermal heat treatment of powder was carried out in a conventional laboratory furnace 

(CARBOLITE, RHF 14/35). The powder was sieved ≤ 20 µm, and a 15 g sample was used for 

annealing in an alumina crucible. Before annealing, the chamber was purged with high purity 

argon (H2O ≤ 3 ppm, O2 ≤ 3 ppm CnHm ≤ 3 ppm). The temperature was precisely controlled, 

using a thermocouple, to anneal samples at three different temperatures (525, 575 and 625 ºC) 

for 30 minutes dwell time. 

The isothermally annealed powder of ≤ 20 µm was uniformly mixed with 20 vol.% of 

Araldite AT 1-1 epoxy resin. Toroidal powder cores (~ Ø 22 × ~ Ø 10 × ~t 6.5 mm) were 

prepared by compression moulding. The samples were pressed uniaxially in a Tinius-Olsen 

30T press at 200 MPa using a floating die. Then, the temperature was raised to 120 ºC for 10 
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min. Finally, the sample was cooled down to room temperature, the pressure was released, and 

the compact was ejected from the die by pushing with the upper punch. After shaping the 

toroidal cores, the organic binder was completely cured for 24 hours at 120 ºC under an ambient 

atmosphere. The homogeneous distribution of particles and binder was analysed on a fracture 

surface using field emission gun scanning electron microscopy (FEI Quanta 3D FEG). The 

geometric density of the compacts was calculated from their weight and dimensions. 

Differential scanning calorimetry (DSC) was used to identify the thermal transitions of the 

powders. The DSC experiments were conducted in a TA Instruments DSC 2920, at a heating 

rate of 10 ºC/min under an argon atmosphere, using a powder of ~ 10 mg on a copper pan, 

covered with a copper lid. Particle shape was studied using scanning electron microscopy 

(SEM, Philips XL30CP). The constituent phases were identified via X-ray diffraction (XRD, 

Philips X´pert MRD, Cu-Kα, λ = 1.542 Å). The diffraction angle (2θ) varied from 25º to 90º 

(scanning rate of 0.005 º/s, step size = 0.02º, holding time = 4 sec). Furthermore, the Rietveld 

refinement method was performed, using another refined XRD pattern obtained from Bruker 

D8 Advance A25 diffractometer, to estimate the size and the volume fraction of crystalline 

phases, the detailed procedure is published elsewhere [16]. Thin foils from powders were 

prepared using a focused ion beam (FIB, FEI Quanta 3D FEG) milling instrument by lift-out 

technique. In the first step, a particle of ~ 20 µm was selected, and a Pt line was deposited on 

the surface. Two stair-step FIB trenches were cut on both sides of the Pt line. In the second 

step, the specimen was further thinned to less than 1 µm, and a slice of the specimen was cut 

free. The obtained lamella was removed using a micromanipulator and welded with Pt to a Cu 

grid that was suitable for transmission electron microscopy (TEM) analysis. Final milling < 

100 nm was conducted by employing successively lower voltages of up to 2 kV. The obtained 

specimen was examined by a conventional bright-field imaging TEM microscope (JEOL JEM-

2100F), operated at 200 kV with LaB6 filament. 

The DC magnetic properties of the powders were evaluated using a vibrating sample 

magnetometer (VSM, Quantum Design PPMS-9T, Model P525), calibrated with a 

paramagnetic Dy2O3 standard. The temperature dependence of magnetisation M(T), was 

measured using the magneto-thermo-gravimetric (MTG) technique, and the Curie temperature 

(TC) was calculated using the steepest temperature derivative, dM(T)/dT, the detailed procedure 
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is published elsewhere [17]. The PCV and µr were calculated based on resistance and inductance 

measurements, respectively, of an inductor prototype using LCR meter (Agilent E4980A). The 

prototype windings consist of 30 uniformly distributed copper turns. The measurements were 

conducted at frequencies from 50 kHz to 1 MHz and at four different current levels (25, 50, 

75, and 100 mA). The power loss and permeability of the hollow toroidal plastic core, with the 

same dimensions as air-core, was also measured in order to subtract the copper winding loss. 

Additionally, the high-frequency permeameter (PMM 9G, Ryowa Electronics) was used to 

measure the µr spectrum in the 10-9000 MHz frequency range, using a square sample (4 mm × 

4 mm × 0.5 mm) diced from a consolidated specimen (80 vol.% of powder mixed with 20 

vol.% of epoxy resin). 

3. Results and discussion 

a. Thermal and structural characterisation of the powders  

The gas-atomisation parameters and physical properties of the as-atomised powders (i.e., as 

received after atomisation, before sieving or annealing) are summarised in Table I. A broad 

distribution of particle size was obtained with a 10th percent percentile D10 = 5.1 µm and a 90th 

percent percentile D90 = 60.0 µm. The powder particle was obtained with a median size (D50) 

of 17.5 µm. The apparent density (defined as the mass per unit of volume of loose-packed 

powders) was measured as 35.3% of the true density. The tap density, i.e., the powder’s packing 

ability without applying any pressure, was 68.5% of the true density. 

The fine particle size of atomised powder could be attributed to the high gas pressure 

during the atomisation and use of helium gas (for example, helium velocity is about three times 

higher than argon velocity for the same atomisation pressure) [11]. The high thermal 

conductivity of helium as compared to argon enhances the cooling rate by one order of 

magnitude, helping to obtain the amorphous structure of the powders [12]. The low apparent 

density of powder could be attributed to the ultra-fine nature of the particles due to high inter-

particle friction. The high relative tap density (i.e., the tap density expressed as a percentage of 

the true density) demonstrates that vibrating the powder was significantly effective in 

improving powder packing, which, in other words, indicates the spherical nature of the powder 

produced during the present study. 
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Table I. Atomisation parameters and thermal and physical properties of the as-atomised powder. 

Property   Value 

Mass flow rate of melt (g/s) 17.24 

Mass flow rate of gas (g/s) 12.63 

Gas-metal mass flow rate ratio (GMR) 0.73 

Liquidus temperature (ºC) 1124 

Melt superheat (ºC) 576 

Particle size distribution of as-atomised powder (µm) 

D10 5.1 

D50 17.5 

D90 60.0 

Particle size distribution of the fraction ≤ 20 µm (µm) 

D10 4.3 

D50 9.2 

D90 19.6 

Apparent density (% of true density) 35.3 

Tap density (% of true density) 68.5 

True density (g/cm3) 7.02 

D10: 10th percent percentile; D50: median particle size; D90: 90th percent percentile. 

 

Fig. 1 presents the XRD pattern of the as-atomised powder. A typical broad halo pattern in 

the range 2θ = 35 - 55º, with no distinguishable narrow diffraction peaks, which confirms the 

amorphous nature of the powder. Fig. 1 (inset) shows a secondary electrons image of the as-

atomised powder. The particles were spherical, which is a typical characteristic of the powders 

produced via inert gas atomisation. In addition, the SEM reveals the broad size distribution 

range of the particles. It is worth mentioning that Cu, in the present alloy, has a positive 

enthalpy of mixing with the constituent elements and has a high tendency to start nucleation of 
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crystallites if cooling rates are insufficient during the atomisation process [18]. The XRD and 

SEM confirm that Fe-Si-B-Nb-Cu alloy preserves a tremendous capacity to be produced in 

amorphous spherical particles with a broad particle size (5 - 60 µm) distribution via helium gas 

atomisation with high productivity (1 kg/min) and yield (100%). 

 

Fig. 1. X-ray diffraction pattern (XRD) of the as-atomised (Fe0.725Si0.125B0.150)96.5Nb3.0Cu0.5 

powder. The inset shows the SEM image of the as-atomised powder. 

 

Fig. 2 shows the DSC trace of the as-atomised powder. The small endothermic peak 

observed at 335 ºC corresponds to the TC of the alloy. The change observed in the heat capacity 

at the glass transition temperature Tg = 504 ºC is due to the glass transition. Two different 

exothermic events were distinguished in DSC, where the first peak corresponds to the 

crystallisation of Fe3Si at TX1 = 558 ºC, and the second peak can be ascribed to the precipitation 

of Fe2B at TX2 = 656 ºC [19]. In order to evaluate the GFA of the powders, two different 

parameters, such as supercooled liquid region ∆TX (= TX1 - Tg) and the reduced glass transition 

temperature Trg (= Tg/T1, T1 = liquidus temperature), were calculated from the DSC [20]. The 

large ΔTX = 54 ºC and high Trg = 0.56 confirm the high GFA of the alloy, which is essentially 

required to quench the amorphous alloys at low cooling rates [21,22]. In addition, the 
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amorphous structure of the large particles (60 µm) further justifies the substantial 

amorphisation capability of the alloy. The large ΔTX (i.e., 54 ºC) of Fe-Si-B-Nb-Cu shows high 

thermal stability against crystallisation, which is of significant importance to retain the 

amorphous atomic structure under robust working conditions. To the best of our knowledge, 

this is the first-ever report to reveal a large ΔTX in a Finemet-type powder alloy. 

 

 

 

Fig. 6. Differential scanning calorimetry (DSC) trace of as-atomised sieved 

(Fe0.725Si0.125B0.150)96.5Nb3.0Cu0.5 powder (≤ 20 µm). 

In order to investigate the effect of structural relaxation and nanocrystallisation on the soft 

magnetic properties, the sieved powders ≤ 20 µm were annealed at three different temperatures, 

based on DSC, such as; (a) 525 ºC (below the onset of first crystallisation peak,), (b) 575 ºC 

(at the peak of first exothermic event) and (c) 625 ºC (between first and second exothermic 

event). Fig. 3 shows the XRD patterns of the annealed powders. The XRD analysis of the 

powders annealed at 525 ºC (i.e., the supercooled liquid region) did not show any sign of 

crystallisation; rather, it showed a broad maximum of amorphous structure. The powders 

Fig. 2. Differential scanning calorimetry (DSC) trace of as-atomised sieved 

(Fe0.725Si0.125B0.150)96.5Nb3.0Cu0.5 powder (≤ 20 µm). 
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annealed at 575 ºC and 625 ºC revealed sharp Bragg’s peaks, corresponding to the crystalline 

phase Fe3Si (DO3). The precipitation of Fe3Si phase has been observed in similar alloys and 

reported elsewhere [23]. The size of nanocrystalline grains D, as well as the weight fraction XD 

of Fe3Si phase, were calculated by the Rietveld refinement method and summarised in Table 

II. Annealing at 575 ºC resulted in crystallisation of 23 wt.% of the as-atomised amorphous 

structure, where the precipitated phase was confirmed as Fe3Si with a crystal size of 11.7 nm. 

Increasing the annealing temperature to 625 ºC leads to a slight increment of the crystal size 

(up to 13.4 nm), while the amount of Fe3Si phase increased to ~ 47 wt.%. 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 4 shows the bright field TEM image of 525 ºC, 575 ºC, and 625 ºC annealed powders, 

whereas the inset presents the selected area electron diffraction (SAED) patterns. The TEM of 

the 525 ºC annealed sample revealed a minimal volume fraction of nanocrystals of size ≤ 10 

nm. The anomalous precipitation of the nanocrystalline phase below TX (i.e., 558 ºC) was 

surprising, as a highly dense amorphous atomic structure was anticipated upon structural 

Fig. 3. X-ray diffraction pattern (XRD) of ≤ 20 µm powders annealed at 525 ºC, 575 ºC, and 

625 ºC temperatures for 30 min. Inset shows XRD pattern of high quality of the sample annealed 
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relaxation. Furthermore, no signs of crystallisation were visible for the 525 ºC annealed 

powders by the XRD and SAED patterns, see Fig. 3 and the inset of Fig. 4(a). The 575 and 625 

ºC annealed samples revealed the nanocrystallisation of the Fe3Si phase, and SAED patterns 

from the randomly oriented Fe3Si nanocrystals. Since the alloy contains Cu and Nb, this 

nanocrystallisation was expected after annealing the powder at the first crystallisation peak. Cu 

helps to increase the nucleation sites because Cu-rich clusters are formed during the sample 

heating, and, as a result, a homogeneous crystallisation randomly distributed in the amorphous 

matrix, takes place in Cu depleted zones. On the other hand, Nb hinders nanocrystals growth 

[24] and is so effective that crystal size barely grows even if the annealing temperature is 

increased to 50 ºC above the crystallisation peak temperature (from 575 to 625 ºC). The size of 

the nanocrystals and volume fraction measured by TEM was in good agreement with the XRD 

analysis of the powders shown in Table II. 

The Curie temperature (TC) intrinsically depends on the atomic structure of the magnetic 

material and is a useful instrument to investigate any small structural changes appearing during 

the annealing process of the amorphous alloys. Fig. 5 shows the M(T) of the as-atomised and 

annealed powders. The magnetisation of the as-atomised powders approached zero at TC = 335 

ºC. The single-phase monolithic behaviour of M(T), without showing any “kink” before the 

evolution of the 2nd magnetic phase on crystallisation, confirms the amorphous nature of the 

as-atomised powders [3,17]. The M(T) of the 525 ºC annealed powders exhibited TC = 369 ºC, 

higher than the TC of as-atomised powder. The higher TC of annealed powder could be 

attributed to the enhanced exchange interaction between Fe-Fe atoms, due to the highly-dense 

atomic packing achieved on the structural relaxation of the amorphous phase [13,17,25]. More 

interestingly, the magnetisation of 525 ºC annealed powder never reached zero at TC = 369 ºC; 

rather it approached the temperature where a new magnetic phase precipitated after the 2nd 

exothermic event (see Fig. 2). This behaviour of M(T) is well-known for two-phase magnetic 

materials, where the area under the curve can be utilised to quantify the volume fraction of the 

precipitated phases [17]. The anomalous precipitation of the nanocrystalline phase at 525 ºC 

was not expected since it is well below the crystallisation temperature (TX = 558 ºC, see Fig. 

2) of the powders. The existence of small crystallites observed by the M(T) of 525 ºC annealed 

powder is in good agreement with the high-resolution TEM imaging (see Fig. 4), thanks to the 
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ultra-high sensitivity of the MTG technique to detect the minimal volume fraction of 

nanocrystals, which otherwise is not obvious from conventional diffraction techniques (i.e., 

XRD, SAED). 

 

Fig. 4. Bright-field TEM images of the samples annealed at a) 525 ºC, b) 575 ºC and c) 625 ºC. 

Insets show the selected area electron diffraction (SAED). 

 

Moreover, the M(T) of the 575 ºC annealed powder showed two-phase magnetic behaviour 

by revealing the significant volume fraction of the nanocrystalline phase in the amorphous 

matrix. The TC = 380 ºC of the remaining amorphous matrix was slightly higher than that of 
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the 525 ºC annealed powders. The TC of the nanocrystalline phase in 575 ºC annealed powders 

was measured as 567 ºC. The direct measurement of TC = 567 ºC from the M(T) further 

confirms the presence of the Fe3Si phase, which was initially observed by structural 

investigations (see Fig. 3 and Fog. 4) and agrees with theoretically estimated values for the 

Fe3Si phase [26]. Furthermore, a small peak in the M(T) of 575 ºC annealed powders was 

observed after the TC of Fe3Si phase, which is the same temperature (~ 610 ºC) at which a small 

overlapped peak was emerged in DSC curve (see Fig. 2). The contribution of the new phase 

precipitated at 610 ºC is distinct from M(T) of 625 ºC annealed powders, suggesting a new 

magnetic phase as compared to 525 ºC and 575 ºC annealed powders. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 5. Temperature dependence of magnetisation behaviour M(T) of powders annealed at 525 

ºC, 575 ºC, and 625 ºC for 30 min. The M(T) of the as-atomised powder was presented for 
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b. DC soft magnetic properties of amorphous and nanocrystalline powders 

Fig. 6 shows the hysteresis loop of as-atomised and annealed powders measured at room 

temperature. The soft magnetic behaviour of as-atomised and annealed powders was confirmed 

by the small Hc (see inset in Fig. 6). The magnetic properties obtained from the hysteresis loops 

are summarised in Table III. The Hc of the as-quenched amorphous powder was measured as 

136 A/m, which was reduced to 70 A/m on annealing at 525 ºC (i.e., the temperature in the 

supercooled liquid region). The Hc of powders slightly increased to 72.42 A/m after annealing 

at 575 ºC (i.e., the first crystallisation peak temperature). However, an abrupt increase in the 

Hc = 1153.6 A/m was observed after annealing at 625 ºC. Despite the low Hc of powders 

annealed below 525 ºC, the coercivity is still higher as compared to melt-spun amorphous 

ribbons. The higher Hc of powders could be ascribed to a magnetic surface effect due to the 

large specific surface of gas-atomised powders. 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 6. Hysteresis loop measured at room temperature of the as-atomised and annealed 

powders ≤ 20 µm. Inset shows the magnification at the origin of coordinates. 
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Table II The structural and AC magnetic properties of different magnetic cores. 

Property As-atomised Annealed 30 min 

525 ºC 575 ºC 625 ºC 

ρcore (g/cm3) 5.19 5.11 5.06 5.09 

ρcore (% of theor. dens.) 88.5 87.2 86.3 86.8 

Xv-powder (%) 70.8 69.7 69.0 69.5 

Xv-epoxy (%) 17.7 17.4 17.3 17.4 

Xv-porosity (%) 11.5 12.9 13.7 13.1 

XD (wt. %) - - 23 ~ 47 

D (nm) - - 11.7 13.4 

Core loss (mW/cm3) 1.41 0.64 0.62 0.58 

µr (-) 16.09 15.85 15.30 13.97 

ρcore: core density; Xv-powder: volume fraction of magnetic powder; Xv-epoxy: volume fraction of epoxy resin; 

Xv-porosity: volume fraction of porosity; XD: weight percentage of Fe3Si phase; D: Fe3Si crystallite size; Core loss 

(PCV) at 1 MHz for Bm = 1 mT; µr: relative permeability. 

The Hc of amorphous and nanocrystalline materials depends on effective magnetic 

anisotropy [28]. The high Hc (136 A/m) of the as-atomised powders could be attributed to the 

large residual stress induced due to the nature of the production process. In addition, the large 

magnetostriction constant (λ) of Fe-based amorphous alloys play a vital role in defining the 

high Hc. The soft magnetic properties of amorphous materials can be significantly improved 

by the thermal treatment of the alloys. The annealing can either relax the amorphous atomic 

structure by releasing the residual stress or grow a nanocrystalline structure inside the 

amorphous matrix. The reduced Hc of 525 ºC and 575 ºC annealed powders can be explained 

by the reduction of magnetoelastic anisotropy energy, due to structural relaxation of the 

amorphous phase or precipitation of significant volume fraction of nanocrystalline phase, 

which consequently makes the λ ≈ 0, as confirmed by XRD, TEM, and M(T) analysis (see Fig. 

3, Fig. 4 and Fig. 5). In the case of the nanocrystalline materials, the magnetic softening 

depends on the size, volume fraction, and homogenous distribution of the nanocrystals. In the 

present alloy system, Cu works as a nucleation agent, due to the positive enthalpy of mixing 

with constituent elements, while the Nb works as an inhibitor, due to its large atomic size, to 

control the grain growth process. The nucleation and grain growth process in gas-atomised 

powders resulted in precisely controlled crystallites of ≤ 20 nm grains homogenously 
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distributed in the amorphous matrix, which is of significant importance to attain excellent soft 

magnetic properties and is well explained by Herzer’s random anisotropy model (RAM). 

According to the RAM model, the local magnetic anisotropies (mainly of magnetocrystalline 

nature) of nanocrystalline grains are randomly averaged out since the ferromagnetic correlation 

exchange length (Lex ~ 35 nm for α-Fe grains) is larger than the size of nanocrystals (D) 

embedded homogeneously in the amorphous matrix. The RAM model was initially proposed 

for amorphous materials [29], and later extended to nanocrystalline alloys under the assumption 

that Lex > D [28]. Further, deterioration in soft magnetic properties of the powders annealed at 

625 ºC (i.e., Hc = 1153.6 A/m) could be ascribed to the precipitation of borides. The DSC trace 

in Fig. 2 shows a small overlapped peak at ~ 610 ºC that could be due to the precipitation of 

the metastable phase Fe3B or the stable phase Fe2B [30]. The precipitation of borides in 

powders annealed at 625 ºC was also observed in M(T) curves (see Fig. 5). Furthermore, a 

high-resolution XRD was performed on the 625 ºC annealed powders, where the formation of 

a stable Fe2B phase was confirmed (see inset in Fig. 3) [31]. It was believed that the high Hc of 

the 625 ºC annealed powders is due to the Fe2B phase, which contains significantly high 

magnetocrystalline anisotropy and cannot be averaged out even though the grain size of Fe3Si 

remains 13.4 nm and hence, does not follow the RAM model [32]. 

Moreover, the distribution of the anisotropy field was analysed to confirm the magnetic 

softening of amorphous and annealed powders [27]. The average anisotropy field, <Hk>, of 

as-atomised powders reduced from 165.6 to 161.6 kA/m after annealing at 525 ºC and then 

increased to 163.2 kA/m for 575 ºC annealed powders (see Table III). The full width at half 

maximum (FWHM) of the anisotropy field distribution of amorphous and annealed powders 

are summarised in Table III. The smaller FWHM of 525 ºC and 575 ºC annealed powders, as 

compared to as-atomised, confirmed the magnetic softening achieved after annealing. 

However, large <Hk> and FWHM of 625 ºC annealed powders could be associated with the 

deteriorated soft magnetic properties due to the precipitation of borides during the annealing. 

The hysteresis loops presented in Fig. 6 were used to measure the saturation magnetisation 

Ms of the powders. The Ms = 112 emu/g of the as-atomised powder increased to 132 - 134 

emu/g after annealing. The increase in Ms values can be understood in terms of the two different 

contributions coming from the relative volume fractions of the crystalline phase Fe3Si and the 
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remaining amorphous phase [33]. The three annealed powders have a close value of Ms, despite 

that the weight fraction of Fe3Si ranges between 0 and 47 wt.%, which shows that Ms is 

somewhat similar to the amorphous relaxed phase and Fe3Si. 

c. Core fabrication and high-frequency soft magnetic properties  

The magnetic cores were fabricated by mixing the as-atomised or annealed powder (≤ 20 µm) 

with 20 vol.% of the resin, the detailed procedure is explained in section 2. Fig. 7 shows a 

typical SEM image of the fractured surface of the core, while the inset illustrates an optical 

image of the core. The SEM analysis confirmed the homogeneous distribution of organic 

binder and powder particles. In fact, a thin layer of epoxy worked as an insulating coating 

around particles. The presence of an organic insulating film at the contact area between 

magnetic particles, compressed at high pressure (200 MPa) and temperature (120 ºC), cannot 

be directly observed with SEM technique. However, its presence with a thickness of < 100 Å 

has been demonstrated by X-ray photoelectron spectroscopy during the uniaxial pressing of 

iron compacts at 600 MPa [34]. Consequently, it appears that such an insulating film subsists 

in the present case. The insulating layer helps to reduce the inter-particle eddy current and, 

consequently, the associated core loss. 

 

Fig. 7. Representative SEM image of magnetic core annealed at 575 ºC for 30 min. The 

inset shows an optical image of the core. 
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From the true density of the magnetic powder (7.02 g/cm3) and epoxy resin (1.25 g/cm3), 

the theoretical density of the mix with 20 vol.% of the organic binder was calculated to be 5.87 

g/cm3. The geometric density of the cores (ρcore, in g/cm3 and as % of the theoretical density of 

the mix), as well as the volume fraction of magnetic powder (Xv-powder), resin (Xv-epoxy) and 

porosity (Xv-porosity), are summarised in Table II. The volume fraction of magnetic powder was 

higher than the relative tap density due to the applied pressure during moulding. The brittle 

nature of the amorphous powders does not allow particles to flow plastically, and consequently, 

only a marginal increment of the volume fraction of magnetic powder above the relative tap 

density was observed. 

 

Table III Magnetic properties of as-atomised and annealed powers. 

Property As-atomised Annealed 30 min 

525 ºC 575 ºC 625 ºC 

Hc (A/m) 136 70 72.42 1153.6 

Ms (emu/g) 112 134 132 133 

<Hk> (kA/m) 165.6 161.6 163.2 172 

FWHM (kA/m) 94.30 76 78.94 98.84 

HC: coercivity obtained from the hysteresis loop; MS: saturation magnetisation; <Hk>: average 

anisotropy field, calculated as the H field of the maximum value of the anisotropy field distribution 

P(HK) [27]; FWHM: full width at half maximum of the anisotropy field distribution. 

 

Fig. 8 shows the materials loss performance at different frequencies and excitation fields 

of cores made by as-atomised and annealed powders. The materials loss can be broadly divided 

into three categories, such as hysteresis loss (Ph), eddy current loss (Pe), and anomalous loss 

(Pan) [5]. The total PCV can be written as: 

𝑃𝐶𝑉 = 𝑃ℎ + 𝑃𝑒 + 𝑃𝑎𝑛 (1) 

The Ph in powder cores is generally dominant at low frequencies, whereas the Pe and Pan 

become significant at higher frequencies [35]. Fig. 8 (a) shows the core loss performance of 
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the as-atomised and annealed cores as a function of frequency at different excitations (Bm = 0.5 

- 1 mT). The core loss of as-atomised powder cores was significantly higher in the entire 

frequency spectrum (50 kHz - 1000 kHz). The high core loss of the as-atomised powder core 

can be associated with the dominant Ph due to the substantial magnetoelastic contributions, 

intrinsically associated with the high saturation magnetostriction (λ = 10 - 30 × 10-6) of Fe-

based amorphous alloys [36]. In addition, a marginal increment in the frequency-dependent 

slope of core loss suggests the dominant loss appears from the hysteresis contributions at low 

frequencies and remained significant up to the MHz range. The core loss performance 

significantly improved after annealing at 525 ºC, 575 ºC, and 625 ºC. The improved loss 

performance of annealed cores can be associated with the reduced magnetoelastic 

contributions, due to zero/near-zero λ, achieved on the growth of homogeneously dispersed 

nanocrystalline structure [32,37]. The slopes of the core loss behaviour of annealed cores 

became steeper as compared to as-atomised cores, suggesting the frequency dependent 

dynamic mode of the aforementioned loss components. 

The dynamic mode of loss components in powder cores is evident from the crossover and 

immediate increase in the slope of core loss when frequency approaches the MHz range. For 

example, 525 ºC annealed cores exhibit the best loss performance, as compared to the other 

nanocrystalline cores, at f = 50 - 200 kHz (Bm = 0.5 T), could be associated with the ultra-low 

Ph due to small Hc = 70 A/m (see Table II and Fig. 6). However, when f approaches ≥ 200 kHz, 

the loss of the 525 ºC core increases and becomes higher than the loss of 625 ºC annealed cores 

(see Fig. 8). The higher core loss of 525 ºC annealed cores, as compared to 625 ºC, at f ≥ 200 

kHz could be attributed to the transition in dominant loss mechanisms as a function of 

frequency. It is believed that the intra-particle Pe in 525 ºC annealed cores was higher as 

compared to 625 ºC annealed cores at f  ≥ 200 kHz, and hence, the overall loss of 525 ºC cores 

increased. The eddy current loss depends on the resistivity and size of the powder particles. 

While having a similar size of powder for both cores, it seems that the resistivity of the 

nanocrystalline powder was higher than 525 ºC annealed powders. The high resistivity of two-

phase nanocrystalline materials, as compared to amorphous metals, is expected due to the 

complex electron scattering mechanism at the interface of grain boundaries between 

amorphous and nanocrystalline phases. A similar crossover was observed in the loss 
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performance of the 525 and 625 ºC annealed cores at Bm = 0.1 T, but at a comparatively lower 

frequency (f = 110 kHz). Furthermore, an abrupt change in the slopes of the core loss 

performance of all cores was observed at 500 kHz. The change in the slopes might be due to a 

capacitive coupling effect that promotes displacement currents between the particles through 

the resin so that the overall material loss is abruptly increased. It is suggested that the inter-

particle displacement current, which emerged due to capacitive coupling, can be reduced by 

the coating of individual powder particles or by increasing the volume fraction of the resin 

[38]. 

 

 

Fig. 8 shows the high-frequency permeability spectrum of 575 ºC annealed powders. 

Remarkably, 575 ºC annealed powders revealed a very stable permeability behaviour with a 

ferromagnetic resonance at f = 3 GHz, which suggests that the operational frequency range of 

these cores can reach up to several hundreds of MHz. 

 

 

Fig. 8. Core loss (Pcv) of the samples as-atomised and annealed at 525, 575, and 625 ºC for 30 

min. a) Core loss for different frequencies (f) at two magnetic flux densities (Bm = 1 and 0.5 mT); 

b) Core loss for different magnetic flux densities at three different frequencies (f = 100 kHz, 500 

kHz and 1 MHz). 
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4. Conclusions 

Amorphous powders of (Fe0.725Si0.125B0.150)96.5Nb3.0Cu0.5 alloy were successfully produced via 

helium gas atomisation, and subsequently annealed to grow nanocrystalline structures to attain 

excellent core loss performance. The thermal analysis of the amorphous powders showed high 

GFA, as confirmed by different glass forming parameters such as supercooled region (ΔTX = 

54 ºC) and reduced glass transition temperature (Trg = 0.56). The high amorphisation capability 

of the alloy was further justified by the amorphous nature of the broad size distribution (5 - 60 

µm) of the powder. Two exothermic events in the DSC were used as a guide for the selection 

of the annealing temperatures to grow the soft magnetic nanocrystalline structure. The 

annealing at 525 ºC (i.e., < TX1) resulted in the anomalous crystallisation, which was 

unexpected due to the large ΔTX of the alloy, and experimentally confirmed by M(T) 

Fig. 9. Normalised complex permeability (µ’-µ’’) at high frequencies of the core annealed at 

575 ºC for 30 min. 
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experiments, thanks to its ultra-high sensitivity, which otherwise is challenging by 

conventional diffraction techniques (i.e., XRD, SAED). Further annealing of powders at 575 

ºC (i.e., > TX1) precipitated the nanocrystalline Fe3Si phase of 23 wt.%, being the average 

crystallite size of 11.7 nm. The homogeneous distribution of nanocrystalline grains in the 

amorphous matrix, confirmed by XRD and TEM, revealed the effective role of Cu, as a 

nucleation agent, and Nb, as an inhibitor, to control the nucleation and grain growth dynamic 

in the powders.  

The DC soft magnetic properties of the powders were significantly improved on thermal 

annealing, confirmed by hysteretic loops, quantified by reduced Hc < 80 A/m of powders 

annealed at ≤ 575 ºC, and hence, attributed to the reduced magnetoelastic contribution due to 

zero/near-zero magnetostriction anisotropy attained due to the homogenous nanocrystalline 

structure. A degradation in Hc  = 1153.6 A/m after annealing at 625 ºC, despite having ultra-

fine nanocrystalline grains (< 15 nm) to follow the Herzer’s RAM, shows the non-vanishing 

effective magnetocrystalline anisotropy of minimal boride phases. Last but not least, high-

frequency core loss performance of the nanocrystalline cores significantly improved, as 

compared to as-atomised powder cores, and ascribed to the significant reduction of the 

hysteresis loss contribution due to aforementioned vanishing magnetoelastic anisotropy 

energies. The dynamic mode of loss components in nanocrystalline powder cores revealed the 

change of dominant loss mechanism as a function of frequency, and hence, displacement 

currents, due to capacitive coupling, abruptly increase the loss when frequency approaches 

MHz range. The ease of powder atomisation, high GFA of the alloy composition, and 

controlled nanocrystallisation capability to retain excellent core loss performance makes the 

materials ideal candidates for high-frequency power conversions, such as voltage regulators 

and resonant converters, for the automotive industry and data centres. 
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